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Preface 
 
 

Regular traditional conference on Metallography, Fractography, and Materials Science 
“Metallography & Fractography 2025” took place between 23rd – 25th April 2025 in the High Tatra 
Mountains in the Slovak Republic. The tradition of this conference was established by Professor Ivan 
Hrivňák, the founder of physical metallurgy in Slovakia. The conference was established in 1969 and 
is organized in the three-year interval. The actual edition was the 19th already. 

The conference has been featured as an important event for the presentation of results achieved 
in materials science and engineering. The conference focus widened long ago to cover not only the 
field of metal materials but also numerous modern materials and technologies as well. The conference 
participants come from universities, academic research institutions, and different branches of industry 
not only from all corners of Europe but from overseas as well with an interest in materials science 
and engineering. The conference has also strong support from companies which are experts in the 
unique experimental equipment. Exhibitions of instruments and equipment make it possible for the 
participants to acquaint themselves with recent achievements in research and investigation 
technology. The conference's ambition is regularly to expand the program to cover new approaches, 
new advanced materials, and technologies, new findings in fundamental research and practical 
production as well as to intensify international contacts. 

We are very grateful to all authors who presented their actual research in the form of invited 
papers, lectures, and posters. The papers presented at the conference reflect the actual state of 
knowledge and the most important subjects that materials science deals with. Our special thanks are 
going to the Chairmen of the International Scientific Committee and to all members of this Committee 
for their help and advice in preparing the conference. One big thank is also due to all the session 
chairs, who directed the program. We also would like to acknowledge the work of all reviewers for 
their skilled and responsible judgment of all manuscripts to improve the scientific quality of submitted 
papers. We would like particularly obliged to the members of the Organizing Committee for their 
practical help in preparing the conference and the Proceedings. We also appreciate the publishers of 
this journal for their support in the preparation of the Proceedings. 

We are also very grateful to Peter Mésároš, Rector of the Technical University of Košice, Pavol 
Hvizdoš, Director of the Institute of Materials Research of Slovak Academy of Sciences, Karel Saksl, 
Dean of the Faculty of Materials, Metallurgy and Recycling of the Technical University of Košice, 
and Alica Mašlejová, Head of the Institute of Materials, Faculty of Materials, Metallurgy and 
Recycling at the Technical University of Košice, for their help during the conference preparation.  

We would like to acknowledge the assistance and support that we received from all co-
organizers, several individuals, and organizations in the preparation of this symposium.  

The success of this conference first depended on the quality of the research of all participants 
and their enthusiasm for topics of metallography, fractography, and materials science. Therefore, we 
would like to thank all the participants for contributing to the fruitful and convivial atmosphere of the 
conference which also implies the stimulating and fascinating surroundings of the conference locality 
in Nový Smokovec, the heart of the High Tatras Mountains. 

 
 

Košice, December 2025 
 

Peter Horňak and Miloš Matvija  
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CHAPTER 1:

Plasma Nitriding of Stainless Steels



Effects of Gas Composition and Gas Pressure on Plasma Nitriding of 
Ferritic Stainless Steel Using 304 Stainless Steel Screen 

Akio Nishimoto1,a*, Ojiro Kishimoto2,b and Daichi Tanaka1,c 
1Department of Chemistry and Materials Engineering, Faculty of Chemistry, Materials and 

Bioengineering, Kansai University, 3-3-35 Yamate-cho, Suita, Osaka 564-8680, Japan 
2Graduate School of Science and Engineering, Kansai University, Osaka 564-8680, Japan 

a*akionisi@kansai-u.ac.jp, bk479920@kansai-u.ac.jp, cd.tanaka141010.d@gmail.com 

Keywords: plasma nitriding, stainless steel, screen-assisted direct current plasma nitriding, gas 
pressure, ferritic stainless steel, surface engineering. 

Abstract. Conventional plasma nitriding can induce defects due to direct plasma formation on the 
surface of the treated material. To address this issue, the screen-assisted direct current plasma 
nitriding (S-DCPN) method was developed, which generates plasma on both the sample and a 
surrounding screen, thereby reducing such defects. In this study, S-DCPN was applied to ferritic 
stainless steel (SUS430) using austenitic stainless steel (SUS304) as the screen material. Treatments 
were performed at 633 K for 15 hours under gas pressures of 200 and 600 Pa, with varying gas 
compositions of 75 % N2 – 25 % H2, 50 % N2 – 50 % H2, and 25 % N2 – 75 % H2. To evaluate the 
effects of gas composition and pressure, a range of analyses was conducted, including X-ray 
diffraction (XRD), cross-sectional microstructural observations, glow discharge optical emission 
spectrometry (GD-OES), hardness testing, and corrosion testing. The results revealed the formation 
of the αN phase, a supersaturated solid solution of nitrogen in ferrite, under all conditions. Nitrogen 
diffusion and surface hardness increased with higher hydrogen content, and corrosion resistance was 
notably enhanced under the 25 % N2 – 75 % H2 condition. These findings demonstrate the 
effectiveness of S-DCPN in improving the surface properties of ferritic stainless steel while 
maintaining or enhancing corrosion resistance. 

Introduction 
In recent years, low-temperature nitriding has attracted global attention as an effective surface 

modification technique for stainless steel. Nitriding improves the surface hardness of metallic 
materials by enabling nitrogen to diffuse into the surface, forming nitrides or a supersaturated solid 
solution of nitrogen into the metal matrix [1–3]. This process enhances hardness, corrosion resistance, 
wear resistance, and fatigue strength. Common nitriding methods include gas nitriding using 
ammonia, salt-bath nitriding using cyanide-based salts, and plasma nitriding, which employs glow 
discharge in a low vacuum with nitrogen-containing gas. Among these, plasma nitriding is considered 
energy-efficient and time-saving due to the active nitrogen species involved [1, 2, 4–10]. 

In conventional DC plasma nitriding (DCPN), plasma forms directly on the material surface by 
applying a high cathode voltage. However, this can lead to non-uniform nitriding, melting, or 
localized defects due to abnormal discharges and edge effects [11–17]. To address these issues, 
screen-assisted DCPN (S-DCPN) was developed. In this method, a metal mesh screen surrounds the 
sample, and plasma is generated on both the screen and the sample surfaces. The plasma near the 
screen contains nitrogen molecules, radicals, ions, hydrogen-related radicals (e.g., NiHj), and 
electrons. According to the sputtering and deposition mechanism [14, 18–20], metal atoms ejected 
from the screen by nitrogen ion bombardment combine with nitrogen radicals to form metal nitrides 
(MNs), which are then deposited onto the sample surface. These MNs decompose into lower-
nitrogen-content nitrides (MXN), releasing nitrogen that diffuses into the sample and contributes to 
nitriding. For instance, in iron nitrides, nitrogen is released during the sequential decomposition of 
FeN → ε-Fe2-3N → γ'-Fe4N → Fe, allowing further diffusion. However, excessive MN deposition 
over time may hinder nitrogen diffusion [21–24]. 
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To counter this, voltage is also applied to the sample in the S-DCPN process to remove surface 
deposits. The screen additionally serves as a radiant heat source and reduces the cathode voltage 
applied to the sample, thereby mitigating edge effects typical in conventional DCPN [25]. 

Stainless steels are widely used due to their excellent corrosion resistance. They are classified as 
austenitic, ferritic, martensitic, duplex, and precipitation-hardening types, each with distinct 
mechanical and corrosion properties. While many studies have investigated low-temperature nitriding 
of austenitic stainless steels, research on ferritic and duplex types remains limited. In ferritic stainless 
steels, low-temperature nitriding typically results in the formation of an expanded ferrite (αN or Sα) 
phase, where nitrogen is supersaturated in the α-Fe matrix [26, 27]. 

In a previous study, ferritic stainless steel SUS430 was treated by DCPN and active screen plasma 
nitriding (ASPN) using an austenitic stainless steel SUS304 screen. XRD analysis revealed αN phase 
peaks at 623 K and 673 K on the DCPN-treated sample edges, and at 673 K and 723 K for ASPN-
treated samples. CrN precipitation was observed at temperatures above 723 K at the DCPN center, 
above 623 K at the DCPN edges, and above 723 K in ASPN-treated specimens. As a result, the 
DCPN-treated samples exhibited lower pitting corrosion resistance due to CrN formation at all 
temperatures. In contrast, ASPN-treated samples generally showed improved corrosion resistance 
compared to untreated material, except at 623 K. The highest corrosion resistance was observed at 
673 K due to αN phase formation, while CrN precipitation above 723 K reduced it [28]. 

Extended low-temperature nitriding (633–653 K for 15 hours) has been shown to increase hardness 
and improve corrosion resistance. However, treatment temperature and time significantly influence 
the nitrided layer, and further investigation is needed due to the limited number of studies. Notably, 
previous reports suggest that gas composition and pressure strongly affect nitriding behavior and the 
resulting layer properties [29, 30]. Therefore, this study investigates the effects of gas composition 
and pressure on the S-DCPN treatment of SUS430 at 633 K for 15 hours to identify optimal nitriding 
conditions for ferritic stainless steel. 

Experimental Procedure 
Experimental Samples. 
Ferritic stainless steel SUS430 was used as the test material in this study. The SUS430 samples were 
cut from 25 mm-diameter bars into 5 mm-thick disks. The top surface of each sample was wet-
polished using #220 to #2000 grit abrasive paper, followed by buffing to a mirror finish with alumina 
powder having a particle diameter of 1 μm. 
Plasma Nitriding. 
Plasma nitriding was carried out using a DC plasma nitriding unit (JIN-1S, NDK Inc.). The screen 
was made of expanded metal mesh using austenitic stainless steel SUS304, with a diameter of 150 
mm and a height of 60 mm. The following procedure was used for S-DCPN treatment. After aligning 
a radiation thermometer with the sample, the furnace was evacuated to a pressure below 10 Pa using 
a vacuum pump. A gas mixture, 75 % N2 – 25 % H2 (N2:H2 = 3:1), 50 % N2 – 50 % H2 (N2:H2 = 1:1), 
or 25 % N2 – 75 % H2 (N2:H2 = 1:3), was introduced into the ballast tank and exhausted 
simultaneously to maintain the desired furnace pressure (200 Pa or 600 Pa). A glow discharge was 
then generated between the sample stage, the metal screen, and the furnace wall to raise the processing 
temperature. Once the sample temperature reached the target value of 633 K, S-DCPN treatment was 
carried out for 15 hours. After nitriding, the gas supply was maintained until the sample cooled to 
room temperature, at which point air was introduced into the furnace for sample removal. 
Evaluation Method. 
To evaluate the effects of low-temperature nitriding on ferritic stainless steel, the following analyses 
were performed: X-ray diffraction (XRD), cross-sectional microstructure observation, glow 
discharge optical emission spectrometry (GD-OES), hardness testing, and corrosion testing. XRD 
analysis was conducted using a fully automated horizontal multipurpose diffractometer, with Cu-Kα 
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radiation (λ = 0.15405 nm) at 40 kV and 200 mA. For cross-sectional observation, the nitrided 
samples were cut perpendicular to the surface, etched with 0.67 % CuCl₂ hydrochloric acid solution, 
and examined using an optical microscope once the microstructure became visible. 

GD-OES analysis was carried out using a Marcus-type high-frequency glow-discharge optical 
emission spectrometer to evaluate the depth profiles of elemental distribution. Hardness testing was 
conducted with a micro-Vickers tester to compare surface and cross-sectional hardness values. For 
corrosion testing, the nitrided sample was spot-welded to SUS304 lead wires and masked with Teflon 
tape, leaving a 6 mm-diameter exposed area. A 3.5 mass% NaCl solution was used as the electrolyte, 
with Ag/AgCl as the reference electrode and Pt as the counter electrode. The potential was swept 
from −1.0 V to +1.5 V using a potentiostat, and the resulting current was recorded using a data logger. 

Results and Discussion 
Figure 1 shows the XRD results of the S-DCPN-treated specimens. Diffraction lines corresponding 

to the αN phase, a supersaturated solid solution of nitrogen in the ferrite phase, were observed under 
all treatment conditions. In each case, the diffraction peaks were shifted to lower angles compared to 
those of the untreated samples, indicating lattice expansion [31]. Furthermore, the formation of 
ε-Fe2N and Cr2N phases was confirmed in the 25 % N2 – 75 % H2 samples. Figure 2 further 
demonstrates that the lattice expansion ratio of the αN phase at the surface increased with a higher 
hydrogen ratio in the process gas. The variation in lattice expansion observed at different process gas 
pressures is likely attributed to differences in nitrogen solubility near the sample surface, as well as 
the size and quantity of surface deposits formed during treatment. 

  
Fig. 1. XRD pattern of SUS430 sample treated 

by S-DCPN. 
Fig. 2. Expansion ratio of αN phase of SUS430 

sample treated by S-DCPN. 
Figure 3 shows the results of GD-OES measurements of the nitrogen diffusion zone of SUS430 

treated with S-DCPN. The data indicate that the nitrogen concentration near the surface, the depth of 
nitrogen diffusion, the nitrogen content at a given depth, and the overall nitrogen-enriched region 
increased with higher hydrogen content in the process gas.  The near-surface nitrogen concentrations 
were 10.3 at% for the 200 Pa, 75 % N2 – 25 % H2 sample, 15.7 at% for the 200 Pa, 50 % N2 – 50 % 
H2 sample, and 33.4 at% for the 200 Pa, 25 % N2 – 75 % H2 sample. Similarly, the values were 11.9 
at% for the 600 Pa, 75 % N2 – 25 % H2 sample, 17.6 at% for the 600 Pa, 50 % N2 – 50 % H2 sample, 
and 30.2 at% for the 600 Pa, 25 % N2 – 75 % H2 sample. The corresponding nitrogen diffusion depths 
were 50.25 μm, 6.93 μm, and 12.11 μm for the 200 Pa samples with 75 % N2 – 25 % H2, 50 % N2 – 
50 % H2, and 25 % N2 – 75 % H2, respectively, and 5.1 μm, 6.7 μm, and 11.9 μm for the 600 Pa 
samples with the same respective gas compositions. These results suggest that the increased hydrogen 
content enhances the contribution of hydrogen ions in the plasma, which improves surface cleaning 
and activation via reduction effects, thereby facilitating nitrogen absorption and diffusion. 
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Furthermore, the higher hydrogen ratio is likely to promote the formation of NH radicals such as 
NiHj, which may further enhance the nitriding effect. 

Figure 4 presents the results of the hardness tests. The surface hardness of all S-DCPN-treated 
samples increased compared to that of the untreated sample. This increase can be attributed to lattice 
distortions caused by the substitution of different elements in the solid solution. Such distortions make 
it more difficult for dislocations to move, as more energy is required to shift distorted lattice planes 
than uniform atomic planes [32]. Both the surface hardness and the depth of the hardened layer 
increased with higher hydrogen content in the process gas. In general, it is reported that hardness 
increases due to the formation of Fe nitrides and Cr nitrides [28, 33]. In the present results as well, as 
shown by the XRD result in Fig. 1, ε-Fe2N and Cr2N were formed in the 25 % N2 – 75 % H2 sample, 
leading to a higher nitrogen concentration in the interior and an improvement in the hardness inside 
the specimen. As shown in the GD-OES results in Fig. 3, increasing the hydrogen ratio led to higher 
nitrogen concentrations and deeper nitrogen-enriched regions, which likely contributed to the 
enhanced hardness through greater nitrogen diffusion into the substrate. 

  
Fig. 3. GD-OES nitrogen profile of SUS430 

sample treated by S-DCPN. 
Fig. 4. Cross-sectional hardness profile of 

SUS430 sample treated by S-DCPN. 
Figure 5 shows the cross-sectional microstructures observed by optical microscopy. A white layer, 

indicative of excellent corrosion resistance, was observed in the cross sections of samples treated with 
S-DCPN at 200 Pa and 600 Pa under gas compositions of 50 % N2 – 50 % H2 and 25 % N2 – 75 % 
H2. The thicknesses of this surface layer were approximately 6.1 μm for the 200 Pa, 50% N2 – 50 % 
H2 sample, 12.0 μm for the 200 Pa, 25 % N2 – 75 % H2 sample, 7.2 μm for the 600 Pa, 50 % N2 – 50 
% H₂ sample, and 10.4 μm for the 600 Pa, 25 % N2 – 75 % H2 sample. These results indicate that the 
thickness of the nitrided layer increased with a higher hydrogen ratio in the process gas. This trend is 
consistent with the results shown in Fig. 3, where the nitrogen concentration and diffusion depth also 
increased with increasing hydrogen content. In contrast, no distinct white layer was observed in the 
sample treated with 75 % N2 – 25 % H2 at either pressure, indicating that a sufficient nitrided layer 
did not form. In this case, the αN phase, a supersaturated solid solution of nitrogen in the ferrite phase, 
is believed to have formed only in a very shallow region near the surface. Moreover, iron nitride 
precipitates were observed within the αN phase in the 75 % N2 – 25 % H2 sample, suggesting 
insufficient nitrogen diffusion and incorporation. 
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Fig. 5. Cross-sectional microstructure of SUS430 sample treated by S-DCPN. 

Figure 6 shows the results of polarization tests conducted on S-DCPN-treated samples in a 3.5 
mass% NaCl solution, and Fig. 7 presents the corresponding pitting corrosion potentials derived from 
the polarization curves. As shown in Fig. 6, the increase in current density with increasing voltage 
was suppressed in all S-DCPN-treated samples compared to the untreated sample, indicating 
improved pitting corrosion resistance. Based on the XRD results presented in Fig. 1, this improvement 
can be attributed to the formation of a supersaturated solid solution of nitrogen in the ferrite phase 
under all treatment conditions. This nitrogen species, present in the nitrided layer, participates in the 
following reaction (Equation 1), which suppresses the formation of a localized low pH and chloride-
rich (Cl⁻) environment at the steel surface [34, 35]: 
N + 4 H+ + 3e- → NH4

+                                                                                                                (1) 
Moreover, it was observed that the rate of current density increase with voltage gradually 

decreased as the hydrogen content in the process gas increased. This trend is consistent with the GD-
OES results shown in Fig. 3, where increased hydrogen content promoted greater nitrogen diffusion 
into the substrate. The pitting potentials extracted from the polarization curves are shown in Fig. 7. 
Samples treated at 200 Pa and 600 Pa with gas compositions of 75 % N2 – 25 % H2 and 50 % N2 – 
50 % H2 exhibited little difference in pitting potential compared to the untreated sample, with the 75 
% N2 – 25 % H2 samples showing slightly lower corrosion resistance. This may be due to non-uniform 
nitrided layer formation under this gas composition. In contrast, the sample treated with 25 % N2 – 
75 % H2 exhibited a significantly higher pitting corrosion potential than the untreated sample, 
indicating a marked improvement in corrosion resistance. The enhancement is likely due to increased 
nitrided layer thickness and the formation of ε-Fe2N and Cr2N compounds, both of which were 
promoted by the higher hydrogen content in the process gas. 

  
Fig. 6. Polarization curve in the 3.5 mass% 

NaCl of SUS430 sample treated by S-DCPN. 
Fig. 7. Pitting corrosion potential of SUS430 of 

treated by S-DCPN. 
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Conclusion 
To clarify the optimal nitriding conditions for ferritic stainless steel SUS430, S-DCPN treatments 

were conducted at gas pressures of 200 and 600 Pa, treatment temperature of 633 K, treatment time 
of 15 hours, and under three gas compositions: 75 % N2 – 25 % H2, 50 % N2 – 50 % H2, and 25 % N2 
– 75 % H₂. An austenitic stainless steel screen was used to assist plasma generation during the 
treatments. The following conclusions were drawn from the study: 
(1) X-ray diffraction analysis confirmed the presence of the αN phase, a supersaturated solid solution 

of nitrogen in the ferrite phase, under all treatment conditions. In the 25 % N2 – 75 % H2 sample, 
diffraction lines of iron nitride and chromium nitride precipitates were also observed. 

(2) Cross-sectional microstructural observations revealed αN phase layers with excellent corrosion 
resistance in the samples treated with 75 % N2 – 25 % H2 and 50 % N2 – 50 % H2 gas 
compositions. 

(3) GD-OES measurements showed that increasing the hydrogen content in the process gas led to 
higher nitrogen concentration near the sample surface, deeper nitrogen diffusion, increased 
nitrogen content at equivalent depths, and broader nitrogen-enriched zones. 

(4) Hardness testing demonstrated that all S-DCPN-treated samples exhibited increased surface 
hardness compared to the untreated sample. Moreover, both the hardness value and the depth of 
the hardened layer increased with higher hydrogen content in the process gas. 

(5) Corrosion testing revealed improved pitting corrosion resistance in all treated samples, evidenced 
by a reduced rate of current density increase with rising voltage compared to the untreated 
material. This improvement became more pronounced with higher hydrogen content. Notably, 
the pitting corrosion potential was significantly enhanced in the sample treated with 25 % N2 – 
75 % H2. 
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Abstract. The purpose of this study is to clarify the mechanical properties of the expanded austenite 
(S phase) formed in austenitic stainless steel (ASS). A small thin rolled plate of SUS304 with 0.5 mm 
thickness was used as test sample. The test sample was nitrided by active screen plasma nitriding 
(ASPN) at low processing temperature of 400 °C and 450 °C during 4 hrs. processing time. S phase 
was formed on the surface of the test sample. The surface hardness of ASPN sample was higher than 
that of untreated sample. Furthermore, tensile tests and fracture surface observations revealed that the 
tensile strength was also improved compared to untreated samples. 

Introduction 

Austenitic stainless steel (ASS) takes advantage of its high functionality, excellent corrosion 
resistance, ductility, and durability, and is used in a wide range of fields such as power generation, 
chemical and food industries, household goods, building materials, and automobile parts. However, 
ASS has limitations such as low hardness, low bending rigidity, and low wear resistance. Surface 
hardening treatments such as nitriding improve mechanical properties, expanding the range of 
applications for fine and precision machining.  

Plasma nitriding and carburizing treatments are considered suitable for surface modification of 
ASS, which has a strong passive film, since they can remove the oxide film on the surface of the 
treated object using sputtering effects. However, corrosion resistance can be significantly reduced at 
high temperatures. Decreasing corrosion resistance can be prevented by lowering the processing 
temperature to 698 K or less. The nitrided and carburized layer with hardness and corrosion resistance 
produced by low-temperature treatment is called "expanded austenite, γN" or "S phase" [1, 2].  

Although many research has been investigated the formation of the S phase and its properties, 
there are still some aspects that are not clear regarding the mechanical properties of the S phase [1–
4]. Active screen plasma nitriding (ASPN) and carburizing (ASPC) is an excellent method for 
generating active species and producing a uniform heated area [5–6].  

In this study, low-temperature ASPN are applied to small thin ASS rolled plate with 0.5 mm 
thickness to investigate formation and mechanical property of S phase. This study focuses on the 
effect of S phase on tensile strength. The test sample was nitrided during 4 hrs. processing time at 
400 °C and 450 °C processing temperature conditions at 500 Pa gas pressure. The generated nitrided 
layer was evaluated by observing cross-sectional microstructures and X-ray diffraction (XRD) 
measurements. The mechanical properties of surface hardness and tensile strength of untreated and 
ASPN samples were compared. The effect of S phase generation on the tensile strength was 
investigated by the tensile test and fracture surface observation. 
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Materials and Methods 

Materials. A small thin rolled plate composed of SUS 304 stainless steel was used as a test sample. 
Figure 1 shows the shape of the test sample. This test sample was designed as a tensile test specimen. 
A SUS 304 plate with a thickness of 0.78 mm was solution heat treated, then rolled to a thickness of 
0.5 mm, and processed into the shape in Fig. 1 by wire cutting. The width and length of parallel part 
are 3 mm and 30 mm, respectively. The clamping area width is 10 mm. There is a small hole with a 
diameter of φ2 mm near the end, which allows the test sample to be suspended during ASPN 
processing. After wire cutting, the test sample was polished with abrasive paper and finally cleaned 
by ultrasonic cleaning. 
 

 
Fig. 1 Shape and size of a test sample of small thin rolled plate (mm). 

 
Active-Screen Plasma Nitriding. Figure 2 shows a schematic diagram of an apparatus for ASPN of 
thin rolled plate test sample. The test sample was suspended from the screen. Consequently, plasma 
was formed on both the screen and test sample. The screen material was an expanded mesh composed 
of SUS 304 stainless steel with outer diameter of φ360 mm and height of 180 mm. The distance 
between the test sample and the screen was 50 mm. Table 1 shows the experimental conditions. The 
plasma nitriding was conducted for 4 h at 400 and 450 °C processing temperature under a 50 % N2 –
50 % H2 atmosphere with a pressure of 500 Pa. During the ASPN processing, the temperature of test 
sample was measured with a radiation thermometer (IR-CZ1X, CHINO CORPORATION, Tokyo, 
Japan). 
 

 
Fig. 2 Schematic diagram of an apparatus for ASPN of thin rolled plate test sample. 
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Table 1 Experimental conditions for ASPN of thin rolled plate test sample. 

Processing temperature 400, 450 °C 
Processing time 4 hrs. 
Gas pressure 500 Pa 
Gas flow ratio 50 % N2 – 50 % H2 

 
Characterization. The surface modification layer thickness was characterized by analyzing the 
micrographs (GX71, Olympus Corporation, Tokyo, Japan) of nitrided samples etched in a solution 
of Marble’s reagent (composed of 4 g CuSO4, 20 mL HCl and 20 mL H2O) at central cross section. 
The phase structure of surface modification layer was evaluated by X-ray diffraction (XRD, 
MiniFlex600, Rigaku Corporation, Tokyo, Japan). The surface hardness was measured under a load 
of 0.2 N using a Vickers microhardness tester (HM-211+AT-400, Mitsutoyo Corporation, Kanagawa, 
Japan). Furthermore, the tensile strength was evaluated by a tensile testing machine (AG-50kNXplus, 
SHIMADZU CORPORATION, Kyoto, Japan) at 5 kN load cell and 1 mm/min tensile speed 
condition and the fracture surface was observed by SEM images (ERA-600, ELIONIX INC., Tokyo, 
Japan). 

Results and Discussions 

Phase Structure and Nitrided Layer Thickness. Figure 3 shows the micrographs of the center cross 
sections around the edge of ASPN sample. A white layer that was not corroded by the Marble’s 
reagent was generated at the surface. As the processing temperature increased, the white layer 
thickened. In plasma nitriding, there is a problem in which the modified layer becomes un-uniform 
around the edge due to concentration of discharge at the corners (edge effect). No edge effect was 
observed in ASPN processing in this study, and a uniform nitrided layer was formed even at the 
corners, similar to previous ASPN study [5]. 

Figure 4 shows the XRD patterns of the untreated and ASPN samples. The XRD pattern of the 
untreated sample showed three distinct peaks of γ-Fe. In XRD pattern of ASPN samples, these peaks 
were shifted to a lower angle, similar to our previous study on small-diameter thin pipe [6], indicating 
the formation of the S phase with N supersaturation. The amount of peak shift becomes larger as the 
processing temperature becomes higher because the amount of solid solution N increases. The lattice 
expansion rate of the ASPN sample calculated from the peak shift amount of the XRD pattern using 
Bragg's equation is 4.7 % at a processing temperature of 400 °C and 7.2 % at 450 °C. 
 

 
(a) Processing temperature: 400 °C (b) Processing temperature: 450 °C 

Fig. 3 Micrographs showing the center cross sections around the edge of ASPN sample. 
  

50 µm50 µm
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Fig. 4 XRD patterns of untreated sample and ASPN samples. 

Figure 5 shows the layer thickness of S phase determined from the cross-sectional structure 
photograph in Fig. 3. When the processing temperature increased from 400 °C to 450 °C, the S phase 
thickness increased from 3 µm to 9 µm due to increasing nitrogen diffusion rate. 
 

 
Fig. 5 Layer thickness of S phase. 

 
Surface Hardness. Figure 6 shows the surface hardness of untreated sample and ASPN samples. The 
surface hardness was higher in ASPN samples than in the untreated sample. For the ASPN sample, 
the surface hardness increased from 650 HV to 1100 HV with increasing processing temperature up 
to 450 °C. 
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Fig. 6 Surface hardness of untreated sample and ASPN samples. 

 
Tensile Strength. Figure 7 shows the relationship between stress and strain in a tensile test. For 
untreated sample, the stress increases monotonically up to a strain of 0.03, then becomes almost 
constant, and the material finally breaks when the strain exceeds 0.15. For the ASPN sample, the 
stress reached its peak around strain exceeded 0.03, and fracture occurs when the strain reaches 
around 0.05. The tensile strength (peak stress) of ASPN sample was higher than that of untreated 
sample because the ASPN sample maintains its slope longer than the untreated sample. 

Figure 8 shows the tensile strength and fracture strain obtained from the results in Fig. 7. The 
tensile strength is increased in the ASPN sample compared to the untreated sample. This indicates 
that the tensile strength is improved due to the formation of the S phase. On the other hand, the 
fracture strain is decreased in the ASPN sample compared to the untreated sample, indicating a 
decrease in ductility. These parameters did not increase significantly when the processing temperature 
increased from 400 °C to 450 °C. 
 

 
Fig. 7 Strain-stress diagram. 
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(a) Tensile strength (b) Fracture strain 

Fig. 8 Strain-stress test result. 
 

Figure 9 shows a SEM image taken from the front of the fracture surface near the edge. In the 
untreated sample shown in Fig. 9(a), dimples are observed over the entire fracture surface. On the 
other hand, in the sample treated at 400 °C in Fig. 9(b), a scale-like pattern can be seen from near the 
edges toward the center (toward the left side of the image). This is thought to be due to the elongation 
occurring from the edges toward the center, where the hardness has increased due to the formation of 
the S phase. In the sample treated at 450 °C in Fig. 9(c), the scale-like pattern can be seen more clearly, 
and its pattern is pulled from the edges toward the center. 

Figure 10 shows the SEM images taken from the side of the fracture surface. For the ASPN 
samples in Figs. 10(b) and (c), crack occurred on the hardened surface (on the right side of the image) 
due to the tensile. This cracking was not observed in untreated sample in Fig. 10(a). Observation of 
these fracture surfaces suggests that the S phase formed on the surface by ASPN processing affects 
the tensile process, leading to the improvement in tensile strength shown in Figs. 7 and 8. 
 

 
(a) Untreated sample (b) Processing temp. 400 °C (c) Processing temp. 450 °C 

Fig. 9 SEM images of the fracture surface near the edge viewed from the front. 
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(a) Untreated sample (b) Processing temp. 400 °C (c) Processing temp. 450 °C 

Fig. 10 SEM images of the fracture surface viewed from the side. 

Summary 

The purpose of this study is to clarify the mechanical properties of the S phase formed in ASS. A 
small thin ASS (SUS304) rolled plate with 0.5 mm thickness was treated by low-temperature ASPN. 
S phase was formed on the surface of the test sample, and S phase thickness was 9 μm at processing 
temperature of 450 °C and processing time of 4 hrs. Surface hardness increased with S phase 
formation. In the tensile test, it was shown that the S phase formed on the surface influenced the 
tensile and fracture process, and the tensile strength was improved. 
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Abstract. Austenitic stainless steels are characterised by excellent corrosion resistance and good 
formability, but their low hardness and fatigue life are limitations in demanding applications. The aim 
of this study was to analyze the effect of solution annealing and plasma nitriding on the 
microstructure, hardness and fatigue properties of AISI 304 steel. The experimental material was 
examined in three states: initial, after solution annealing and after plasma nitriding. Solution 
annealing resulted in the removal of deformation martensite, giving a homogeneous austenitic 
structure with a decrease in hardness. On the contrary, plasma nitriding produced a hard nitride layer 
(1291 HV0.01), while no martensite retransformation took place. The results of the fatigue tests 
showed that the specimens after plasma nitriding reached the highest fatigue limit (878 MPa), while 
the specimens in the initial condition had the highest number of cycles to fracture. Fractographic 
analysis revealed typical fatigue failure characteristics in all conditions. The study highlights the 
possibility of optimising the fatigue properties of austenitic steels through an appropriate combination 
of thermal and chemical-heat treatments. 

Introduction 

Austenitic stainless steels are widely used in various industrial components. They are mainly used 
in industry because of their excellent corrosion resistance, paramagnetic properties (in the annealed 
state), biocompatibility, as well as their relatively low cost compared to their competitors [1, 2]. The 
disadvantages of austenitic stainless steels include low hardness, strength and rapid wear. The 
hardness can be increased by, for example, cold deformation. However, this process significantly 
changes the properties of austenitic steels. In the microstructure, α' martensite is formed, which results 
in a change from paramagnetic to ferromagnetic properties [3, 4]. Measurements have shown that the 
corrosion resistance of these steels changes with progressively increasing deformation, which is 
attributed to the formation of a martensitic phase [5, 6]. In order to reach again the paramagnetic state 
solution annealing is considered necessary. However, this process will again reduce the hardness. It 
is important to pay attention to the annealing temperature. It must be high enough to solve the phases 
in the material, but at the same time it must not be too high to prevent austenite grain growth [3]. A 
chemical and heat treatment process can be used to increase hardness, fatigue properties or wear 
resistance. An ideal candidate for this is plasma nitriding [1]. A prerequisite for plasma nitriding is 
that the nitrogen used for nitriding must be present in atomic form on the surface of the nitrided 
component. The nitrogen ions can then penetrate through the surface layer into the structure of the 
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base material. They then diffuse further into the material under elevated temperature and time 
conditions. In practice, a temperature ranges of 350–550 °C is used [7, 8]. At these temperatures, 
there are no changes in the shape and dimensions of the processed parts. At the same time, the process 
avoids plastic deformation. This means that deformation martensite formation does not occur during 
plasma nitriding. However, the formation of the CrN layer results in a reduction of the Cr content in 
the base matrix, which leads to a decrease in the corrosion properties of these steels [6, 9]. Interesting 
results were obtained in the research by Raman et al [10] where plasma nitriding was carried out at 
420 °C with a nitriding time of 6 hours. The results of this research showed that nitriding resulted in 
an increase in hardness of the nitrided AISI 304 steel, also the surface roughness was reduced 
compared to the non-nitrided specimens. Nevertheless, the nitrided specimens achieved a lower 
fatigue life compared to the initial condition (annealed condition - annealing at 1050 °C, 0.5 h heat 
holding time, cooling in water). Raman et al. attributed this to chromium segregation at grain 
boundaries, which may have led to early crack initiation [10]. Different results were obtained by 
Varavallo et al. [11] who used nitriding at 400 °C with the same duration of 6 hours. In this case he 
obtained diametrically different results, where he obtained a 47 % increase in fatigue life with respect 
to the original condition [11]. 

Experimental Material and Experimental Methodology 

The material used for the experiment AISI 304 was supplied in the form of 10x10 mm square bars 
and 3000 mm bar length. The bars were made by cold rolling. At the beginning of the experiment, 
the chemical composition was verified on a SPEKTROMAXx spark emission spectrometer. The 
results of the analysis are attached in Table 1. For the purpose of the experiment, the samples were 
cut to a length of 55 mm. 

 
Table 1 Chemical composition of experimental material. 

Type of steel 
Concentration of chemical elements [mass. %] 

C Cr Ni Mn Si Mo S P N Fe 
AISI 304 0.046 18.53 8.79 1.72 0.36 0.47 0.05 0.022 0.103 bal. 

 
Solution annealing of the samples was carried out at the Department of Materials Engineering at 

the University of Žilina. The process was carried out in an electric resistance furnace without 
protective atmosphere. The annealing temperature was 1030 °C and the residence time was 
30 minutes. This was followed by rapid cooling in water. The nitriding of the samples was made 
possible by Rübig SK. Micropulse plasma nitridation technology was used for nitridation. The 
nitriding temperature was maintained at 520 °C. The process time was 20 hours. The microstructure 
of AISI 304 austenitic steel of all states was observed on metallographically prepared samples. The 
preparation involved grinding, polishing and etching in an etchant consisting of glycerine + 
hydrofluoric acid + nitric acid. The etching time was approximately 10 seconds. The microstructure 
was observed on a NEOPHOT 32 light microscope. Photodocumentation was made using NIS 
Elements 4 software. A Tescan Vega LMU II electron microscope was used for EDX analysis and 
fractography. The Vickers test was used to measure the hardness. The samples in the initial state and 
after solution annealing were measured with a load of HV 0.5. For the nitriding layer, again a load of 
HV 0.01 was used. This loading was chosen in order to maintain the spacing between impressions in 
the nitriding layer. The loading time was 10 seconds and the measurements were carried out at a 
temperature of ± 22 °C. The fatigue life of the steel was carried out using a three-point cyclic load on 
a Zwick/Roell Amsler 150 HFP 5100 resonant pulsator. 
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Results and Discussion 

The microstructure of all grades of AISI 304 austenitic steel is made up of polyhedral austenite 
grains, which have different sizes (Fig. 1a–c). The steel structure is complemented by annealing twins 
and twinning. the temperature and length of plasma nitriding was not sufficient to recrystallize the 
twinning back to pure austenitic grain. However, after the plasma nitridation process, a nitridation 
layer was formed (Fig. 1b). The twinning was removed only by the process of solution annealing 
(Fig. 1c).  

 

 
Fig. 1 Microstructure comparison of AISI 304 austenitic steel; a) initial state (IS), b) after plasma 

nitriding (PN), c) after solution annealing (SA). 
 
EDX analysis – mapping was performed on an electron microscope (SEM) using a Bruker detector. 

Using this analysis, non-ferrous inclusions in the material were identified. The results (Fig. 2) show 
that it is manganese sulfide (MnS). 

 

 
Fig. 2 EDX mapping analysis of manganese sulphide (MnS). 

 
By comparing the hardnesses of all states, it can be evaluated that AISI 304 steel in the initial state 

and after plasma nitriding have approximately the same hardness throughout the measurement. After 
the solution annealing, the structure homogenized and thus the hardness decreased (Fig. 3). After the 
plasma nitriding process, a hard nitriding layer was formed. The microhardness value on this layer 
reached up to 1291 HV0.01 (Fig. 4). From the fatigue test results, Wöhler curves were constructed as 
a function of the top stress σh and the number of cycles to fracture Nf in semilogarithmic coordinates. 
The obtained values are plotted using Wöhler curves (Fig. 5) and show a decreasing character. The 
lifetime curves in the initial state and after plasma nitriding have a steeper character than after solution 
annealing. The stress amplitude for the initial condition was 180–450 MPa, for plasma nitriding  
225–630 MPa and for solution annealing 279–360 MPa. The frequency used was 80 Hz. By 
comparing the results with the studies by Raman et al. [10] and Varavallo [11], it can be concluded 
that the results were close to the research by Varavallo, since in this case also the fatigue limit (fatigue 
life) increased after plasma nitriding. 
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Fig. 3 Comparison of hardness from the surface to the core of the sample. 

 

 
Fig. 4 Microhardness profile on the nitriding layer towards the core of the sample. 
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Fig. 5 Dependence of σh – Nf for AISI 304 steel at the initial condition, the condition after plasma 

nitriding and after solution annealing. 

From a macrofractographic point of view, the fatigue surfaces after three-point cyclic bending can 
be divided into three regions: the fatigue area, the transition aera, and the static final fracture area, 
which represents the final fracture and the formation of the final fracture surface (Figs. 6a–c). From 
a microfractographic point of view, it was not possible to identify where the fracture initiated (only 
the initiation site could be determined). In the fatigue region of all states, striations were observed, 
which are a typical manifestation of fatigue of austenitic steels. Furthermore, pitting of dropped 
sulphide particles, secondary cracks, and intergranular cleavage failure of the austenitic grain were 
observed sporadically (Fig. 7). 

 

 
Fig. 6 View of the fracture area; a) initial state, b) after plasma nitriding,  

c) after solution annealing. 
 

Scientific Books Collection Vol. 250 23



 

Fig. 7 Examples of fatigue characteristics. 

Conclusions 

From the analysis, which was focused on the influence of solution annealing and plasma nitriding 
on the fatigue properties of AISI 304 austenitic steel, the following conclusions can be drawn from 
the experimental results: 

• The microstructure of all states is made up of polyhedral austenite grains, annealing twins 
and a large number of non-ferrous inclusions. Twinning were removed by solution 
annealing. 

• The highest hardness was measured on the nitriding layer (1291 HV 0.01). 

• The specimens in the initial condition withstood the highest number of cycles to fracture and 
reached the fatigue limit (718 MPa), however, the specimens after plasma nitriding 
withstood a lower number of cycles but reached a higher fatigue limit (878 MPa). The lowest 
fatigue limit was achieved by the samples after annealing (630 MPa). 

• All conditions had similar fractographic characteristics. 
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Abstract. Nickel-Aluminium Bronze is a copper alloy with excellent corrosion resistance in marine 
environments. However, there are also applications of NAB in freshwater and corrosion phenomena 
have been observed in such cases. To explore the effect of microstructure on the corrosion behaviour, 
heat treatments were applied to NAB samples, which were corrosion tested in electrolytes with a 
composition typical for freshwater. Depending on the presence of bicarbonate, sulfate, and chloride, 
different kinds of corrosion attack were observed. The mayor effect lies in minimization of the β-
phase amount and increasing the portion of α- and κ-phases. Corrosion promoted by sulfate is the 
major hazard in fresh water, while the passivating effect of bicarbonate supports localization of the 
attack. Chloride plays an ambivalent role; it promotes the corrosion attack but limits the progressively 
penetrating evolution of localized corrosion. Since the composition of freshwater has a stronger 
impact on the corrosion phenomena of the NAB alloy, the influence of the heat treatments is not 
clearly evident. Compared to seawater, heat treatments have a lesser effect on the corrosion behaviour 
in freshwater. 

Introduction 

Nickel-Aluminium Bronze (NAB) Bronzes exhibit excellent corrosion resistance and are frequently 
used in applications where corrosion, erosion, and cavitation can occur. This applies to both seawater 
and freshwater. Typical examples include ship propellers, pumps, and turbines in hydroelectric power 
plants [1, 2]. Due to the complex alloy composition, these bronzes have a multi-phase microstructure, 
which also affects the corrosion behaviour [3–6]. In this respect, some studies have been carried out 
previously with Manganese-Aluminium bronzes (MAB) [7–9]. 
The microstructures of the NAB bronzes consist primarily of three easily distinguishable phases (α, 
β, and κ). The α and β phases form the matrix in which the κ phase is embedded. Heat treatments 
make it possible to influence the phase proportions, as well as their size, geometry and distribution 
[10, 11]. The phase diagram (Fig. 1) [12, 13] shows, that during solidification of the bronze melt only 
β-phase is formed in the first step. During further cooling the β-phase decomposes into α-phase and 
κ-phases below 940 °C. Between 940 °C and 800 °C a ternary phase region with α-, β- and κ-phases 
exists. Below 800 °C the β-phase gets completely converted and α- and κ-phases are present only in 
the NAB microstructure. Especially the κ-phases can show different morphologies and variable 
compositions between Fe3Al and NiAl [14, 15]. By quenching from 1000 °C to room temperature, 
the formation of a martensitic phase, referred to as β´, is described. During a subsequent heat 
treatment, the β´-phase decomposes into fine-grained α- and κ-phases [16]. 
The corrosion behaviour of NAB in seawater has been repeatedly studied [17–19], mostly related to 
as-cast material. Its excellent resistance to high chloride environment is based on formation of a 
passivating layer consisting dominantly of copper and aluminum oxides. The multiphase structure 
bears the risk of dealloying or selective corrosion of the most reactive (anodic) phases [20]. 
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Conversely, corrosion of NAB in fresh water is not much discussed in literature. Nevertheless, a 
specific case of NAB corrosion in river water has drawn our attention to this topic [21] and the 
corrosion behaviour of as-cast NAB in various fresh water compositions was investigated [22]. Based 
on these considerations, the influence of heat treatments on the NAB´s microstructures and its 
influence on the corrosion behaviour in freshwater are the objectives of this study. 
 

 
Fig. 1 Cu-Al + 5 wt.% Ni + 5 wt.% Fe phase diagram. 

Experimental Procedure 

NAB composition. type CuAl10Fe5Ni5 (analysis mass %: 80.53 Cu, 8.96 Al, 4.46 Fe, 4.60 Ni, 1.16 
Mn, 0.07 Zn, 0.05 Sn, 0.01 Pb, 0.16 Si) (Table 1). 

Heat treatments. The heat treatments were carried out in a muffle furnace, with the samples 
protected from oxidation by carbon grit. After annealing, the samples were quenched in water. NAB 
samples were solution annealed at 900 °C for 1 hour and then heat treated at 400, 500, or 600 °C for 
45 min and 24 h respectively. 

Metallography. The samples were embedded in epoxy resin. Metallographic preparation started with 
plane-grinding, followed by polishing with 9–1 µm diamond suspension. Etchant was (NH4)2CuCl4. 

Corrosion tests. Based on [22] potentiostatic corrosion testing at +194 mVAg/AgCl was applied for 
48 hours in solutions based on combinations of 0.5 mM SO42-, 1 mM HCO3-, 0.5 mM Cl- (Table 2). 
After the corrosion tests, the surfaces of the samples were examined in the SEM as well as 
metallographic cross sections were prepared and investigated in LOM. 
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Table 1 Composition of the NAB alloy CuAl10Fe5Ni5. 

Element Cu Al Fe Ni Mn Zn Sn Pb Si 
wt. % 80.53 8.96 4.46 4.60 1.16 0.07 0.05 0.01 0.16 

 
Table 2 Composition of the three electrolytes. 

Electrolyte 1 Electrolyte 2 Electrolyte 3 

48 mg/L SO42- 48 mg/L SO42- 
61 mg/L HCO3- 

48 mg/L SO42- 
61 mg/L HCO3- 

17.5 mg/L Cl- 

Results and Discussion 

Microstructural changes of NAB during heat treatments. As can be seen from the phase diagram 
(Fig. 1) at 900 °C, the 3 phases α-, β- and κ- are present. 
Figure 2 shows the microstructure of the sample annealed and quenched at 900 °C. The light areas 
correspond to the α-phase, and the dark brown areas correspond to the β-phase. The κ-phases appear 
bright gray, with larger aggregates in the α-phase and smaller precipitates in the β-phase. 
Starting with the sample annealed at 900 °C, annealing at lower temperatures should result in a 
transformation of the β-phase into the α-phase and κ-phases. This transformation is more slowly at 
lower temperatures (Fig. 3), while higher temperatures result in coarsening of the phases. 
 

 
Fig. 2 Microstructures of the at 900 °C heat-treated NAB samples. Etchant (NH4)2CuCl4. 
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Fig. 3 Microstructures of the heat-treated NAB samples. Etchant (NH4)2CuCl4. 

 
In the sample annealed at 400 °C the α-phase and κ-phases appear unchanged, but darker and lighter 
areas are visible in the β-phase regions (Fig. 3a, b), and precipitation of fine κ-phase is observed. In 
a sample annealed at 500 °C, the darker and lighter regions of the original β-phase are contrasting 
better (Fig. 3c, d). After annealing at 600 °C, very fine κ-precipitates are visible additionally, in both 
the original β-phase and α-phase regions (Fig. 3e, f). 

Potentiostatic electrochemical measurements. In sulfate electrolyte (electrolyte 1), a significant 
reduction in the corrosion current was observed as a result of the heat treatments compared to the 
solution-annealed sample (Fig. 4a). The attack appears as areas of rather uniform corrosion with 
adhering corrosion products with the solution-annealed sample (Fig. 5a). This is reflected in the rather 
steady current trend reached finally. In contrast, pitting-like corrosion was observed with all samples, 
corresponding with increasing trends of the currents, all at similar level. The attack is likely to have 
occurred preferentially in the vicinity of the large κ-aggregates within the α-phase (Fig. 5b–d). 

In the sulfate-carbonate electrolyte (electrolyte 2), the corrosion currents were similarly low in all 
samples (Fig. 4b). This can be attributed to the effect of the carbonate, which forms a protective layer. 
Pitting-like corrosion, again corresponding with increasing current trends, was observed. The halos 
around the pits consist predominantly of Al corrosion products. Pitting corrosion is likely to originate 
from areas with κ-phase (Fig. 5e–h). 
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Fig. 4 Trends of current densities during on potentiostatic corrosion testing 

of heat treated NAB samples in three electrolytes. 
 
If chloride was also present in the electrolyte in addition to sulfate and carbonate (electrolyte 3), the 
effects of the heat treatments were minimal, but the corrosion currents were significantly increased 
(Fig. 4c). These samples had poorly protective layers of corrosion products on the surfaces, which 
mainly contained aluminum compounds. Aluminum from the alloy is the most reactive element and 
corrodes easier. The attack appears as a kind of localized etching; no penetrating pitting was observed 
(Fig. 5i–l). This is reflected in increasing current trends in the beginning, which flatten and even get 
decreasing later on. 

Cross sections of the corroded samples. Cross sections were taken from some samples after the 
potentiostatic corrosion tests to determine the degree of corrosion attack. Samples from the tests with 
electrolyte 3 were used for this purpose, as the corrosion current was highest in these tests and 
therefore the most metal loss from corrosion is expected (Fig. 6). 
In general, it can be said that the localized corrosion attack was minor. It should also be noted that 
with localized corrosion, corrosion spots may not be easily detected in the metallographic section. In 
the sample annealed at 500 °C, corroded spots are visible that extend approximately 20 µm below the 
surface (Fig. 6a). The results for the sample annealed at 400 °C are similar, but dealloying, 
presumably due to corrosion of the β-phase, is also evident here (Fig. 6b). Furthermore, there are 
spots where the attack extends up to 50 µm below the surface, as well as crack-like phenomena 
(Fig. 6c). 
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Fig. 5 Surfaces of the NAB samples after the potentiostatic corrosion tests in different electrolytes 

(SEM-BSE). 
 

 
Fig. 6 Metallographic cross-sections of NAB samples after potentiostatic  

corrosion tests. 
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Summary 

Nickel-Aluminium Bronze samples were tested for their corrosion resistance in synthetic freshwater 
after different heat treatments. Depending on the composition of this medium, different kinds 
corrosion attack was observed. 

The influence of heat treatments on corrosion in freshwater is small compared to seawater [10]. In 
freshwater, the water composition primarily determines the corrosion behaviour. 

The main effect of the heat treatments lies in minimization of the β-phase amount and increasing the 
amount of κ-phases and α-phase. 

Corrosion promoted by sulfate is the major hazard in fresh water, while the passivating effect of 
bicarbonate supports localization of the attack. Chloride plays an ambivalent role; it promotes the 
corrosion attack, but limits the progressively penetrating evolution of localized corrosion. These 
observations agree with the findings reported previously [22]. 
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Abstract. The aim of the experimental work was to propose innovative procedures for the formation 
of renovation layers, to determine suitable material, modify the microgeometry and surface 
topography of new and renovated shaped parts of moulds for high-pressure casting of aluminium 
alloys. It has been designed and validated under laboratory and operational conditions a method of 
modifying the surface of the mould parts of moulds for casting aluminium alloys by forming 
stochastic texture by low energy laser in combination with duplex PVD coatings on the surfaces of 
mould parts in contact with the aluminium alloy melt. It has been verified the contact angle 
measurement methodology for determining the number of spurs by separation lubricant on the surface 
of the new or refurbished mould part before the first casting cycle. For the formation of the renovation 
layers, the additive materials were verified Dievar, Dratec, UTPA 702. A TruDisk 4002 solid-state 
disk laser with BEO D70 focusing optics was used for winding.  

Introduction 
Technology of pressure casting represents a complex of interrelationships between the properties 

of the alloy, the construction of the mold and the operation of the pressure casting stand. From the 
point of view of the efficiency of production and the improvement of the quality of castings, in 
addition to the technological parameters of metal casting under pressure, the design solution of the 
mold and its technological life are decisive. Technological lifetime of the mold is limited by the 
quality requirements prescribed for the casting and the tolerance range of the technological 
parameters for the pressure casting of the casting [1–3]. Shaped parts of molds and cores for casting 
aluminum alloys are usually made of chrome, tungsten and chrome molybdenum tool steels [4, 5]. 
Properties of the materials used for the production of molded parts of molds and cores for aluminum 
alloy die casting must take into account the stress of the molds in the aluminum alloy die casting 
itself. These are mainly thermal expansion, modulus of elasticity, mechanical properties at elevated 
temperatures, resistance to thermal fatigue and chemical stress of shaped parts of molds and cores. In 
the pressure casting process, the shaped parts of the molds and cores are exposed to intense thermal, 
mechanical and chemical stress. High melt flow velocities of aluminum alloys (up to 120 m.s-1), high 
pressures (up to 120 MPa) and high maximum temperatures on the surface of shaped parts of molds 
(up to 550 °C) lead to erosion, abrasion, corrosion and thermal fatigue of the mold [6, 7]. The heat 
load of foundry cores is even higher (up to 600 °C), because they are not connected to the mold 
cooling system [8–11]. Thermal cyclic loading from 80 °C to 550 °C leads to high tensile stresses on 
the surface of shaped parts of molds/cores and subsequently to the formation and propagation of 
thermal cracks [12, 13]. Frequent contact of the surface of the shaped part of the mold with the melt 
causes the formation of growths (sticking) as a result of corrosion due to the influence of molten 
metals and consequently shortens the life of the shaped parts of the molds and cores. Aluminum alloy 
die casting molds and mold parts are exposed to abrasion and erosion in the high-pressure metal 
casting process. These phenomena are intensified in the case of injection of materials with a high Si 
content. At the same time, a physical-chemical reaction takes place on the surface of the mold to form 
intermetallic phases based on Fe-Al (melting). Intensity of both phenomena is conditioned by the 
initiation of surface cracks or cracks during the expansion of oxidized grains and the formation of 
weakened places responsible for aluminum sticking. Interaction of the Al melt with the steel material 
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of the mold, the kinetics of formation and the morphology of intermetallic phases on the basis of Fe-
Al were devoted to works [14–17]. Any degradation change of the shape parts of the molds and cores 
will also affect the quality and dimensions of the castings. One of the solutions to extend the 
technological life of shaped parts of molds and cores on a global scale is their renovation with 
appropriate surface engineering technologies. Various measures can be implemented to increase the 
lifetime of the shaped parts of the molds and the resistance of the inner shaped surfaces of the mold, 
which are often eroded by the flow of molten aluminum. Their purpose is preventive - they are applied 
to a new form in critical places, or renovation – replenishment of eroded material or material broken 
by a network of thermal-mechanical cracks [18–19]. The most economical way of renovating shaped 
parts of molds and cores intended for pressure casting is cladding [20–22]. The main advantages of 
cladding are short downtimes and economic advantage compared to the production of a new part of 
the tool. Clad repair generally allows for higher added value in the foundry. Paper presents the results 
of research focused on surface modification by texturing and application of PVD coatings. 
Renovation of shaped parts of molds for high-pressure casting of aluminum alloys was realized by 
laser cladding. 

Materials and Methods 
From the group of shaped parts of molds for casting metal under high pressure on cold machines 

those molded parts (mold inserts) were selected by the filling chamber. Wear analysis was performed 
on the shaped parts that were discarded after 800 thousand casting of the mold cavity with a melt of 
aluminum alloy. On the surface of the molded parts, due to repeated impacts of the moving core on 
the surface of the molded parts of the mold, it caused intense plastic deformation associated with the 
separation of plastically deformed parts of the surface of the molded part, Fig. 1. 
 

 
Fig. 1 Degradation of molds during the injection of Al alloys – cracks, adhesion of the separating 

agent, tearing of material on the surface of the molds 
 

To repair and renovate the mold parts of molds for high-pressure casting of aluminum alloys, 
samples of experimental clads were prepared on the base material of grade 1.2343 (Dievar) with 
dimensions of 150×130×30 mm, which was refined to a hardness value of 44–48 HRC. Chemical 
composition of the base material is in Table 1, chemical composition of the filler materials is in 
Table 2. 
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Table 1 Chemical composition of the base material (wt.%), Fe balance 
C Mn Si P S Cr Ni Mo V Cu 

0.382 0.377 0.914 0.002 0.002 4.893 0.199 1.277 0.499 0.077 
 

Table 2 Chemical composition of the filler material (wt.%), Fe balance 
Filler mat. C Si Mn Cr Mo Ni Co Ti Al Cu 

1.2343 (Dievar) 0.4430 0.147 0.423 5.13 2.27 0.067 0.01 0.002 0.008 - 
1.6356 (Dratec) 0.0005 0.200 0.50 0.15 4.0 18.0 12.0 1.60 - - 
1.6356 (A 702) 0.0200 - - - 4.0 18.0 12.0 1.60 0.10 - 

 
In the presented experiment, the production of layers was realized by means of a TruDisk 4002 

solidstate disk laser with BEO D70 focusing optics (Trumpf, Ditzingen, Germany). Three types of 
additive materials were used. Since the process was reimplemented on a robotic workstation, the 
additive materials used were in the form of wires with a diameter of ø 1.0 mm. 

Cladding parameters were selected based on previously performed experiments on a given type of 
solidstate laser. Following experiments were analyzed: 

• light microscopy, (etchant used – 3 % HNO3 solution); 
• microstructure in the area of drilled holes (for the drilling method); 
• immersion test in a molten aluminum alloy AlSi, at a temperature of 680 °C – 60, 150 and 

300 min; 
• microtexturing of surface and 
• contact angle measurement. 
Microgeometry of the surface due to radiation - microtexturing. Grid and stochastic textures were 

created by laser radiation with the diameter of ablation craters of 50 micrometers, the depth of 5 to 8 
µm, and the distance between the centers of the craters was modified with a low-energy laser of 100 
µm and 200 µm. Integrity of the surfaces of the samples after the formation of ablation craters was 
checked using the scanning electron microscopy technique, Table 3. 

 
Table 3 Distribution of ablation craters on the surface of the samples 

 
 

Dimensions of random texture craters on which duplex PVD coatings nACRo4, AlTiN G and 
AlXN3 were deposited using LARC technology were controlled by confocal microscopy. Dimensions 
and distribution of the ablation craters were: diameter 50 µm, depth 5–10 µm, average distance 
between the craters 200 µm. 
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Results and Discussion 
Analyses of surface integrity were targeted to the area of ablation craters and their surroundings. 

The topography of the original surface after grinding and polishing was the same at the edges of the 
ablation craters, on the side of the craters, and in their center. There was no violation of the integrity 
of the surface of the samples in any crater. Based on the measurements, the creation of textures with 
a regular distribution of ablation craters is only possible on flat surfaces. Only textures with a 
stochastic distribution of ablation craters can be created on facially broken surfaces. To create a 
stochastic texture, also called a random texture, an interval of maximum crater distance of up to 
200 µm was chosen. Inspection of the surface integrity of the samples with a stochastic distribution 
of ablation craters with a maximum mutual distance of 100 µm did not reveal damage to the integrity 
of the surface in the areas outside the ablation craters, in the crater walls and in their center. A 
multilayered nACRo4 (a 4th generation nanocomposite layer) was deposited on a part of the samples 
with a textured surface in the regime of lattice textures and stochastic texture with a diameter of 
50 µm ablation craters, a depth of 5 to 8 µm and a distance between the centers of the craters of 
100 µm and 200 µm. It consists of nanocrystalline AlCrN grains embedded in an amorphous Si3N4 
matrix. The aim of this surface treatment was to analyse the adhesion effect of commercially used 
lubricants in the technology of treatment of shaped parts of molds when casting aluminum alloys 
under high pressure on machines with a cold filling chamber. By checking the integrity of the textured 
surfaces with the deposited duplex PVD coating of the 4th generation nACRo4, no failure of the 
integrity of the deposited PVD coating was detected. By semiquantitative EDX microanalysis, the 
elements forming the PVD coating nitrogen, aluminum, silicon and chromium were detected on the 
surface.  

A stochastic texture of ablation craters was created by a low-energy laser on the surface of a 
hardened and tempered sample of Dievar material and experimental deposits. Duplex PVD coatings 
AlTiN G, AlXN3 and nACRo4 were deposited on such textured surfaces. The temperature of the PVD 
coating deposition process is higher than 500 °C. In this process, the elimination of residual stresses 
in the area of ablation craters can be assumed [23–25]. For all samples, the effectiveness of surface 
protection was investigated by the methodology used in tests of non-textured and laser-textured 
surfaces. Contact angle measurement criterion was selected as one of the control measurements. Aim 
was to obtain information about the resistance and effectiveness of the surface protection of the 
shaped part of the mold with SafetyLube 7815 lubricant in the "run-in" phase of the shaped part of 
the mold, which is in contact with the molten aluminum alloy. Test consisted of heating the samples 
to a temperature of 250 °C, applying a separating agent by spraying 10 times and 20 times and dipping 
for 15 seconds into a melt of an aluminum alloy based on Al-Si at a temperature of 680 ± 20 °C. With 
the increase in the number of spray cycles from 10x to 20x, higher values of the contact angle were 
measured for the laser random+duplex nACRo4 system. This is because an increased number of spray 
cycles leads to more pronounced micro- and nanostructure formation on the surface and an increase 
in its roughness, which impairs the wettability of surfaces. After a short exposure of the treatment 
samples to the 250 °C/10x-spray SafetyLube 7815 and 250 °C/20x-spray SafetyLube 7815 treatment 
regimes and subsequent immersion in the aluminum alloy melt (680 °C/15 seconds), a decrease was 
measured with the laser random+duplex nACRo4 system contact angle values (Fig.2). This decrease 
can be explained by the change in morphology and roughness of the layer formed after the application 
of SafetyLube 7815. 

 

40 The 19th Metallography & Fractography (Metallo & Fracto)



 

 
Fig. 2 Contact angle depending on the number of sprays with Safety Lube 7815. 

Surface Dievar+laser random+duplex nACRo4. 
 

Before the final application of the clads, corrosion tests of the clads (Dievar, Dratec, UTP A702) 
were performed in the melt of the Al-Si aluminum foundry alloy after complete immersion of the 
prismatic sample into the melt at a temperature of 680 °C ± 20 °C. The immersion time was 60, 150 
and 300 min. The clads were processed according to the technical conditions prescribed by the 
drawing of the mold part or mold core. The samples with the clads were then immersed in the melt 
of the aluminum-silicon-based aluminum alloy at a temperature of 680 °C ± 20 °C so that the surface 
with the clads and the surface of the sample, which represented the basic steel material used for the 
production of mold parts and cores, were in contact with the melt. After 60 minutes, 150 minutes and 
300 minutes, the samples with the clads were gradually removed from the melt and then cut 
transversely through the clads by electric spark. The samples for checking the microstructure were 
prepared in dentacryl, ground on sandpapers of grain size 240, 400, 600 and 800, moistened with 
water, polished with diamond paste, grain size 1/0 on satin moistened with kerosene, washed and 
rinsed with benzine. A light microscope was used to measure the thickness of the intermetallic layer. 
The thicknesses of the intermetallic layer on the side of the surface with the clads and on the surface 
of the adjacent side of the sample with the clads were measured. The thickness of the intermetallic 
layer on the surface opposite the clads provides information about the intensity of the reaction of the 
original material of the shaped part of the mold or cores with the melt of the aluminum alloy based 
on aluminum - silicon. The reaction of the clads deposit surface and the surface of the original material 
of the shaped part of the mold or cores was under the same experimental conditions. The thickness 
of the intermetallic layer on the clads deposit surface provides information about the intensity of the 
clads deposit reaction on the original material, Fig. 3. The dark areas in Fig. 3 represent microcavities 
that were created based on immersion tests. If the ratio of the thickness of the intermetallic phase on 
the surface of the plate and the thickness of the intermetallic phase on the opposite side to the clad is 
less than the number 1, then the clad is suitable for renovating shaped parts of the molds or cores. 
Given solution to the method of evaluating the resistance of clads in the aluminum alloy melt provides 
an effective method of selecting the clads for the renovation of shaped parts of molds and cores for 
casting aluminum alloys under high pressure. After immersion in Al-Si-based aluminum alloy melt 
at a temperature of 680 ± 20 °C; a) immersion for 60 minutes, h = 38 µm; b) immersion for 150 
minutes, h = 110 µm; c) immersion for 300 minutes, h = 130 µm. 
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Fig. 3 Changes in the intermetallic layer after immersion in an Al-Si based aluminium alloy melt. 

Conclusion 
Microgeometry of the surface of the samples was modified by low-energy laser radiation - 

microtexturing. Grid and stochastic textures were created by laser radiation. Duplex PVD coatings 
AlTiN G, AlXN3 and multilayer nanocrystalline coating nACRo4 were deposited on random textures 
using LARC technology. The contact angle between the surface of the samples and the SafetyLube 
7815 lubricant was NaCR determined. The goal was to obtain information about the resistance and 
effectiveness of the surface protection of the shaped part of the mold in the "run-in" phase of the 
shaped part of the mold, which is in contact with the molten aluminum alloy. The quality of the clads 
from Dievar, Dratec and UTPA 702 additive materials, which were produced by a TruDisk 4002 
solid-state disk laser with BEO D70 focusing optics, was determined. A method of assessing the 
resistance of deposits in molten aluminum alloys based on aluminium-silicon based on the assessment 
of the size of intermetallic phases was proposed. Based on the results of immersion tests in the melt 
of the Al-Si-based alloy, laser cladding technology with additive material No. 1.6356 – Dratec. A 
coating was applied to the marked places, which was machined, and the shaped part of the mold was 
used for operational tests in the serial production of pressure castings. 

For the purpose of determining the resistance to high-temperature corrosion of the clads deposit 
and the resistance to high-temperature corrosion of the base steel material of the shaped part of the 
mold and cores (BM) for high-pressure casting of aluminum alloys based on aluminum-silicon, we 
proposed to define the corrosion resistance coefficient as the ratio of the thickness of the intermetallic 
layer formed on the surface of the clads deposit to the thickness of the intermetallic layer formed on 
the surface of the base steel material.  
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Abstract. Al2O3-SiC-C (ASC) lining bricks for pouring ladle used in pre-treating molten 
(desulfurization) iron and molten iron ladles, which offer advantages such as high oxidation 
resistance, strong resistance to slag corrosion, good thermal shock resistance, and excellent resistance 
to mechanical wear and abrasion, have been investigated. It is expected that the combination of these 
new techniques will improve the energy and economic efficiency of the steel industry while also 
contributing to the decarbonization of both the refractory and steel industries. Additionally, the 
developed technology is expected to be applicable to other energy-intensive industries, such as 
cement, glass, pulp and paper, and non-ferrous metal processing. Investigating used samples is crucial 
for reducing wear on both ALKO60A and ALKO66ASC linings. The microstructures of laboratory 
prepared samples were analyzed using OLM, XRD, and SEM/EDS techniques. It is expected the 
formation of phases with low melting points, along with spinel solid solutions in the matrix and 
calcium di-aluminate near the alumina aggregates. 

Introduction 
Desulfurization of the iron performed in the pouring ladle using mixtures primarily composed of 

lime (67 % CaO), magnesium (30 % Mg), and minor components such as fluorspar (3 % CaF2). 
These materials react with sulfur to form sulfides, which are transferred into the slag. The slag is then 
mechanically removed from the surface of the iron, after which the iron is ready for further processing 
in the steelmaking oxygen converter. Ladle steel shells are characterized by high creep resistance and 
high strength at elevated temperatures [1]. Similarly, refractory materials used in such demanding 
processes must withstand chemical, thermal, and mechanical stresses. Their service life is directly 
affected by wear and the level of care taken during operation. Sulfur is the most detrimental element 
in iron, as it causes brittleness in steel and reduces its corrosion resistance. The most heavily worn 
areas of the pouring ladle are typically near the injection point or opposite the spout, where lining 
erosion occurs. Molten iron, at a temperature of 1430–1450 °C, is poured from the transport mixer 
into a relatively cold pouring ladle. 

In external hot metal desulfurization, lime is the primary desulfurizing agent. Sulfur binds with 
calcium according to the following reaction: 

(CaO) + [S] = (CaS) + [O]                                                                                                            (1) 
Magnesium serves as another desulphurizing component, either reacting directly sulfur or acting 

as a deoxidizer by binding oxygen released during the lime reaction: 

[S] + [Mg] + (CaO) = (CaS) + (MgO)                                                                                          (2) 
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Fluorspar is added to the slag to lower the melting point, preventing the formation of high-melting 
complex compounds. High sulfur activity in hot metal, primarily due to its chemical composition, 
especially its carbon content (see Fig. 1) enables efficient and cost-effective desulfurization. These 
principles have been successfully applied in practice and now serve as the basis for AI models that 
use machine learning techniques based on PINNs (Physics-Informed Neural Networks). These 
models allow for precise and cost-effective predictions of target sulfur levels during external 
desulfurization, optimizing downstream converter treatment and the production of specific steel 
grades. Increasing the amount of desulfurization mixture is only to a point; beyond that, additional 
amounts yield diminishing returns. Efficient desulfurization can still be achieved with lower mixture 
consumption, depending on process control. 
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Fig. 1. Carbon content in hot iron influencing activity of sulfur. 

Al2O3-SiC-C (ASC) refractory bricks are widely employed in blast furnace runners and/or ladle 
for their excellent thermal shock resistance and erosion resistance [2]. Favorable properties are mainly 
obtained from SiC and carbon additions. However, C is vulnerable to oxidation at higher temperatures 
and the volatiles generated during heat treatment leads to a decrease in the compactness and strength 
of the bricks in pouring ladle, where the hot metal desulphurization process is performed [3]. 
Simultaneously, the decarburized layer formed oxidation increases the brick corrosion by the blast 
furnace slag. Employing andalusite could improve the volume stability and thermal shock resistance 
of the bricks, due to mullitization of andalusite accompanied by a volume expansion [4]. The most 
castable pore channels are distributed in the matrix, so the silica-rich glass phase produced by 
andalusite aggregates cannot uniformly fill the pores in the castable matrix. Moreover, there is a 
higher probability that the exuded silica-rich glass in the matrix will combine with the nearby alumina 
powder to form secondary mullite [5]. The strain before the bricks break down completely increases 
because of the special pitch addition; and stress absorbing capability of the refractories increases 
slightly by reducing the amount of metal addition [6, 7]. Thermal shock tests coupled with the castable 
oxidation index were applied to evaluate the antioxidation impact [8–10]. 
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Experimental 
The company RMS Košice, s.r.o. Slovakia supplies ALKO60A refractory bricks – based on 

andalusite (see Table 1 for composition) to several steelworks for use in pouring ladles and transport 
mixers. The service life of these bricks varies depending on specific operating conditions. 

Table 1. ALKO60A refractory brick properties. 

Physical Properties Chemical Composition, [%] 

Bulk density 
[kg.m-3] 

Porosity 
[%] 

Compressive 
strength [MPa] Al2O3 Fe2O3 

min. 2440 max. 17 min. 55 min. 59 max. 1.2 

ALKO60A exhibits low apparent porosity, high compressive strength, excellent thermal shock 
resistance and high hot load bearing capacity. Despite these favorable properties, its service life 
achieved at one steel plant is approximately 400–500 heats, while at another steel plant it reaches 
900–1000 heats. 

Several post-mortem examinations were conducted after the bricks reached the end of their service 
life. These results are summarized in the following sections. This study aims to evaluate the 
performance of ALKO60A (fired at 1550 °C) and propose a novel refractory material ALKO66ASC 
(tempered at 200 °C) which better suited for demanding operational conditions. 

Results 
Post-mortem samples of ALKO60A were analyzed using chemical methods and both qualitative 

and quantitative XRD analysis of the hot and cold faces (see Fig. 2). Visual inspection of the ladle 
revealed that after 300 heats, the remaining refractory thickness in high turbulence ranged from 0 to 
60 mm, compared to an original thickness 177 mm. Penetration depth reached up to 90 mm, which is 
below the safety threshold.   Samples with varying penetration and coloration were selected for further 
analysis. As shown in Table 2, chemical composition varied by depth, with decreasing Al₂O₃ and 
increasing Fe₂O₃ and MgO near the hot face-likely due to reactions with gunning materials and 
magnesium for the desulfurization mixture. 

  
Fig. 2. ALKO60A postmortem samples. Fig. 3. Area of spalling wear of ladle. 
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Table 2. Chemical composition of postmortem samples hot and cold faces, [%]. 

Chemical 
Composition SiO2 Al2O3 Fe2O3 CaO MgO TiO2 MnO S 

Hot face of sample 35.0 54.0 7.0 0.7 1.12 0.30 0.40 0.024 

Cold face of sample 35.0 61.0 1.9 0.2 0.31 0.28 0.04 ND 

*ND-not detected 
Main wear mechanism is spalling (Fig. 3), with around 0.5 mm of refractory peeling off per heat 

due to repeated thermal cycling. As crack forms, high-melting phases solidify and detach, while steel 
infiltrates the gaps and contributes to further wear. High Fe₂O₃ (7.0 %) and MgO (1.12 %) 
concentrations on the hot face led to the formation of phases just above the melting point of iron, 
facilitating structural disruption to further wear. 

Detected oxides (Table 3) in the brick led to the formation of the phase above the melting point of 
iron. In this layer, melting may have occurred, allowing iron to infiltrate intergranular spaces, 
disrupting the structure and causing spalling. 

Table 3. XRD phase composition – ALKO60A postmortem samples hot and cold faces, %. 

Phase presence Mullite 
Al6Si2O13 SiO2 Fe metal Corund 

Al2O3 
Hercynite 
FeAl2O4 

Andalusite 
Al2SiO5 

Hot Face 87.0 4.5 2.3 1.5 3.0 0.7 

Cold Face 85.0 7.0 ND 4.19 0.12 3.6 

The performance of the fired ALKO60A brick was not effective enough for hot metal treatment 
in the pouring ladle. Therefore, it was necessary to develop a new ALKO66ASC brick and test it 
under lab conditions to predict its performance under operational conditions. The crucible (100x100 
mm with hole ϕ 50 mm) is suitable for lab static crucible corrosion test according to DIN 51069-2, 
see Fig. 4. Test run at 1550 °C for 5 hours at oxidation conditions, using fused desulfurization mixture 
as corrosion medium (67 % CaO, 30 % Mg and 3 % CaF2). Corrosion mechanisms preferent run 
through grain boundaries and show minimal values, see Fig. 5. EDX spectrum confirmed min. 
presence of corrosive attack by slag components at the grain boundary region. 

  
Fig. 4. ALKO66ASC 

corrosion test. 
Fig. 5. Grain boundary corroded  

by blast furnace slag. 
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A novel ALKO66ASC (ASC) brick, which chemical and physical properties seen in Table 4 
demonstrated lower energy consumption during production, with natural fossil gas consumption 
reduced by 10 times. The ASC brick is based on andalusite and additives, bonded with an eco-
friendly, phenol-free resin system, and contains 10 % of carbon. 

Table 4. Novel ALKO66ASC refractory brick properties. 

Physical Properties Chemical Composition, [%] 

Bulk density 
[kg.m-3] 

Porosity 
[%] 

Compressive 
strength [MPa] Al2O3 SiC C 

min. 2860 max. 7.5 min. 50.0 66.0 7.0 10.0 

ALKO66ASC brick demonstrates excellent corrosion resistance to molten iron and slag and strong 
resistance to spalling per ASTM 1525 (tested at 1093 °C and then submerged in cold water). No 
cracks were observed after 12 thermal shock cycles; only some minor cracks appeared after 30 cycles 
(Fig. 6), without compromising structural integrity. 

An oxidation resistance test (sample 50x50 mm) at 1480 °C for 5 hours showed 0.5 mm of 
decarbonized surface and 2.2 % volume change – likely due to the transformation of andalusite to 
mullite. 

           
Fig. 6. Evaluation of spalling resistance and result of decarburizing test of ASC brick. 

 

       
Fig. 7. Oxidation layer of ASC brick and andalusite transformation to mullite. 

The refractoriness underload was measured too, and 0.5 % deformation was observed at high 
temperature around 1700 °C for ASC brick. The phase transformation of andalusite into mullite was 
detected and is visible in Fig. 7. The microstructural investigations showed that the depth of 

0=No Cracking 1=Mild Cracking 2=Moderate cracking

   3= Heavy cracking 4= Severe cracking

Scientific Books Collection Vol. 250 49



infiltration of slag in sample was about 300 µm. The hot metal slag reacted mainly with alumina from 
the brick, not with silicon carbide or carbon. The dissolution of silicon carbide was attributed to the 
presence of iron. Forming a layer of calcium aluminate around the alumina aggregate could minimize 
the dissolution of the alumina in the slag. 

Conclusion 
Novel ALKO66ASC brick demonstrated excellent resistance to spalling, corrosion, mechanical 

wear, and abrasion in laboratory tests. These promising results support its use in operational trials. 
While the slag penetrates and reacts with the alumina aggregates, iron dissolves the silicon carbide 
and facilitates further slag penetration within the matrix of ASC bricks. The results also indicated that 
slag and iron tend to react with alumina and silicon carbide, respectively. Molten slag causes 
refractory failure through corrosion dissolution and spalling. Additionally, this technology producing 
new ALKO66ASC brick offers significant energy and cost savings and supports the decarbonization 
of both the refractory and steel industries. 
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Abstract. Final turning, which is a finishing process for obtaining components with specific precise 
parameters, affects the integrity of the surface and its properties, whether hardness or surface residual 
stresses. The synergistic effect of these factors affects the susceptibility of the material, to stress 
corrosion cracking. In this work, 2 types of austenitic stainless steel, namely AISI 304 and AISI 321, 
were turned. Tool with positive cutting geometry was used for turning. The cutting parameters that 
varied were the cutting speed (100 and 250 m.min−1) and the tool feed (0.12, 0.2 and 0.3 mm·rev−1). 
The depth of cut was the same for all turnings (0.8 mm). Subsequently, the prepared samples were 
exposed in MgCl2 solution based on the ASTM G36 for 96 hours. After this time, the samples were 
analysed using SEM, where the density of surface cracks was monitored. When comparing the crack 
density, an increase in density was visible for AISI 304 compared to AISI 321. It was shown that with 
increasing cutting speed, the density of cracks increased significantly, as well as with increasing tool 
feed. On the cross-sections the depth and length of the cracks were analysed. Crack depth and length 
increased with increasing feed too. 

Introduction 

Turning of austenitic stainless steels is a very demanding process, as they undergo strain hardening 
(slip bands or deformation twins are formed) of the surface grains, making machining difficult. In 
addition, mechanical stress and thermal treatment cause the formation of tensile residual stresses, 
which are highest near the surface and gradually decrease with depth to the area of effect of the 
compressive orientation of residual stresses. Turning also affects the surface integrity [1–3].  

The finishing process associated with machining is final turning and final milling, which aims to 
smooth the surface and obtain precise dimensions of the product or semi-finished product. Since final 
machining is the final process in the production of components for primary water circuits of nuclear 
power plants, it is necessary that these components can withstand such extreme conditions (WWER 
reactor type where the temperature of primary circuit is 270 °C and the pressure is 12.26 MPa). 
However, in such an environment, there is a possibility of stress corrosion cracking (SCC) caused 
precisely by the presence of tensile residual stresses, surface integrity but also by microstructural 
changes in the surface areas after machining [3, 4].  

In determining the susceptibility of such steels to SCC caused by machining or final surface 
treatment, exposure tests according to ASTM G36 are most often mentioned in the literature and 
articles, i.e. exposure tests in a boiling MgCl2 solution at a temperature of 155 °C [4, 5], which causes 
the formation of corrosion cracks in a relatively short time, which is a convenient way to determine 
whether such a corrosion event can occur in the material prepared in this way. 

 

Published in: Solid State Phenomena Submitted: 2025-05-13
ISSN: 1662-9779, Vol. 386, pp 77-83 Revised: 2025-12-12
doi:10.4028/p-3CElNJ Accepted: 2025-12-19
© 2026 Trans Tech Publications Ltd, All Rights Reserved Online: 2026-03-13

https://doi.org/10.4028/p-3CElNJ


 

In this work, turning with a tool with positive geometry was used (positive rake angle where the 
cutting edge slopes towards the workpiece), with a combination of parameters: 2 cutting speeds and 
3 types of feeds. The influence of these parameters on the formation of corrosion cracking of two 
types of austenitic stainless steels (AISI 304 and AISI 321) in a boiling MgCl2 solution was 
monitored. The results of both steels were subsequently compared.  

Materials and Methods 

The samples were prepared from two austenitic stainless steels AISI 304 and AISI 321. Table 1 
and Table 2 show the standard chemical composition for both types of steel and the chemical 
composition of the material of the turned samples. Both austenitic steels were solution annealed at 
the temperature of 1050 °C. The surface hardness HV 0.1 of the steel bars (initial state) was 324 ± 13 
for AISI 304 and 319 ± 6 for AISI 321. 

 
Table 1 Chemical composition in wt.% of turned AISI 304 steel and standard AISI 304. 

Steel brand C Si Mn P S Cr Ni Mo Cu 

Material of 
samples 0.026 0.33 1.78 0.044 0.025 18.40 8.01 0.28 0.45 

AISI 304 
standard ≤ 0.07 ≤ 1.00 ≤ 2.00 ≤ 0.045 ≤ 0.03 17.5–

19.5 
8.0–
10.5 - - 

 
Table 2 Chemical composition in wt.% of turned AISI 321 steel and standard AISI 321. 

Steel brand C Si Mn P S Cr Ni Ti Cu 

Material of 
samples 0.064 0.83 1.44 0.025 0.026 17.5 9.89 0.47 0.66 

AISI 321 
standard ≤ 0.08 ≤ 1.00 ≤ 2.00 ≤ 0.045 ≤ 0.03 17.0–

19.0 
9.0–
12.0 

5xC– 
0.70 − 

 
Preparation of samples by final turning. AISI 304 and 321 steel bars with a diameter of 38 mm 
were turned using a DMG CTX alpha 500 lathe. The cutting tools used were VCGT 160408 indexable 
carbide cutting inserts with a sharp cutting edge and a tip radius rε of 0.8 mm, while the cutting 
parameters – cutting speed, feed and depth of cut – were varied (Table 3). The parameters were chosen 
to achieve graded roughness and at the same time obtain different values of residual stresses. The 
depth of cut was 0.8 mm for all samples, which was chosen to remove the previous deformed layer 
of original bars. In this way, a total of 12 samples were prepared for both types of steel. The turned 
rollers were cut and prepared for corrosion test. Before the test itself, they were observed using 
stereomicroscopy to detect possible surface defects. 

 
Table 3 Turning parameters used for austenitic stainless steels AISI 304 and AISI 321. 

Turning parameters 
Cutting speed vc  

(m·min−1) 
Feed f  

(mm·rev−1) 
Depth of cut ap  

(mm) 

100 250 0.12 0.2 0.3 0.8 
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ASTM G36 and crack analysis. To perform the test according to ASTM G36, the apparatus was 
prepared (Fig. 1a). 500 g of MgCl2·6H2O was weighed into an Erlenmeyer flask and 12.5 ml of 
demineralized water was added and heating was started, ensuring that the heated solution had a 
temperature of 155 ± 1 °C. After the temperature had stabilized, samples of one type of steel were 
placed in the solution. The samples were placed in the rounded edge parts of the flask so that they 
were not directly on the heating element. The samples were boiled for 96 hours. After this time, the 
samples were removed, rinsed in demineralized water and cleaned in ultrasound. The procedure was 
repeated for another type of steel. The surface of the samples was first observed using a 
stereomicroscope to determine how cracks propagated within the turned surface. The surface of the 
samples was observed using SEM, where images with a magnification of 500x were used to evaluate 
the crack density. The crack density was determined using ImageJ software. This analysis is 
represented in Fig. 1b. On subsequent cross-sections, where the central surface area was observed, 
the crack lengths (CL – the sum of the lengths of the primary crack together with the lateral cracks) 
and crack depths (CD – the distance from the surface to the deepest point where the crack penetrated) 
were evaluated. In this case, the ImageJ software was used to determine the depth and length (Fig. 1c). 
The crack lengths and depths were divided into size categories of 5 μm, while their length and depth 
distributions were monitored. 
 

 
Fig. 1 Exposure test apparatus according to ASTM G36 (a), method of evaluating crack density 

from SEM image (b) and crack depth and crack length evaluation from SEM image (c). 

Results and Discussion 

After the ASTM G36, SEM images of density of cracks were evaluated, as well as the depth and 
length of cracks in cross-sections. The surface after the test was observed using a stereomicroscope. 
Results of crack density. Stereomicroscopy showed the impact of MgCl2 solution on sample 
surfaces. Selected topographic images of sample 3 before and after the test are shown in Fig. 2. In the 
image, regularly iterated feed marks of turning are visible. Within the cracks formed on the surface, 
the trend of cracks occurring mainly in the troughs themselves was repeated, and only a small part of 
the cracks was connected in the peaks, while these were thicker primary cracks and were in most 
cases perpendicular to the direction of turning. Signs of pitting were also observed. 
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Fig. 2 Surface profile images of AISI 304 of sample 3 before (a) and after ASTM G36 test (b). 

 
The network of cracks on the surface of the samples was also observed using SEM. Fig. 3 shows 

images of the surface of AISI 304 samples. With the cutting speed, an increase in the density of cracks 
was visible (the feed did not have a significant effect on the density). In terms of the highest crack 
density, it was sample 4, but also samples 2 and 6, i.e. samples where a higher cutting speed was used, 
i.e. 250 m∙min−1. Lower crack densities were at lower cutting speed (especially sample 3). As for the 
turned samples of AISI 321 steel, they are shown in Fig. 4. There is an obvious decrease in the crack 
density compared to AISI 304, while the trend in the influence of cutting parameters on the crack 
density was maintained. It is visible that the gradual increase in the cutting speed significantly 
influenced the formation of surface cracks. The lowest crack density is in sample 7, i.e. the sample 
with the lowest feed and cutting speed 100 m∙min−1. A low crack density was also recorded in sample 
11. A gradual increase in cracks is visible, especially in samples 8 or 10. All crack density values are 
in Table 4. The table shows the cutting parameters and the resulting crack densities. The crack density 
is therefore the highest for AISI 304 samples, specifically sample 4 (127.4 ± 21.8 mm∙mm−2), the 
lowest value for sample 3. During the evaluation, there was a major problem with the significant 
variability of the crack density in different parts of the sample surface - which resulted in the standard 
deviations being much higher in these results. This could be caused by the uneven distribution of 
cutting forces during the cutting process and thus affecting the surface, especially in terms of residual 
stress but also hardness or roughness. Within AISI 321 steel, the lowest value was for sample 7 (63.1 
± 17.9 mm∙mm−2), where the crack density was the lowest, but in this case, it also varied in different 
surface areas. Sample 11 also had a low crack density value, namely 65.5 ± 5.1 mm∙mm−2. 
  

 

Fig. 3 SEM images of the surface of all AISI 304 samples after ASTM G36 corrosion test. 
 

 

Fig. 4 SEM images of the surface of all AISI 321 samples after ASTM G36 corrosion test. 
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Table 4 Evaluation of crack density on the surface of samples of both steels. 

Material of 
samples Sample marking Feed f 

(mm· rev−1) 
Cutting speed vc 

(m∙min−1) 
Crack density 
(mm∙mm−2) 

AISI 304 

1 0.12 100 73.5 ± 4.9 
2 0.12 250 111.7 ± 10.4 
3 0.2 100 63.3 ± 8.9 
4 0.2 250 127.4 ± 21.8 
5 0.3 100 87.0 ± 9.4 
6 0.3 250 106.2 ± 17.6 

AISI 321 

7 0.12 100 63.1 ± 17.9 
8 0.12 250 104.4 ± 7.0 
9 0.2 100 83.4 ± 3.9 
10 0.2 250 102.1 ± 13.3 
11 0.3 100 65.5 ± 5.1 
12 0.3 250 100.4 ± 8.3 

 
Results of crack length and depth. Cracks penetrating both steels were analysed using SEM while 
they had various morphologies from branched to simple magistral cracks without significant lateral 
cracks. Cracks were also initiated from the resulting pitting (Fig. 5a), or on some samples, subsurface 
cracks were formed, which interconnected with each other (Fig. 5b). 

The lengths and depths of the cracks were measured and divided into size categories and their 
percentage representation was determined. Figure 6 shows distribution of crack depths and lengths 
for both types of steel. Figs. 6a and 6b shows the distribution of lengths and depths of AISI 304 steel 
samples, where shorter cracks were observed in samples 1 and 2, while with increasing tool feed the 
maximum decreased and the proportion of longer crack lengths increased (the largest in samples 
4 or 5). The largest representation of crack lengths was from 5 to 35 µm. As for the depth of cracks, 
in samples 1 and 2 they penetrated to a maximum depth of 25 µm while gradually, with increasing 
feed, deeper cracks began to appear. In sample 5, cracks penetrating to a depth ranging from 30 to 
35 µm were discovered. 

  
Fig. 5 SEM image of cross-section of AISI 304 sample 5 where crack initiated from corrosion pit 

(a) and cross-section of AISI 321 sample 9 showing subsurface crack networks that interconnect (b) 
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Fig. 6 Crack length (a) and depth (b) distribution of samples of AISI 304 and 

crack length (c) and depth (d) distribution of samples of AISI 321. 
 

In Fig.6 c and Fig. 6d shorter crack lengths were observed in AISI 321 mainly in samples 7 and 8 
but also in 10 (the largest length representation was from 5 μm to 25 μm), while in samples 9, 11 and 
12 the range of lengths shifted (the largest representation from 10 μm to 30 or 35 μm, respectively) 
and a larger number of longer cracks appeared (especially sample 11). In terms of length and depth, 
a decrease was observed in the case of AISI 321 compared to AISI 304, while in terms of depth, 
sample 2 had the shallowest cracks. Comparing both steels, it was found that the distribution peaks 
in AISI 304 steel were more located in shorter or shallower cracks than in the case of AISI 321. 

Discussion. The literature mentions that in terms of turning of austenitic stainless steel, it is most 
appropriate to use tools with a positive rake angle [6] and sharp cutting edge, which was also used in 
this work. This is due to the creation of small cutting forces and low heat generation. However, 
individual turning parameters showed how significantly they subsequently affected the surface and 
resistance to corrosion cracking in a MgCl2 environment. Both parameters – feed and cutting speed 
– negatively affected the SCC resistance. In terms of obtaining a surface with the lowest residual 
tensile stresses, according to Jang et al. the following cutting parameters should be used: low feed (in 
the article 0.08 mm·rev−1), low cutting speed (approximately 28 m·min−1 with a sample diameter of 
49 mm) [7]. The article also mentions a higher depth of cut, specifically 1 mm. However, at a depth 
of cut of 0.76 mm, a still high level of residual tensile stress of machined surface was recorded (around 
500 MPa). Čička et al. mention in their article that the best parameters for final turning are minimum 
depth of cut, maximum spindle speed and low cutting speed [8]. The parameters in this article were 
used to obtain different types of sample surfaces and thus to influence these samples to SCC. 

Summary 

This work deals with the influence of final turning parameters on the susceptibility of two 
austenitic stainless steels AISI 304 and AISI 321 to stress corrosion cracking, and it was found that: 
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• The parameter that significantly increased the crack density was the cutting speed. The highest 
value 127.4 ± 21.8 mm∙mm−2 was in turned AISI 304 sample with a feed of 0.2 mm·rev−1 and a 
cutting speed of 250 m·min−1. The feed was not shown to be a significant factor affecting the 
surface crack density. 

• When comparing the steels, AISI 321 steel had a lower crack density rate than AISI 304 (exception 
sample 3) – the sample with the lowest crack density was the sample 7 turned with a feed of 
0.12 mm·rev−1 and a cutting speed of 100 m·min−1 (63.1 ± 17.9 mm∙mm−2). 

• Within the dimensions of the cracks on the cross sections, the crack length and crack depth 
increased with increasing feed for both types of steel. AISI 321 showed shorter cracks compared 
to AISI 304, however, the distribution maxima in AISI 304 converged more to smaller lengths and 
depths than in AISI 321. 
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Abstract. Diamond-like carbon (DLC) coatings are valued for their excellent wear resistance and 
ability to extend the life of mechanical components, supporting resource conservation. However, high 
residual stress and poor adhesion limit their practical use. Silicon-doped DLC (Si-DLC) can reduce 
stress and improve adhesion, though excess silicon lowers hardness, creating a trade-off. This study 
aimed to optimize both adhesion and hardness by adjusting the silicon-containing gas ratio and the 
number of stacked layers. Si-DLC was deposited on austenitic stainless steel (SUS304) using 
acetylene (C2H2) and tetramethylsilane (TMS) via plasma enhanced chemical vapor deposition 
(PECVD) at 170 °C with a 1.2 µm thickness. Higher TMS ratios increased silicon and hydrogen 
content in the Si-DLC layer. More layers reduced hardness and low-load wear resistance but enhanced 
durability under high loads. 

Introduction 

In recent years, environmental concerns have increased the demand for materials with longer 
service life and enhanced functionality. Surface modification technologies have become essential, 
enabling new surface properties without altering the base material. Desired properties include 
mechanical (wear resistance, lubricity), electrical, optical, thermal, chemical, and decorative 
functions. Established techniques like plating, thermal spraying, carburizing, and nitriding are widely 
used [1, 2]. 

This study focuses on diamond-like carbon (DLC), a high-performance coating known for its 
hardness, low friction, and resistance to wear and corrosion. DLC films, composed of sp³ and sp² 
bonded carbon with hydrogen, can be deposited by chemical vapor deposition (CVD), plasma 
enhanced CVD (PECVD), physical vapor deposition (PVD), and other methods [3]. However, hard 
DLC films often suffer from high internal stress, leading to delamination due to thermal mismatch 
with substrates [4]. 

To address this, researchers have explored doping with elements like Si, Ti, or W (Me-DLC) to 
improve interface stability [5, 6], and multilayer structures to enhance durability [7–9]. Using Si-DLC 
interlayers and adjusting gas ratios during deposition have also proven effective in balancing adhesion 
and mechanical strength [10, 11]. 

In this study, we aimed to enhance both adhesion and durability of Si-DLC/DLC multilayer films 
by varying the precursor gas composition and the number of layers. Using C2H2 and tetramethylsilane 
(TMS) as source gases, the TMS ratio was set to 20 %, 60 %, and 100 %. A deposition using 100 % 
C2H2 was not performed because DLC films directly deposited onto SUS304 tend to delaminate due 
to poor adhesion caused by thermal expansion mismatch. Introducing Si into the DLC network forms 
longer C–Si bonds, relieving residual stress and improving adhesion. In this study, the TMS ratio was 
varied at equal intervals to systematically investigate the effects of Si incorporation and multilayer 
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structure on the mechanical properties of the coatings. While maintaining constant total film 
thickness, the number of layers was varied to create nine multilayer configurations. These were 
systematically analyzed to identify optimal deposition conditions. 

Materials and Methods 

Materials. Austenitic stainless steel SUS304 disk was used as the substrate. The sample material was 
25 mm in diameter and 5 mm in thickness. The SUS304 samples were polished with wet emery paper 
from #220 to #2000. After polishing, the samples were ultrasonically cleaned with acetone, and dried 
in air. 

Si-DLC / DLC coating condition. DLC films were deposited onto an SUS304 substrates through 
PECVD. Sputtering and PECVD were conducted at a 1 × 10-5 Pa base pressure and 443 K. Samples 
were cleaned for 10 min using Ar plasma generated at an applied bias of -380 V and a working 
pressure of 0.70 Pa. Details of the deposition conditions for Si-DLC intermediate layer and DLC films 
are presented in Table 1. Figure 1 shows a schematic illustration of the Si-DLC/DLC multilayer 
structure. The total film thickness was designed to be approximately 1.2 µm, consisting of 0.6 µm × 
2-layers for the two-layer coating, 0.3 µm × 4-layers for the four-layer coating, and 0.2 µm × 6-layers 
for the six-layer coating. The thickness was measured using a surface profiler. A total thickness of 
around 1 µm is generally known to balance adhesion and durability for DLC coatings. In our previous 
study, increasing the TMS ratio improved durability but reduced adhesion [6, 9]. Therefore, the total 
thickness was fixed at 1.2 µm in this study while varying the multilayer structure to improve adhesion 
without compromising durability. 

Surface characterization. The compositional analysis of the treated samples was performed using 
glow discharge optical emission spectroscopy (GD-OES; GD-profiler2, Horiba, Japan). The GD-OES 
conditions included a sputtering-mark diameter of 4 mm, a discharge pressure of 600 Pa, and a power 
of 35 W. The main elements measured were C, Si, and H. 

Mechanical and functional properties evaluation. Mechanical properties were evaluated by 
nanoindentation using an ultra-micro hardness tester (ENT-2100, Elionix Co., Japan) under a 4.0 µN 
load, averaging the middle three of five measurements. Wear resistance was tested with a ball-on-
disk tester (Anton Paar Japan) using an Al₂O₃ ball (ϕ6.35 mm), 5 N load, 0.1 m/s speed, 1000 m 
sliding distance, and 5 mm wear radius, following ISO 18535 [12]. Durability tests used the same 
device with a 10 N load and 7 mm wear radius, continuing until delamination occurred, defined by a 
friction coefficient (μ) reaching 0.4. Adhesion was evaluated by Rockwell indentation (1471 N, C-
scale) using a diamond indenter. Delamination around the indentation was observed with an optical 
microscope (BX60M, Olympus) and ranked HF 1–6 per VDI 3198; HF 1–4 is considered acceptable. 
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Table 1 Coating conditions for Si-DLC / DLC multilayer. 

 
 

 
 

Fig. 1 Structural diagrams of Si-DLC/DLC multilayers. (a) Schematics of 2-, 4-, and 6-layer DLC 
structures. (b) TMS gas ratios for Si-DLC: 100 %, 60 %, and 20 %. 

Results and Discussion 

Figure 2 shows the presence of Si, C, and H peaks across all spectra. In Fig. 2(a)–(c), a single Si 
peak confirms the formation of a Si-DLC/DLC bilayer. Fig. 2(d)–(f) show two Si peaks, indicating a 
4-layer structure with alternating Si-DLC and DLC films. Fig. 2(g)–(i) reveal three Si peaks, 
confirming a 6-layer structure. These results demonstrate the successful fabrication of 2-, 4-, and 6-
layer multilayer films as intended. In addition, the Si and H contents increased with increasing TMS 
gas ratio up to 60 %, which is attributed to the higher Si and H content in the TMS precursor. 
However, the increase became negligible above 60 %, suggesting saturation of Si incorporation at 
higher TMS ratios. 
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Fig. 2 GD-OES intensity profile of Si-DLC / DLC multilayer coated SUS304. 

 
Figure 3(a) and (b) show the nano-hardness and Young’s modulus under all conditions, both 

decreasing with increasing TMS ratio. This is attributed to the higher Si–C bonding and hydrogen 
content from TMS, as confirmed by GD-OES (Fig. 2). Hydrogen incorporation reduces DLC 
hardness by forming sp³-CHₙ (n > 1) structures, relaxing stress and decreasing film density through 
increased voids [13, 14]. 

In addition, both properties decreased with increasing number of layers. The sharper decline from 
2- to 4-layers indicates that thinner layers and more interfaces enhance energy dissipation and the 
effect of softer Si-DLC layers. The smaller change between 4- and 6-layers suggests that mechanical 
properties tend to saturate with further layering [15, 16]. 
 

                                                                         N=3 

 

                                                                         N=3 

 
Fig. 3 (a) Nano-hardness and (b) Young’s modulus of Si-DLC / DLC multilayer coated SUS304. 
 
Figure 4 shows the wear scars and their profiles on both the samples and balls after testing. No 

penetration of the alumina ball into the substrate was observed. Figure 5(a) and Fig. 5(b) present the 
wear volumes of the samples and balls, respectively, for each TMS ratio and number of layers. These 
values were calculated from the wear scar profiles in Fig. 4. The ball wear volume, 𝑉𝑉ball, was 
calculated using Equation (1), where A and B are the minor and major axes of the elliptical wear scar 
(mm), and D is the ball diameter (6.35 mm). 
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Vball = πA3B / 32 D (mm3)  (1) 

The wear volume Vsample of a sample is calculated according to Equation (2), where R is the wear scar 
radius (R = 7 mm) and S is the wear area of the sample surface (mm2).  

Vsample = 2πRS (mm3)  (2) 

S = wd / 2  (3) 

Figure 5 shows the variation of the friction coefficient during the test conducted under a 5 N load. 
The friction coefficients remained low and stable, indicating that the Al₂O₃ ball did not reach the 
substrate during sliding. 
 

 
Fig. 4 Appearance of ball and wear tracks, cross-sectional profiles of samples. 

 

 
Fig. 5 (a–c) Friction force vs. sliding distance for Si-DLC/DLC-coated SUS304. 

 
Figure 6(a) shows that under a 5 N load, the 2-layer Si-DLC with 20 % TMS had the lowest wear 

rate, while the 6-layer DLC had the highest. These differences arise from variations in surface 
hardness, film thickness, Si content, and interlayer interfaces. The excellent wear resistance of the 2-
layer 20 % TMS sample is attributed to its thicker hard layer and balanced hardness–lubrication 
properties. In contrast, higher TMS ratios (60 % and 100 %) likely reduced hardness and increased 
plastic deformation, leading to higher wear. The 6-layer DLC wore rapidly because its thin layers 
exposed softer Si-DLC. As shown in Fig. 6(b), ball wear volume showed a similar trend, increasing 
with film wear due to larger contact area, while lower TMS content and fewer layers helped suppress 
ball wear. 
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                                                                       N=3 

 
Fig. 6 (a) Wear rate of Si-DLC/DLC-coated SUS304 and (b) Al2O3 ball after wear test. 

 
Figure 7(a)–(d) show friction force and sliding distance, indicating improved durability with lower 

TMS ratios due to reduced Si and H contents, which enhanced hardness and load-bearing capacity. 
In the 6-layer DLC, the multilayer structure likely helped distribute stress and suppress delamination 
by reducing stress concentration at interfaces, improving high-load performance [17]. At 10 N, where 
plastic deformation is more pronounced, both hardness and toughness are crucial. 2-layer films with 
thicker layers tend to fail quickly after delamination, while 6-layer DLC better resists damage due to 
thinner layers. Si-DLC films were more under high loads, as higher Si content reduced hardness and 
increased plasticity. At 100 % TMS, deep wear tracks formed. Si-DLC’s oxygen affinity may have 
also promoted oxidation from frictional heat, accelerating wear. The friction coefficients of the 
coatings were approximately 0.1–0.2 under both 5 N and 10 N loads. Although slight variations were 
observed, they were attributed to environmental factors such as humidity and temperature during the 
tests. 

 

 
Fig. 7 (a)–(c) Friction force vs. sliding distance for Si-DLC/DLC-coated SUS304 against Al2O3 

ball at room temperature and (d) delamination distance of each coating. 
 

Figure 8 shows Rockwell indentation results, with all films displaying good adhesion (HF2 or 
better). Only the 2-layer films with 20 % and 100 % TMS showed HF2; all others achieved HF1. 
Lower adhesion at 20% TMS may result from insufficient stress relaxation due to low Si, while 100 % 
TMS may reduce hardness and wear resistance. Fewer interfaces in 2-layer structures likely limited 
stress dissipation. In contrast, multilayer structures improved adhesion by increasing interfaces and 
energy dissipation [18, 19]. These findings emphasize the need to optimize both TMS ratio and layer 
number for better adhesion.  
 

 
Fig. 8 Rockwell indentation of various Si-DLC / DLC multilayer coated SUS304. 
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Conclusions 

This study investigated multilayer films of Si-DLC and DLC deposited using TMS and C2H2, under 
nine conditions varying TMS ratio and number of layers, to assess their effects on adhesion and 
mechanical properties. As a result, the following findings were obtained: 

(1) Nanoindentation showed that increasing TMS ratio and number of layers reduced both hardness 
and Young’s modulus. 

(2) Under a 5 N load, wear increased with more layers and higher TMS due to exposure of softer Si-
DLC. Under 10 N, multilayers improved durability by distributing stress, especially at lower 
TMS ratios. 

(3) All samples showed good adhesion (HF2 or better). Only 2-layer films with 20 % or 100 % TMS 
showed HF2, likely due to limited stress relaxation or reduced hardness. Optimizing both TMS 
ratio and layer number is essential for improved performance. 
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Abstract. Steel 22MnB5 is widely used in the automotive industry for manufacturing high-strength 
structural car body parts. To achieve desired mechanical properties, hot-stamping is used, during 
which the Al-Si coating plays a critical protective role against oxidation. This study investigates the 
structural evolution of the Al-Si coating under various austenitization durations at 920 C. 
Intermetallic phase formation and coating morphology are analyzed. 

Introduction 
Due to the rising costs of advanced materials, there is increasing interest in using more affordable 

alternatives, often with surface modifications for specific applications. A typical example includes 
steels coated with hot-dip zinc or aluminum-silicon (Al-Si) layers, which provide protection against 
corrosion and high-temperature degradation. Al-Si coatings are commonly applied to high-strength 
martensitic steels such as 22MnB5, widely used in the automotive industry. Compared to Zn-based 
coatings, Al-Si offers superior barrier protection and prevents oxidation and scale formation during 
austenitization. When heated to approximately 900 °C, the Al-Si layer melts and intense elemental 
diffusion occurs between the coating and the substrate. This results in the formation of Fe-Al 
intermetallic phases (e.g., Fe2Al5, FeAl), which significantly influence the coating’s morphology, 
mechanical behavior, and subsequent processing. While these phases improve oxidation resistance, 
they can also lead to internal stress, microcracking, and delamination. Understanding these 
phenomena requires knowledge of phase relationships in the Al-Fe-Si system and how they evolve 
during heat treatment. The binary Fe-Al phase diagram (Fig. 1) illustrates the formation of 
intermetallic phases depending on composition and temperature. During hot-dip coating (650 –
700 °C), τ5 (Al7Fe2Si) and FeAl3 layers form. Austenitization at 900 – 950 °C enhances diffusion and 
leads to the formation of Fe-Al phases with higher melting points, preventing complete melting of 
the coating. After heat treatment, the Al-Si layer becomes heterogeneous: the surface contains Al2O3 
and SiO2 oxides that impair weldability, while subsurface regions show Kirkendall voids, 
microcracks, and brittle phases (e.g., Al5Fe2), which contribute to crack formation and delamination. 
These phenomena negatively affect processing [1–6]. 
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Fig. 1. Binary phase diagram Fe-Al [6]. 

Therefore, alloying modifications and detailed studies of intermetallic phase properties are being 
explored to improve coating performance. 

Material and Methods 
The experiments were conducted on 22MnB5 manganese-boron steel sheets (1.2 mm thick) coated 

with AS150Si10 (90 wt.% Al, 10 wt.% Si) [6, 7], with chemical composition conforming to DIN EN 
ISO 683-2 (see Table 1). The coil was sectioned into blanks, which were austenitized at 920 °C for 
420, 600, and 840 s. One sample was retained in the as-received state. Final specimens were laser-cut 
to 18 × 25 mm (Fig. 2). 

Table 1. Chemical composition of steel 22MnB5 according to DIN EN ISO 683-2. 

Element C Si Mn P S Al N Cr Ti B Fe 

Min wt. % 0.21 0.15 1.10 - - - - 0.10 0.015 0.0015 Rest 

Max wt. % 0.25 0.40 1.35 0.023 0.010 0.080 0.010 0.25 0.045 0.0040 Rest 

For EDS and EBSD analyses, metallographic cross-sections were prepared and finished using 
mechanical-chemical polishing with OP-S colloidal suspension (Struers). Elemental and 
crystallographic characterization was carried out using a Helios 5 PFIB FIB-SEM (ThermoFisher) 
equipped with Oxford Instruments detectors: EDS (Ultim Max100) and EBSD (Symmetry S3). 
Analyses were conducted at 20 kV and 26 nA. Light microscope images were acquired using Zeiss 
Axio Imager M2m. 
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Fig. 2. Comparison of changes in the surface of the sample after heat treatment. 

 A) Default state, B) 420 s, C) 600 s, D) 840 s. 

Results and Discussion 
Light microscopy revealed significant structural differences between the initial state and heat-

treated samples (Fig. 3). The most pronounced morphological changes occurred between the 420 s 
and 600 s austenitization times, with the shorter duration resulting in a clearly defined multilayer 
intermetallic structure. In contrast, changes between 600 s and 840 s were less distinct. 

    

 
   

Fig. 3. Comparison of the structure of the intermetallic layer of a metallographic section using a 
light microscope. A) Default state, B) 420 s, C) 600 s, D) 840 s. 

Heat treatment results in pronounced surface oxidation, also visible as a color change (Fig. 2). 
SEM analysis shows a thin, smooth oxide layer in the initial state, while longer austenitization at 
920 °C produces a thicker and more complex oxide structure. EDS results (Fig. 4) confirm increased 
oxide content and enhanced iron diffusion into the coating with prolonged holding time. 

 
Fig. 4. EDS analysis of the chemical composition of the surface. With increasing time, 

surface oxidation and iron diffusion into the layer increase. 

A) B) C) D) 

A) B) C) D) 

[at. %] 
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EDS maps (Fig. 5) reveal substantial changes in coating composition with increased heat treatment 
duration. The initial state features eutectic Si in an aluminum matrix and a thin τ5 layer. In heat-
treated samples, a distinct diffusion transition zone forms between the substrate and the Al-Si coating, 
which broadens over time. Also a layered structure composed of FeAl and Fe2Al5 phases appears in 
the quenched samples. 

    

    
Fig. 5. Comparison of the intermetallic layer structure using EDS maps showing the distribution 
of selected elements such as aluminum (green), silicon (red), and iron (yellow). The comparison 
also shows that the thickness of the intermetallic phases varies in different positions along the  

y-axis. A) Default state, B) 420 s, C) 600 s, D) 840 s. 
Defects such as microcracks, created during forming due to an uneven layer, were found on 

samples exposed to austenitisation for 420 seconds. Kirkendall pores, which are caused by different 
diffusion speeds of aluminium and iron, were also observed. Microcracks caused by different thermal 
expansion coefficients of individual intermetallic phases also occurred on the surface and below  
the surface of the layers. This results in the accumulation of internal stress and the formation of 
subsurface cracks. The spread of these cracks is stopped by ductile layers of Fe3Al or α-Fe. 

 
Fig. 6. EDS line analysis of chemical composition  
(holding time at austenitizing temperature 420 s). 

Based on the chemical composition (Fig. 6) and binary diagram (Fig. 1), we can say that the phase 
composition of the surface layer changes from the substrate surface through α-Fe, which gradually 
transitions to Fe3Al and then to FeAl, Fe2Al5, FeAl, Fe2Al5, FeAl, and in the last layer back to Fe2Al5. 
The width of the diffusion layer is 11 µm. 

At an austenitizing temperature for 600 s, the phase composition of the layer is very similar to that 
of the 420 s layer, with differences only in the widths of the intermetallic layers and the diffusion 
layer. The thickness of the diffusion layer increased by 45 % (17 µm), Fe2Al5 decreased by 15 %  
(15 µm) and FeAl increased by 2.25 % (9 µm) compared to 420 s. 
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FeAl

Fe2Al5

FeAl

Fe2Al5

Fe2Al5
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Fig. 7. EDS line analysis of chemical composition  

 (holding time at austenitizing temperature 840 s). 
According to the chemical composition diagram (Fig. 7), the composition of the phase layers is 

very similar to that of the layer with a holding time of 600 s, but the increase in the thickness of the 
diffusion layer is more noticeable here, increasing by 38 % (22 µm), which is 100 % more than at 
420 s. The thicknesses of the Fe2Al5 and FeAl layers stabilized at 8 µm. Fe2Al5 decreased by 50 %  
(7 µm). 

Samples with an austenitizing temperature for 420 s were examined by SEM-EBSD analysis to 
specify the phase composition. The individual phases analyzed by EBSD are shown in Fig. 8. 

 

Fig. 8. Comparison of EBSD maps. A) Band contrast, B) KAM, C) Phase map. 

840 s

22MnB5αFeFe3Al

FeAl

Fe2Al5

FeAl

Fe2Al5

A) 

B) 
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22MnB5 
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As part of the EBSD analysis, an additional evaluation of the kernel average misorientation (KAM) 
was performed, see Fig. 8. The results showed an increased concentration of stress in the FeAl phase, 
which indicates its increased sensitivity to brittle fracture. This local increase in stress is likely to 
contribute to the brittle failure of the layers. 

 
 

Conclusion 
- Heat treatment of 22MnB5 steel with an Al-Si coating at a temperature of 920 °C leads to 

significant changes in the morphology and structure of the coating. 
- Longer austenitization times (420 s, 600 s, 840 s) cause the formation of heterogeneous 

intermetallic multilayers with different physical properties. During heat treatment, significant 
surface oxidation occurs, the intensity of which increases with increasing holding time at the 
hardening temperature. This causes a significant increase in the thickness of the oxide layer, which 
in turn affects its structure and technological properties. Simultaneously with the increasing 
austenitization time, changes in the chemical composition of the surface layers and a significant 
expansion of the diffusion layer occur, where mainly FeAl and Fe2Al5 intermetallic phases are 
formed. The ratio of these phases changes depending on the holding time. 

- In addition, EBSD analysis revealed an increased stress concentration in the FeAl phase, indicating 
a higher sensitivity of this phase to brittle fracture. Local stress increase is likely to be the main 
factor causing brittle failure and delamination of the layers. 

- The results obtained by combining SEM, EDS, and EBSD methods provide a more detailed 
understanding of the formation, structure, and properties of intermetallic phases in Al-Si coatings. 
This information is essential for further research and optimization of surface layers to improve 
their stability and properties in subsequent technological operations. 
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Abstract. This paper presents a metallographic and fractographic study of AISI 304 austenitic 
stainless steel subjected to mechanical loading in the sensitized condition. Static three-point bending 
tests and impact tests were carried out to evaluate how sensitization affects the mechanical response 
and fracture behaviour of AISI 304. The study compares the initial state of the material with its 
condition after sensitization at 700 °C for 10 h, with emphasis on changes in plastic deformation and 
fracture mechanisms. Microstructural evaluation was performed using light microscopy, while 
Vickers microhardness measurements provided insight into local mechanical changes. Fractographic 
analysis using scanning electron microscopy revealed differences in fracture surface morphology. 
Results demonstrate a decrease in microhardness, reduced impact energy, and noticeable differences 
in fracture morphology following the sensitization treatment, indicating that the heat treatment 
influences both the mechanical response and failure behaviour of AISI 304. 

Introduction 

Austenitic stainless steels are widely used in chemical, automotive, energy, food-processing and 
aerospace industries due to their favourable combination of corrosion resistance, weldability, high 
ductility and stability over a wide temperature range. Their corrosion resistance is governed mainly 
by chromium, which forms a passive oxide layer on the surface, while nickel promotes the formation 
and stability of the austenitic phase. Additional alloying elements such as molybdenum, niobium and 
titanium further improve resistance to localized corrosion or stabilize the microstructure against 
sensitization [1–4]. 

Molybdenum is added to austenitic steels to improve resistance to pitting. Niobium is added to 
cast and formed austenitic steels as a stabilizer to reduce the risk of intergranular corrosion. Basic 
austenitic steels such as AISI 304, 316 and 347 are widely used for power plant components. Recently 
developed super austenitic stainless steels can contain up to six percent molybdenum. The term 'super 
austenitic' refers to austenitic stainless steels containing high levels of chromium, nickel, 
molybdenum and nitrogen, with an iron content of around fifty per cent [3–6]. 

The chromium content of alloys is important in ensuring the corrosion resistance of steels, as it 
forms a passive protective layer on the surface. Nickel is an important austenite forming element. At 
the same time, Cr-Ni and Ni-Mo steels are the most widely used group of stainless steels. The steels 
are stabilized with niobium, titanium, etc. In order to maintain a stable austenitic structure, the balance 
between the contents of the different elements is important. With a carbon content ranging from 0.1 % 
to 0.12 % and a chromium content of 18 %, 9 % nickel is sufficient. By increasing the amount of 
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molybdenum and other ferrite-forming elements such as silicon, niobium and titanium, an increase in 
austenite-forming elements is also required. Molybdenum increases the strength and corrosion 
resistance of steels. Increasing nickel content is also important in reducing the amount of carbon in 
alloys. Silicon is also an important element in steels and its effects at high temperatures limit melt 
carburization and oxidation. The group of austenitic stainless steels also includes Cr-Mn steels, which 
have lower corrosion resistance. They are therefore not used in aggressive and highly corrosive 
equipment [7–9]. 

To evaluate mechanical changes associated with sensitization, the present work focuses on 
microstructural alterations, microhardness, static bending behaviour and impact energy absorption. 

Experimental Material 

The test material was AISI 304 austenitic stainless steel supplied by Novel s.r.o. in the form of 
three-meter-long rods with a cross-section of 10x10 mm. For experiments, specimens were cut to the 
required length of 55 mm, machined with V-notches with an angle of 45° and a depth of 2 mm. The 
chemical composition of AISI 304 is shown in Table 1. 

 
Table 1 Chemical composition of austenitic steel [wt. %]. 

 C Mn Si Cr Ni Mo S P Fe 
AISI 304 0.03 1.44 0.32 18.87 7.80 0.24 0.05 0.02 balance 

 
Sensitization was chosen to determine the susceptibility of the steel to intergranular corrosion. 

This heat treatment was carried out at 700 °C with a holding time at this temperature of 10 hours, 
followed by cooling in the furnace until complete cooling. 
Microhardness was measured on metallographically prepared surfaces using a Zwick/Roell ZHVµ 
tester, by the Vickers method. A diamond four-sided needle with a tip angle of 136° was driven into 
specimens with a load of 0.5 kp and a loading time of 10 seconds. Indentations were placed along a 
line perpendicular to the longitudinal specimen axis. 

Specimens were subjected to static three-point bending tests and impact (Charpy) tests. At the end 
of tests, specimens were observed under a scanning electron microscope, where fractographic 
evaluations of the fracture surfaces were made after tests. The observed fracture surfaces were 
analyzed in terms of the propagation of plastic zones. 

 Results and Discussion 

In the sensitized condition, the microstructure shows a visibly increased contrast along grain 
boundaries compared to the initial state (Fig. 1a, b). Such boundary decoration is consistent with the 
formation of chromium-rich precipitates reported in the literature during sensitization of AISI 304. 
However, in this study no EDS or TEM analysis was performed, and therefore the presence of 
chromium carbides cannot be conclusively confirmed. The micrographs indicate only that the grain 
boundaries exhibit altered etching response after heat treatment, suggesting microstructural changes 
associated with sensitization.  

After sensitization, electrolytic etching according to ASTM A262 Practice A (Fig. 1c) revealed 
grooves and discontinuities along grain boundaries, which qualitatively indicate sensitization-related 
chromium depletion [10, 11]. 
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Fig. 1 Microstructure of 304 austenitic steel, a) in the initial state, b) after sensitization, etch. 

G+HF+HNO3, c) after sensitization, etch. 10 % oxalic acid. 
 
The average microhardness value of the 304 test material in the initial state (Fig. 2) is not uniform 

along the length of the measured area, where the lowest microhardness value recorded was 251 HV 
0.5 and the highest measured value was 337 HV 0.5. From the microhardness curve of the austenitic 
steel 304 after sensitization (Fig. 3) that the curve indicates lower values than the initial state and is 
not uniform along the length of the measured area, where the minimum measured microhardness 
value was 212 HV 0.5 and the maximum measured microhardness value was 262 HV 0.5. 

 

 
Fig. 2 Microhardness profile of 304 austenitic steel in the initial state. 

 
The microhardness measurements of the sensitized material exhibit a smaller scatter compared to 

the initial state. This variation is consistent with the known microstructural heterogeneity that 
develops during sensitization. Although indentations located near grain boundaries depleted with 
precipitates could contribute to such scatter, this was not directly verified in the present study, as no 
post-indentation metallographic examination was performed. Therefore, the interpretation is limited 
to the observation that sensitization decreases hardness and also decreases measurement variability, 
which is commonly reported for AISI 304 after heat treatment [12, 13]. 

a) b) c) 
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Fig. 3 Microhardness profile of AISI 304 austenitic steel after sensitization. 

 
Before the bending impact test, the specimen surfaces were metallographically prepared and 

imaged with a scanning electron microscope. Then, an impact (Charpy) tests was performed and these 
surfaces and the fractures themselves were observed after the test (Fig. 4a). The average absorbed 
energy of the sensitized samples is 163.3 J. 

After the bending impact test, a plastic region near the notch close to the crack was identified in 
the fractured specimens. Deformation-induced slip features and line-like contrast appear within the 
grains, consistent with localized plastic deformation. Plastically deformed annealing twins were also 
clearly observed, which contained distinct thicker slip bands (Fig. 4b). 

Fractographic analysis allowed to determine the nature of the fracture and to assess the ductility 
of the material. The fracture surface exhibited a predominantly ductile morphology characterized by 
shallow dimples formed by microvoid coalescence (Fig. 4c). Several inclusions, likely oxide or 
sulphide particles, were observed at the base of some dimples. No brittle cleavage features were 
detected [14, 15]. 

 

   
Fig. 4 Fracture surface after bending impact test, a) fracture surface, b) deformation-induced slips, 

c) shallow dimples. 
 

The static three-point bending test allows observing the development and propagation of 
deformation processes under the notch of the specimen by a slow process of increasing the loading 
force. In this way, it was possible to evaluate the manifestation of plastic deformation on the surface 
of the specimen material (Fig. 5a). Before the static three-point bending test, the surfaces of the 

a) b) c) 
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specimens were metallographically prepared after sensitization, especially around the notch, in order 
to better observe the surface changes after loading. The maximum static loading force was 32 800 N, 
at which a crack appeared under the root of the notch and the loading deformed the grains in different 
crystallographic directions. The plastic deformation was manifested by deformation-induced slip 
features and line-like contrast appear within the grains, consistent with localized plastic deformation. 
(Fig. 5b). 

 

  

  

Fig. 5 AISI 304 after sensitization, a) crack formed during static test, b) detail of plastically 
deformed grains, c) interruption of the plastic deformation process in the grain by 

annealing twinning, d) annealing twinning with ongoing plastic deformation at 
the edge of a propagating crack 

 
The length and width of these slip bands gradually increase and widen. The slip lines have different 

distances and orientations from each other, but sometimes they are almost parallel as documented in 
Fig. 5c [16]. In some cases, such as at the edge of a crack that has grown and spread, there is a gradual 
increase in plastic deformation even through annealing twins as seen in Fig. 5d. In materials with low 
energy stacking faults, dislocations find almost no obstacles and planar transverse crossing prevails 
in many slip planes close to each other [16]. 

 

 

 

a) b) 

c) d) 
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Conclusion  

The research consisted of obtaining and processing data on the chemical analysis of the tested 
material, microstructure, microhardness and static and dynamic testing. The fracture surfaces after 
tests were also evaluated.  

• The austenitic steel 304, after sensitization and subsequent cooling in the furnace, has a 
microstructure formed by polyhedral austenite grains of various sizes, with annealing twins and 
also deformable martensite. At the grain boundaries by segregation, there were a visibly increased 
contrast along grain boundaries. A definitive confirmation of grain-boundary carbide precipitation 
would require compositional or diffraction-based techniques such as EDS, TEM, or EBSD phase 
mapping, which were beyond the scope of the present work. 

• From the microhardness history of austenitic steel 304 after sensitization, the minimum 
measured microhardness value was 212 HV 0.5 and the maximum measured microhardness value 
was 262 HV0.5. 

• All test specimens after the impact test in bending had a ductile fracture with shallow dimples, 
with an average absorbed energy of 163.3 J. 

• The static test was able to evaluate the manifestation of plastic deformation on the surface of 
the specimen material. The maximum static loading force was 32800 N, because at this force a 
crack was formed on the notch. The specimen showed a deformation surface on which deformed 
grains could be observed. 

• For comparison, the reference measurements for the initial (non-sensitized) state were: 
average absorbed energy of 123.3 J and maximum static loading force of 35 000 N. 
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Abstract. In the paper the detailed structural changes in the cutting zone were determined using 
metallography. Accurate determination of parameters such as shear angle, slip angle, chip thickness, 
cutting ratio, chip separation point, etc. required metallographic analysis on a relatively complex 
sampling of the cutting area. We performed the analysis on an orthogonal cutting. We achieved 
orthogonal cutting by turning a thin-walled Inconel 718 and C45 alloy tubes and setting the lath bit 
cutting edge perpendicular to the tube axis. In real state, the shapes in the cutting zone are more 
complicated therefore the chip thickness was determined using quantitative metallography from the 
equality of areas and the resulting point of transition between the chip and the machined surface. The 
shear angle starts from this point and is a tangent to the cutting edge, the direction of which was 
determined using the Thales circle. The distance between this point and the machined surface which 
represents a layer which is not separated from the machined material but is planar deformed was 
determined too. The depth of the deformed layer and the value of deformation on the machined 
surface was determined by quantitative metallography. A much simpler numerical simulation was 
performed with the same parameters using Deform 2D/3D software package. Numerical simulation 
could not fully replace metallographic analysis, but to some extent numerical simulation can be used 
instead of metallographic analysis.  

Introduction 
Structural changes in the cutting zone during turning are significantly influenced by the 

technological conditions of the machining process. A detailed understanding of these changes – 
particularly in terms of chip formation and material flow – is essential and can be achieved through 
metallographic analysis. Accurate determination of key parameters such as the shear angle, slip angle, 
chip thickness, and cutting ratio typically requires sectioning and analysis of specimens obtained 
through interrupted cutting, a procedure that is both complex and time-consuming. Under ideal 
conditions, the cutting zone exhibits a smooth, continuous chip, a sharp tool edge, and a clearly 
defined transition between the chip and the machined surface, as illustrated in Fig. 1. In such cases, 
fundamental parameters like chip thickness and shear angle can be determined relatively easily and 
used to calculate key process characteristics. However, under real-world machining conditions, the 
geometry of the cutting zone is considerably more complex [1], as shown in Fig. 2. In these cases, 
parameter determination often requires the application of specialized algorithms [2], or the 
development of new methods tailored to the specific cutting scenario. Numerical simulation offers a 
more accessible and time-efficient alternative for studying cutting phenomena [3]. Nevertheless, the 
reliability of simulation outcomes depends critically on validation against experimental data. Only 
when a simulation model has been verified through experimental comparison can it be considered a 
valid substitute for metallographic analysis.  
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Metal cutting, when analyzed as a plastic deformation process, is characterized by highly localized 
and asymmetric material flow occurring at extremely large strains and exceptionally high strain rates. 
Within the cutting zone, three distinct regions of intensive plastic deformation can be identified. The 
tertiary deformation zone, found at the contact area between the tool flank and the freshly machined 
surface. The Saltykov stereological method, using oriented test lines, enables quantification of grain 
boundary orientation [4], thus allowing indirect measurement of plastic deformation [5]. 
 

  
Fig. 1 Cutting zone ideal state and its geometry. Fig. 2 Cutting zone real state. 

Experimental Procedures and Results 
The experimental investigation was conducted on CK45 (1.0503) carbon steel, a medium-carbon 

alloy commonly employed as a reference material in machining studies due to its well-characterized 
behavior under cutting conditions. The cutting analysis was performed under orthogonal cutting 
conditions, which simplify the mechanics of the process and allow more direct interpretation of 
deformation and chip formation. The tool used for turning was a clamped carbide insert, specifically 
the SECO DNMG150608-M3, TP3500 grade, known for its stability in finishing operations and 
reliable performance in steel machining. The process was carried out using standard cutting 
parameters: cutting speed vc = 175 m.min-1, feed f = 0.1mm, rake angle α = -1°, clearance angle 
γ = 6°, cutting edge radius rn = 19 µm. To obtain metallographic specimens from the cutting zone, the 
internal stress method was applied. This approach involves the interruption of the cutting process at 
a precise moment, allowing for preservation and extraction of the deformed zone for subsequent 
microstructural analysis. This technique ensures minimal disruption to the material state during 
sampling, preserving the geometry and microstructure of the chip–tool–workpiece interface.  

Following the cutting tests, the obtained chip specimens were preserved together with the 
machined surface for further analysis. Microstructural evaluation was performed on transverse 
sections through the cutting zone using metallographic cross-sections, allowing for detailed 
observation of chip morphology, deformation zones, and the interface between the chip and 
workpiece. To determine the chip thickness (t₂), a quantitative metallographic method was employed. 
This approach is based on the principle of area equivalence between the cut chip cross-section and a 
rectangle of known width and unknown thickness. By equating the area of the deformed chip to that 
of a rectangle with a width equal to the cutting feed, the chip thickness can be precisely estimated. 
This method, introduced here, represents a novel approach to measuring chip thickness from 
microstructural data (Fig. 3). A critical geometric feature – the point of transition between the chip 
and the machined surface – was denoted as point A. To determine the shear plane angle (Φ), a tangent 
was constructed from point B, lying on the cutting edge radius, such that it passes through point A. 
This tangent is geometrically defined as a tangent to the cutting edge radius, forming the shear plane. 
To achieve this, a Thales circle was constructed over the diameter connecting point A and the center 
of the cutting edge radius, enabling a precise graphical determination of the shear angle. This 
geometrical construction also represents a new method developed in the present study. The vertical 
distance from point B to the machined surface, denoted as hd, corresponds to a material layer that is 
not removed as chip but instead experiences planar plastic deformation. This layer, referred to as t₁, 
represents the beginning of the tertiary deformation zone, as seen in Fig. 5. In addition to the shear 
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angle, the slip plane angle (Φ₁) was measured directly from the microstructure, yielding a value of 
45.5° (Fig. 4). Unlike the shear angle, this value is easier to measure due to the distinct orientation of 
grain elongation. The difference between the slip angle and shear angle provides a useful indicator of 
material plasticity – ranging from zero in fully ductile materials to approximately 30° in brittle ones. 
All experimentally determined parameters are summarized in Fig. 4 – shear plane angle Φ = 27.5°, 
t1 = 90 µm, t2 = 140 µm, hd = 7 µm, tertiary deformed layer 10 µm, plastic deformation in tertiary area 
ɛ = 0.44. 

 

  
Fig. 3 Cut of chip. Fig. 4 Cutting zone parameters. 

 

  
Fig. 5 Machined surface. Fig. 6 Chip of Inconel 718. 

 
The second workpiece was the bulk from Inconel 718. We performed the analysis on an orthogonal 

cutting.  CNMG 120408 SM cemented carbide cutting inserts (WC+Co10%) were used as samples 
in the experimental research and PCLNL 2020K12 tool holder. Standard cutting parameters were 
used: cutting speed vc = 50 m.min-1, feed f = 0.1 mm, rake angle α = -1°, clearance angle γ = 6°, 
cutting edge radius rn = 19 µm.  

Internal stress method for cutting zone specimen obtaining was used as in previous case. The chip 
thickness t2 was determined using quantitative metallography from Fig. 6. Slip plane angle Φ1 was 
30° (measured directly in Fig. 7). 

All above mentioned parameters are in Fig. 7 – shear plane angle Φ = 20°, t1 = 88 µm, t2 = 200 
µm, hd = 2.5 µm, tertiary deformed layer 10 µm, plastic deformation in tertiary area ɛ = 0.23 (Fig. 8). 
In this case cutting forces were measured. Kistler (Type 9257B) dynamometer was used to measure 
cutting force components during the turning. Geometry of cutting forces is in Fig. 1 (R – total force, 
Fc – cutting force Ft – tangential force, Fs – shear force, Fn – normal to shear force,  τ – friction angle, 
F – friction force, N – normal force to friction force, Φ – shear angle, α – tool rake angle, t1/t2 – chip 
thickness undeform/deformed). Measured forces were Fc = 412 N, Ft = 227 N. Forces F and N 
determined according Fig. 1 were F = 220 N, N = 416 N, friction coefficient µ = 0.53. To determine 
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all other parameters it is necessary to know the shear angle Φ, which was metallographic determined, 
e.g. Fs = 310 N. As can be seen, metallographic analysis of the cutting zone is relatively complex both 
during sample preparation and evaluation. Therefore, an attempt is made to replace it with a simpler 
numerical simulation. 
 

  
Fig. 7 Cutting zone parameters Inconel 718. Fig. 8 Machined surface Inconel 718. 

Numeric Simulation and Results 
To support the experimental observations and validate the newly proposed geometrical methods 

for chip analysis, a finite element simulation of the orthogonal cutting process was performed using 
DEFORM-2D. The simulation focused on reproducing the essential features of chip formation, 
enabling the evaluation of the shear plane angle, chip thickness, the tertiary deformed layer, and 
cutting force components under conditions identical to the experimental setup. 

The numerical model adopted a two-dimensional orthogonal cutting configuration, with the cutting 
tool positioned perpendicularly to the workpiece surface [6]. The workpiece material, CK45 carbon 
steel, was modeled as a plastic, thermoviscoplastic deformable body using temperature- and strain 
rate-dependent data from the DEFORM material database . The cutting tool was treated as a rigid 
object, consistent with standard modeling practice in metal cutting simulations. Tool geometry and 
contact conditions matched those used in the experiment. Boundary conditions and cutting parameters 
were defined to replicate the experimental machining process. A Lagrangian incremental approach 
was used, with refined meshing applied in the primary shear zone and tool–chip interface to ensure 
accurate resolution of deformation and temperature gradients. Thermomechanical coupling was 
included to account for the heat generated through plastic deformation and frictional contact. The 
tool–workpiece interaction was modeled using a Coulomb friction model, with friction coefficients 
obtained from the material database [7]. 

To complement the experimental investigation, a series of finite element simulations were 
conducted using DEFORM-2D, with the aim of replicating chip formation and quantitatively 
evaluating key machining parameters. These included the shear plane angle, chip thickness, tertiary 
deformation layer thickness, and cutting forces, all under orthogonal cutting conditions corresponding 
to the experimental setup. 

The simulation adopted a two-dimensional orthogonal cutting configuration. The tool was 
positioned perpendicular to the axis of the workpiece, mirroring the experimental turning setup of 
thin-walled tubes. The workpiece material was modeled as a deformable viscoplastic solid, with 
properties drawn from the DEFORM material database. The tool was assumed rigid, and real tool 
geometry was applied, including rake and clearance angles, as well as cutting edge radius. 
Thermomechanical coupling was used throughout, incorporating plastic deformation heating and 
frictional sliding, based on database-defined contact properties. 
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The first simulation used C45 (1.0503) carbon steel as the workpiece material, corresponding to 
the material used in the physical experiment. A standard Lagrangian time-incremental formulation 
was used, with refined meshing in the cutting zone to capture the steep gradients in strain and 
temperature. The simulation successfully replicated continuous chip formation, as shown in Fig 9. 

The simulated chip geometry and deformation fields were used to extract cutting parameters. The 
shear plane angle was found to be 24.5°, which is close to the experimentally determined value. The 
chip thickness at steady-state cutting was measured as 0.32 mm, consistent with the flow-based 
deformation behavior of ductile C45. A distinct tertiary deformation layer of 0.01 mm thickness was 
observed near the machined surface. The simulation also provided reliable values for the cutting force 
(Fc = 222 N) and passive force (Ft = 121 N), data that will be used in future validation with force 
measurement instrumentation. 
 

  
Fig. 9 Simulation results for C45 carbon steel. Fig. 10 Simulation results for Inconel alloy. 

 
A second simulation was carried out for Inconel, a high-temperature nickel-based alloy known for 

its poor machinability. In this case, additional mesh refinement and remeshing criteria were applied 
to manage the high gradients in strain and to maintain mesh quality in the primary shear zone.  

The simulation results for Inconel showed a markedly different deformation response compared 
to C45. Due to the alloy’s higher strength and strain hardening rate, the shear plane angle was reduced 
to 21°, indicating a more compact and intense shear zone. The chip thickness was measured at 
0.22 mm, reflecting stronger material resistance and lower ductility. The tertiary deformation layer 
was visibly thicker, measured at 0.025 mm, which is consistent with increased surface strain 
accumulation in difficult-to-cut materials. Notably, the cutting force increased significantly to 
332.7 N, with a corresponding thrust force of 172.4 N. These values confirm the higher energy 
requirements and tool loading conditions when machining superalloys like Inconel. The chip 
formation and thermal–mechanical response are illustrated in Fig. 10. 

Summary and Conclusion 
Comparing the experimental and numerical simulation results clearly shows a qualitative 

agreement between the two analyzed materials, which implies that the numerical simulation correlates 
with the experimentally determined parameters, but there are quantitative differences. 

The combination of experimental analysis and numerical simulation provided a comprehensive 
understanding of the orthogonal cutting process, including chip formation mechanisms, shear angle 
evolution, tertiary deformation behavior, and cutting force development. However, both approaches 
present distinct advantages and inherent limitations. From the experimental side, while the 
observations are grounded in physical reality, preparing specimens and acquiring reliable data – such 
as shear plane angles or tertiary deformation layers – requires extensive time, precision, and effort. 
Metallographic preparation, microstructural interpretation, and manual measurements introduce 
variability and demand significant operator expertise. 
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Conversely, the finite element simulation offers a fast and repeatable means of accessing internal 
variables like stress, strain, temperature, and force, which are often inaccessible in experiments. 
Nonetheless, the reliability of simulation outcomes is highly dependent on the accuracy of boundary 
conditions, tool–workpiece interaction definitions, and especially the material model. In the absence 
of well-defined material behavior under high strain rates and elevated temperatures, the simulated 
results may deviate significantly from physical reality. Thus, while experiments provide trustworthy 
validation, simulations offer efficient predictive power. The two methods are best viewed as 
complementary: experiments are critical for validating new modeling approaches, and simulations 
are essential for extending insights beyond the reach of conventional measurement techniques. 
Successful integration of both requires careful calibration, thorough material characterization, and 
clear understanding of process physics. 

Numerical simulation could not fully replace metallographic analysis, but to some extent 
numerical simulation can be used instead of metallographic analysis for process optimization, i.e. 
mutual comparison of results for different machining parameters. There are several such parameters 
and performing experiments with their combination is practically impossible, but with numerical 
simulation it is relatively easy. 
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Abstract. This paper presents experimental results on the processing of complex concentrated alloy 
with a nominal composition of A0.35CoCrFeNi. The alloy was produced by vacuum induction melting 
and tilt casting. The microstructure of the as-cast CCA consists of dendritic and interdendritic regions 
homogenized by heat treatment at 1360 °C. After rotary swaging at room temperature, the 
microstructure is characterized by an abundance of dislocations and continuously intersecting slip 
bands. Annealing experiments were carried out in the temperature range of 1150 °C – 1300 °C and 
different holding times to determine the parameters of grain growth kinetics. Phase and chemical 
analysis were investigated using XRD and EDS methods. The activation energy of recrystallization 
in the studied composition was 458 kJ mol-1. The influence of grain size on room temperature 
mechanical properties and tensile properties was determined. The hardening coefficients kh and kσ, 
calculated using the Hall-Petch relation, were 277.5 HV µm-1/2 and 655 MPa µm-1/2, indicating the 
effectiveness of grain boundary hardening in the studied single-phase CCA. 

Introduction 
High-entropy alloys (HEAs) have attracted considerable interest since their discovery, but despite 

an impressive amount of research, much remains to be fully understood. Characterized by their 
multicomponent nature, these alloys typically consist of four or more elements forming a single-phase 
solid solution [1]. This unique characteristic gives HEAs exceptional mechanical properties compared 
to traditional alloys, such as a high strain hardening coefficient and ductility in FCC structures or 
excellent yield strength in BCC structures [2, 3]. However, HEAs often require additional 
improvement to achieve an optimal balance between strength and ductility - key properties for 
structural materials. This is usually accomplished by introducing various intermetallic phases into a 
single-phase alloy. This type of HEAs is called complex concentrated alloys (CCAs) [4].  

Equimolar CoCrFeNi alloy with FCC structure exhibits excellent uniform deformation and a 
relatively low yield strength of 160 MPa but a high tensile strength of 718 MPa [5]. It is, therefore, 
an excellent basis for further precipitation hardening. Adding Al, even in small quantities, can 
significantly change this alloy's structure and mechanical properties, forming secondary phases such 
as B2, L12, or σ-phase [6]. For example, creating the B2 phase in the structure of CoCrFeNi HEA 
with the addition of 0.7 mol. % aluminum increases the yield strength (YS) and ultimate tensile 
strength (UTS) to 770 MPa and 1090 MPa, respectively, with an elongation of ~17 %. The release of 
finely dispersed L12 precipitates leads to an even more significant increase in the YS and UTS to 
990 MPa and 1400 MPa, respectively, while maintaining plasticity at a level of ~13 % [7]. In addition 
to promoting the formation of secondary phases, the addition of aluminum also contributes to the 
solid solution hardening due to lattice distortion. Grain boundary strengthening is another key factor 
in improving the mechanical properties of HEAs/CCAs by creating grain boundaries that impede 
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dislocation motion [8]. Various plastic deformation techniques followed by recrystallization 
annealing are used to achieve a fine-grained structure [9]. Research shows that HEAs/CCAs exhibit 
slower grain growth and higher activation energy than conventional alloys, attributed to their 
compositional complexity [10]. 

This study aims to develop a CCA based on an Al-doped equiatomic CoCrFeNi alloy to enhance 
its strength while maintaining acceptable ductility. By combining rotary swaging and controlled 
annealing, the study seeks to optimize the relationship between grain size and mechanical properties 
in a single-phase Al0.35CoCrFeNi CCA for further research to improve the alloy's strength. 

Methods of Obtaining and Studying the Material 
A CCA with the nominal composition Al0.35CoCrFeNi (mol.%) was prepared using the methods 

of vacuum induction melting (VIM) in a graphite crucible and inclined casting into a graphite mold 
in an IT-KTV-20/1.5 unit (LINN High Therm GmbH). The charge was heated to a melt temperature 
of 1580 °C and held for 10 min to completely dissolve all components. To minimize the loss of 
reactive elements due to evaporation, the melting was carried out in an argon atmosphere at pressure 
10 kPa. Cast ingots with a diameter of 25 mm and a length of 140 mm were subjected to solid solution 
annealing at a temperature of 1360 °C for 6 h in a protective dynamic argon atmosphere in a 
Nabertherm resistance furnace, LHT08/17, followed by stepwise rotary swaging at room temperature 
to a final diameter of about ~8 mm. Annealing experiments were carried out at 1150 °C, 1200 °C, 
1250 °C and 1300 °C under argon atmosphere using rapid cooling. The annealing times were 3 min, 
20 min, 120 min, and 480 min. After appropriate metallographic preparation of the samples, 
microstructural studies were carried out using scanning electron microscopy (SEM) using a JEOL 
7600F microscope, and transmission electron microscopy (TEM) using a JEOL 1200 FX microscope 
operating at 80 kV. The chemical composition of the as-cast alloy was measured using energy 
dispersive spectroscopy (EDS). The morphology and grain size were measured using a computer 
image analyzer and SigmaScanPro software. X-ray diffraction (XRD) analysis was performed using 
a Bruker D8 diffractometer operating at 12 kW with a copper anode. 

Hardness testing was performed using a Zwick Roell ZHμ Vickers indenter with a load of 98 N. 
Tensile tests were performed on cylindrical specimens with the diameter of the gauge part was 
4.5 mm, and the gauge length was 22.5 mm at room temperature and a 2 × 10−3s−1 strain rate using a 
Zwick/Roell Z100 universal testing machine. For each alloy microstructure, two samples were used. 
Elongation was measured using a MAYTEC PMA-12/V7 high-temperature extensometer with 
ceramic sensor arms. 

Discussion of the Obtained Results  
Fig. 1a shows a typical as-cast microstructure, which consists of dendritic and interdendritic 

regions due to segregation during solidification. The chemical composition, measured by EDS, 
indicates an increased concentration of Ni and Al in the interdendritic region, and Cr and Fe in the 
dendritic region, respectively [11]. After casting, the structure's X-ray diffraction pattern shows 
single-phase diffraction peaks corresponding to the FCC (A1) phase (Fig. 1b). 

Before swaging, homogenization annealing was performed at 1360 °C for 6 h to eliminate 
segregation. Fig. 1c illustrates the SEM microstructure of the alloy following plastic deformation, 
which enabled the accumulation of a high degree of deformation and the introduction of numerous 
nuclei for subsequent recrystallization. Fig. 1d shows a more detailed structure after rotary swaging, 
including the TEM microstructure with the corresponding diffraction pattern. The structure contains 
many dislocation walls formed by slip planes restricting the movement of accumulated dislocations 
during deformation. Due to the high degree of deformation, it is also possible to observe the formation 
of curved, intersecting, deformed slip bands. 
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Fig. 1 The typical microstructure of the Al0.35CoCrFeNi CCA: (a) SEM micrograph showing 

detail of the as-cast dendritic microstructure of the transversal section; (b) XRD pattern of 
the studied as-cast alloy; (c) SEM micrograph showing detail of the swaged microstructure 

of the transversal section; (d) TEM bright-field images of the swaged alloy with 
corresponding selected-area diffraction pattern (SADP). 

 
To study the grain growth kinetics and the effect of grain size on the mechanical properties of a 

single-phase solid solution, the alloy was heat-treated according to the phase diagram [12] in the 
temperature range of 1150 °C – 1300 °C with a step of 50 °C, with different holding times. Fig. 2 
shows the structures of the alloy annealed at 1150 °C for 3 min and 480 min. As shown in Fig. 2a, 
after 3-minute annealing, the deformation structure disappears, and a microstructure with an average 
grain size of about 35 μm appears. With annealing time increasing to 480 min, the average grain size 
increases to 126 μm (Fig. 2b). The annealing twins are also observed in the structures (Fig. 2a and b), 
the formation of which is maintained by a high level of stored energy and is strongest at the beginning 
of recrystallization.  

The grain growth kinetics were evaluated quantitatively by analyzing the grain size as a function 
of isothermal annealing time and described using expressions for polycrystalline materials (Eq.1) and 
the Arrhenius equation (Eq.2): 

𝑑𝑑𝑛𝑛 − 𝑑𝑑0𝑛𝑛 = 𝑘𝑘𝑘𝑘,                                                                                                                             (1) 

𝑘𝑘 = 𝑘𝑘0 𝑒𝑒𝑒𝑒𝑒𝑒( − 𝑄𝑄/𝑅𝑅𝑅𝑅),                                                                                                               (2) 

where n is the grain growth index, which determines the growth mechanism; k is the kinetic constant, 
which determines the diffusion processes and depends on the temperature T and grain boundary 
energy; t is the holding time, d is the grain size; do is the initial grain size, ko is the pre-exponential 
factor, Q is the recrystallization activation energy, and R is the universal gas constant. 

The grain growth index n for this alloy was 2.9, indicating that the grain growth is controlled by 
diffusion only, which agrees with the results of other studies for HEAs/CCAs [13]. Determining the 
dependence of the kinetic constants on annealing temperatures and using Eq. 2 allowed us to 
determine the recrystallization activation energy for the studied CCA, which was 458.65 kJ.mol-1 
[11]. Similar activation energy values were obtained for the CoCrFeNi alloy doped with 0.3 mol.% 
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and 0.2 mol.% aluminum [14]. At the same time, the activation energy of the single-phase CoCrFeNi 
alloy is 221 kJ.mol-1 [15]. Such high activation energy values are most likely due to alloying with 
aluminum, which introduces even more significant lattice distortion due to its larger atomic radius. 
 

 
Fig. 2 SEM micrographs of Al0.35CoCrFeNi CCA annealed at 1150 °C for various times: 

(a) 3 min, (b) 480 min. 
 

The measured hardness of the studied Al0.35CoCrFeNi alloy after casting was (140 ± 0.5) HV [12]. 
Plastic deformation at room temperature led to an increase in hardness to (260 ± 0.5) HV. Further 
annealing of the quenched material at 1150 °C for 3 min reduced the hardness values to the initial 
value due to recovery and recrystallization processes. The increase in average grain size explains the 
insignificant decrease in hardness with an increase in annealing time to 480 min. The Hall-Petch 
relationship was used to describe the dependence of hardness on the average grain size, which allows 
one to determine the efficiency of grain boundaries in strengthening the alloy (Eq.3): 

𝐻𝐻 = 𝐻𝐻0 + 𝑘𝑘ℎ𝑑𝑑−1/2.                                                                                                                         (3) 

The values of intrinsic hardness H0 and Hall-Petch hardening coefficient kh for the studied CCA 
with single-phase FCC structure were estimated as 99.13 HV and 277.5 HVμm-1/2, respectively. 
Compared with the results of previously published studies for similar aluminum-alloyed alloys, minor 
discrepancies in the values were observed [16, 17], which may be due to the difference in the pre-
treatment stages. For the single-phase alloy, the kh parameter was 165 HVμm-1/2 [18], which is more 
than one and a half times lower than the value obtained in this study, demonstrating the effectiveness 
of aluminum alloying for strengthening the alloy. 
 

  
Fig. 3  Compressive true stress–true strain 
curves for annealed specimens at 1150°C:  

1 – 3 min, 2 – 20 min, 3 – 120 min, 4 – 480 min. 

Fig. 4 Hall-Petch relationship (hardness and 
yield strength as a function of grain size) for 
annealed CCA at 1150 °C for different times. 
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Typical engineering stress-strain curves of the studied single-phase Al0.35CoCrFeNi CCA are 
shown in Fig. 3. To investigate the effect of grain size on the strength and relative elongation of the 
alloy with a single-phase FCC structure, tensile tests were conducted at room temperature on annealed 
samples with varying holding times. The obtained data for all four alloys are in agreement with the 
measured hardness. According to the results, high values of relative elongation before failure indicate 
that the obtained FCC single-phase alloy has a good strain-hardening ability. Additionally, it is 
observed that with a decrease in annealing time, the relative elongation decreases slightly. Despite 
this, the alloy still demonstrates more than 50 % high ductility. Conversely, the tensile strength and 
yield strength values increase with decreasing annealing time, reaching 705 MPa and 291 MPa, 
respectively. As in the case of hardness, the tensile yield strength can also be expressed using the 
Hall-Petch relationship (Eq.4). In this case, the equation takes the form: 

 σ = σ0 + 𝑘𝑘𝜎𝜎𝑑𝑑−1/2,                                                                                                                             (4) 

σ0 is the alloy's intrinsic yield strength, and kσ is the Hall-Petch hardening coefficient. The values for 
σ0 and kσ were obtained using linear regression as 184 MPa and 655 MPa μm1/2, respectively (Fig. 4). 
For example, J. Yang et al. [19] found that the value of the hardening coefficient kσ for the single-
phase Al0.1CoCrFeNi alloy was 464 MPa μm1/2. 

Comparing the results obtained with those of other studies, it is evident that aluminum alloying 
enhances the strength characteristics of HEAs/CCAs. This is explained by the additional lattice 
distortion introduced due to the much larger atomic radius, the low shear modulus of aluminum 
compared to other alloy elements, and the reduction in the stacking fault energy (SFE). All this leads 
to limited dislocation movement due to lattice and elastic mismatch. 

Summary 
The main objective of the current study was to investigate the effect of the applied technological 

processes on the microstructure and mechanical properties of the obtained single-phase CCA with 
the nominal composition Al0.35CoCrFeNi. Additionally, the impact of the average grain size on the 
mechanical properties of the alloy was also examined. 

To summarize, the following conclusions can be drawn: 
• The segregation of elements in the alloy after vacuum induction melting and casting methods 

completely disappears during solution annealing, and the structure becomes homogeneous. 
• Rotary swaging at room temperature obtained a highly deformed structure and introduced 

nuclei for recrystallization. 
• After recrystallization annealing, the samples' structure consists of equiaxed grains with 

annealing twins. 
• Grain growth is controlled by both the solute resistance and the effects of grain boundary 

tension and is described by a classical power law with an exponent n = 3.  
• The high calculated values of the recrystallization activation energy and hardening coefficients 

in the resulting alloy are explained by the influence of aluminum additives. These additives 
introduce additional lattice distortions, slowing grain growth and increasing the efficiency of 
grain boundary hardening in the single-phase Al0.35CoCrFeNi alloy. 
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Abstract. To prepare bulk single-crystal REBCO superconductors by the new single-direction 
growth method (SDMG: Single-Direction Melt-Growth), it is necessary to produce a large-area 
seed of high quality, for example, based on EuBCO. Since the samples prepared by the SDMG 
method copy the structure of the seed, for the production of large-area seeds it is necessary to 
optimize the time-temperature regime in order to grow seeds with a suitable structure and 
composition and minimize structural defects (limiting the amount of subgrains and others). A higher 
growth rate was used in comparison with the standard growth rates used to produce EuBCO seeds 
of larger dimensions. The increased growth rate in the crystal growth window reduces the outflow 
of the melt from the sample, and thus it is possible to achieve a single-crystal sample in the entire 
volume of the precursor. The samples were produced at different growth rates: 1; 2; 3 and 5 °C/h. 
The microstructure of the samples was studied by polarized light microscopy and scanning electron 
microscopy. The size and distribution of Eu211 particles in the sample volume and the subgrain 
structure were studied on the fabricated samples.  

Introduction 
Single-crystal REBCO (REBa2Cu3O7, RE: rare earth element) bulk superconductors are 

promising materials for practical applications. At present, REBCO bulk single-crystal 
superconductors (MMS) are produced by the Top-Seeded Melt-Growth (TSMG) process or by the 
new Single-Direction Melt-Growth (SDMG) technique. TSMG is the most common used method 
for preparing bulk superconductors grown from a small REBCO seed. Resulting single-crystal 
sample usually consists of four a-growth sectors and one c-growth sector [1–5]. A new 
superconductor growth technique, the SDMG method of single-direction growth of bulk REBCO 
crystal, uses a large-area seed [6–8]. By this process, the bulk crystal is formed by only one c-
growth sector. Since the single crystal grown by SDMG technique copies the crystal structure of the 
large-area seed, it is necessary to have a high-quality seed.  

The desired microstructure of REBCO seed-samples should have reduced proportion of 
subgrains, minimal subgrain disorientation and suitable volume fraction of cracks and porosity. 
Moreover, prepared seed-sample should have the same dimensions than the subsequently prepared 
sample by SDMG process. Study of crystal growth rate should help to find suitable parameters of 
time-temperature process of preparation of that type of microstructure.  

The seed-samples, which should be used as large-area seeds for SDMG process, were produced 
by TSMG process from EuBCO materials, because they have a higher peritectic temperature than 
most prepared REBCO bulk superconductors [9]. Eu123 single crystals were prepared at growth 
rates of 1, 2, 3 and 5 °C/h in the peritectic growth temperature window. A higher cooling rate in the 
growth temperature window was used in comparison with the standard cooling rates used to grow 
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EuBCO bulk crystals. A higher cooling rate leads to a higher growth rate and shortens the time 
required for bulk crystal growth. Their properties and microstructure were analysed.  

The prepared samples were also analysed not only as seed-samples but also as classical samples 
of superconducting materials, in which the desired microstructure should contain small 
homogeneously distributed Eu211 particles serving as pinning centres. Also, small amount of CeO2 
was added to the samples, which refines the Eu211 particles and increases the growth rate of the 
Eu123 single crystal [10–11]. The porosity of the samples was also evaluated. 

Experimental Materials and Methods 
Experimental material. The samples were prepared from commercially available solid phase 
powders EuBa2Cu3O7-γ (Eu123) (Solvay Fluor GmbH, Germany, maximum particle size 
dmax. = 5 μm), Eu2Ba1Cu1O5 (Eu211) (Solvay Fluor GmbH, Germany, maximum particle size 
dmax. = 5 μm) and CeO2 (Aure Remy).  
Growth of bulk crystals. Four samples were prepared with the same mass ratio of Eu123:Eu211 
phases 78.3:21.7. 0.5 wt.% CeO2 was added to all samples. The mixed powders were uniaxially 
pressed in the form of pellets with a diameter of 30 mm and a weight of 25 g. Nd1Ba2Cu3O7-γ 
(Nd123) thin film seeds were placed on top of the samples. The whole arrangement was placed on 
an aluminum oxide plate (Fig. 1, left). All four samples (samples K, M, O and P) intended for 
preparation by TSMG process were heat treated with four different cooling rates in the temperature 
window of peritectic single crystal growth. First, the samples were heated to 350 °C at a rate of 
100 °C/h, followed by a holding time of 1 hour. The samples were then heated to the melting 
temperature T = 1118 °C, with a holding time of 1 hour to ensure the formation of a liquid pellet 
phase. The cooling of the samples consisted of cooling the sample near the perectic reaction 
temperature of 1081 °C at a rate of 100 °C/h. Then, the samples were slowly cooled from 1081 °C 
to 1046 °C at four different rates of 1, 2, 3 and 5 °C/h, and the last step was the cooling of the 
samples in the furnace. The scheme of the time-temperature regime is shown in Figure 1 on the 
right.  
 

           
 

Fig. 1. The schematic assembly of pellet layers and time-temperature regime for prepared EuBCO 
single crystal by top seeded melt growth method. 

 
The prepared bulk crystals were oxygenated in a tube furnace with a flowing oxygen atmosphere 

at a temperature of 410 °C for 336 hours. 

Results and Discussion 
Results of single crystal growth. Figure 2 shows the macroscopic images of the top surface 
morphology of bulk EuBCO samples P, K, M and O fabricated by TSMG technique with NdBCO 
seed film. The samples were grown using different growth rates in the peretectic crystal growth 
temperature range. The epitaxial growth of EuBCO crystals successfully occurred from the seed, 
and therefore it is possible to confirm the feasibility of growth from NdBCO film seed in TSMG 
technique using different crystal growth rates. However, in the case of crystals grown at higher 
growth rates, M and O samples of 3 °C/h and 5 °C/h, respectively, the presence of larger subgrains 
can be seen on the crystal surface. 

96 The 19th Metallography & Fractography (Metallo & Fracto)



 

       
Fig. 2. The macrophotograph of the top surface of EuBCO samples prepared 

by growth rate 1, 2, 3 and 5 °C/h. 
 

     

 

 

 
Fig. 3. The microstructure of cross section with subgrains of the samples prepared 

by different growth rate in polarised light. 
 
Micrographs of the structure of samples P, K, M and O after the oxidation process in a section 

parallel to the (100) plane are shown in Fig. 3. The structure of the samples is different. It is known 
that an increase in supercooling (in our case the growth rate) has an effect on the formation of 
greater disorientation in the lattice and the formation of a subgrain structure in the crystal. The 
addition of CeO2 to the samples also has an impact on crystal preparation because it refines the 
Eu211 particles. Smaller Eu211 particles dissolve more easily in the reverse peritectic reaction, 
causing an increase in the growth rate of bulk crystals [11, 12]. When we compare the prepared 
samples produced with the same composition and with different time-temperature regimes, it is 
obvious that the single crystal of sample P prepared at a growth rate of 2 °C/h contains the less 
subgrain structure in comparison with sample O grown at a rate of 5 °C/h (Fig. 3). The higher 
crystal growth rate caused a structure with a more pronounced disorientation of subgrains. The 
micrographs show a gradually increasing disorientation of subgrains in the samples as the crystal 
growth rate increases. They are most visible near the sample surface and at the edges of the crystals. 
But it is also seen that the single crystal in all cases grew into the very bottom end and also to the 
edges, probably due to the higher growth temperature. During faster growth, the melt needed for 
crystal growth did not have time to leave the sample and a relatively large sample was grown. 
Regarding the quality of the microstructure, as the proportion of pores in the sample volume, it 
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changes and increases from lower to higher growth rates (Table 1).  The volume fraction of pores in 
crystals grown at 1 and 2 °C/h was the lowest. The porosity of sample P is 7.01 %, sample K 
7.34 %, sample M 8.16 % and sample O has the highest porosity of 8.53 %. It can be assumed that 
during the TSMG process, pores are formed from O2 due to a peritectic reaction during the melting 
of the sample (formula 1). At a higher cooling rate and subsequently a higher growth rate, the 
sample is in the molten state for a shorter time. Since oxygen from the bubbles (pores) escapes from 
the sample by diffusion through the melt, more of it remains in the sample at higher cooling rates.  

2(RE)Ba2Cu3O7-γ(s) ↔ (RE)2BaCuO5 (s) + Ba3Cu5O8(l) + yO2(g)                                              (1) 

Table 1. Eu211 particle size and pore volume fraction in Eu123 bulks (samples P, K, M and O) 
fabricated by different growth rate. 

Sample 
EqDiameter, d211, μm  Pores 

% a1 a2 a3 c1 c2 c3 
P 0.66 0.73 0.77 0.64 0.68 0.76 7.01 
K 0.68 0.74 0.8 0.68 0.69 0.77 7.35 
M 0.73 0.81 0.79 0.76 0.72 0.85 8.16 
O 0.72 0.8 0.83 0.7 0.74 0.82 8.53 

 
Microscopic observation of studied samples. The shape of the pores is spherical, and such 

porosity is typical for samples prepared by the classic process of melt growth with a seed placed on 
the surface (TSMG). Pores are useful for the oxygenation process of bulk crystals. However, they 
reduce the volume of the superconducting material, thereby reducing the macroscopic 
superconducting properties. 

Microstructural analysis of EuBCO samples was performed at the beginning, middle and end of 
a-growth sector and c-growth sector. The positions of the performed microstructure analysis and the 
evaluation of the size distribution of Eu211 particles in the samples are shown in Fig. 4. 
 

 
Fig. 4. Schematic illustration of the location of microstructural analysis in a/c-section. 

 
Figure 5 shows SEM photographs of the microstructures taken in bulk Eu123 crystals prepared 

with different growth rates by the TSMG process. The particle sizes were evaluated by image 
processing software. Fine and spherical Eu211 particles are evenly distributed in the Eu123 matrix 
in all samples. There are a few large particles in the samples, but the average size of most particles 
is in the range of 0.64 to 0.85 μm. The average particle size in the samples increases with increasing 
crystal growth rate. This can be observed in both crystal growth directions “a” and “c” (Table 1). 
The percentage of Eu211 particles also increases in the samples with increasing crystal growth rate 
(Fig. 6). Similarly, the volume fraction of particles increases in all samples in both growth sectors, 
also depending on the distance from the seed. But the most evenly distributed particles can be seen 
in the sample prepared with a growth rate of 3 °C/h in growth sector “a” (Fig. 6). The finest 
particles are in samples P and K prepared with slow growth rates of 2 and 3 °C/h, respectively. At 
slow growth rates, the radius of Eu211 particles decreases and the volume fraction of Eu211 
particles slightly increases with higher growth rates. Moreover, the smallest amount of subgrains 
was observed in sample P prepared at a rate of 2 °C/h, and therefore I consider that combination of 
time-temperature regime and Eu211 particle content of sample P is the most suitable for the 
preparation of bulk superconducting materials.  

98 The 19th Metallography & Fractography (Metallo & Fracto)



 

Fig. 5. Microstructures of the EuBCO single crystals with 211 particles of samples P, K, M, O, 
taken at the beginning, in the middle and at the end of a- and c-growth sector. 

 

      
Fig. 6. Distribution and volume fraction Eu211 particle in studied samples. 
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Summary 
In this work, Eu123 crystals were grown at different growth rates by the TSMG process. The 

used growth rates were 1, 2, 3 and 5 °C/h. We found that the Eu123 crystal grown at 1 and 2 °C/h 
contained the smallest pores. The higher crystal growth rate caused a structure with more 
pronounced subgrain disorientation. 

Analysis of the size and volume fraction of Eu211 particles in the bulk crystal showed that at a 
slow growth rate, the radius of Eu211 particles decreases and also volume fraction of Eu211 
particles slightly increases with higher growth rate.  

The volume fraction of particles increases in all samples in both growth sectors depending on the 
distance from the seed. 
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Abstract. The aim of the study was to prepare samples suitable for testing the shape memory 
phenomenon in ceramic systems. Testing would be carried out by preparing micro-objects with 
dimensions in the order of micrometers using SEM/FIB techniques, and subsequent testing using a 
nanoindenter. The article deals with the influence of the preparation method on the properties of 
samples prepared by conventional annealing and spark plasma sintering. Two commercial powders 
were used, namely PSZ-10C and PSZ-20C. The microstructure of the samples, fracture surfaces and 
HV hardness, as well as indentation hardness were evaluated on the prepared samples. It was shown, 
that both conventional annealing and SPS can be used for preparation of samples with a suitable grain 
size, but also that the preparation method has a significant impact on the properties of the sample. 
Depending on the preparation method, the grain size varied from approximately 1 μm to 50 μm. There 
is also difference in the character of the fracture surfaces and in the hardness of the samples, where a 
difference in indentation hardness from approximately 10 GPa to approximately 20 GPa was 
measured. 

Introduction 
Zirconium oxide (ZrO2) can exist in one of three modifications depending on the conditions 

(monoclinic below 1170 °C, tetragonal between 1170 °C and 2370 °C and cubic above 2370 °C). By 
adding some oxides, such as CaO, MgO, CeO2 and Y2O3, or by refining the grain to the nanoscale, it 
is possible to stabilize the tetragonal or cubic phase at room temperature [1, 2]. Tetragonally stabilized 
zirconium oxide exhibits the transformation toughening phenomenon [3] and also the shape memory 
phenomenon has also been observed in such a system [4]. 

It is well known that ceramic materials are inherently brittle along grain boundaries, therefore it is 
appropriate to study the shape memory phenomenon in ceramic materials within a single grain. The 
shape memory effect on micro-objects prepared by SEM/FIB techniques was observed in 2013 by 
Lai et al. [5] on yttrium and cerium stabilized ZrO2. In the same system, Du et al. [6] studied the 
effect of grain size on the application of the shape memory effect. 

The aim of this work is to prepare samples from cerium stabilized zirconia for studying the shape 
memory effect in ceramic materials with appropriate grain size (some microns) and phase 
composition (tetragonally stabilized zirconia), and to compare possibilities of preparation such 
samples by conventional sintering and spark plasma sintering (SPS). 

Experimental Material and Methods 

Commercial cerium-stabilized ZrO2 powders, namely PSZ-10C and PSZ-20C (Stanford Advanced 
Materials, ZrO2 – 10 wt.% CeO2 and ZrO2 – 20 wt.% CeO2, Particle Size: D50 = 0.5–1 μm) were 
used to prepare the samples. Two methods of sintering the powder samples were used, conventional 
sintering (samples E2, I and J) and SPS (Spark Plasma Sintering, SPS HP D10-SD) (samples N, B 
and B1). Sample E2 (ZrO2 – 10 wt.% CeO2) was cold pressed and sintered at 1400 °C for 20 hours. 
Similarly, samples I (ZrO2 – 10 wt.% CeO2) and J (ZrO2 – 20 wt.% CeO2) were cold pressed and 
sintered at 1600 °C for 20 hours. Samples N (ZrO2 – 10 wt.% CeO2) and B (ZrO2 – 10 wt.% CeO2) 
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were prepared by SPS at 1600 °C, 60 minutes (sample N) and 2000 °C, 10 minutes (sample B), 
respectively. Sample B1 (ZrO2 – 10 wt.% CeO2) was prepared in the same way as sample B, but after 
SPS it was further annealed in an oxide atmosphere at 1400 °C for 4 hours. The processing of the 
samples is summarized in Table 1. 
 

Table 1 Used regimes for prepared samples. 
Sample Composition Sintering Temp. [°C] Time [min.] Temp. [°C] Time [min.] 

E2 ZrO2 – 10 wt.% CeO2 conventional 1200 1200 - - 
I ZrO2 – 10 wt.% CeO2 conventional 1600 1200 - - 
J ZrO2 – 20 wt.% CeO2 conventional 1600 1200 - - 
N ZrO2 – 10 wt.% CeO2 SPS 1600 60 - - 
B ZrO2 – 10 wt.% CeO2 SPS 2000 10 - - 
B1 ZrO2 – 10 wt.% CeO2 SPS + conv. 2000 10 1400 240 

 
The samples for observation were prepared by grinding and polishing, or a fracture surface was 

created. A Zeiss Axio Observer 1M light microscope and a Zeiss Auriga Compact 45–76 electron 
microscope were used for observation. The average grain size was evaluated by the Saltykov method 
from approximately 50 grains. 

The Vickers hardness HV1 to HV30 (WILSON-WOLPERT hardness tester Tukon 1102) and the 
indentation hardness (Nanoindenter TTX NHT) at a load 100 mN were measured on the polished 
surfaces.  

Results 
The microstructures of the prepared samples at different magnifications are presented in Fig. 1. 

The microstructure of the samples is single-phase, with the exception of sample N (Fig. 1d), where 
two structural components can be observed. For this reason, the grain size of sample N was not 
evaluated. In samples prepared by conventional sintering increased porosity was observed, probably 
associated with insufficient processing control. In samples B and B1 (Fig. 1e and 1f), chipping on 
grain boundaries occurred during their preparation by grinding and polishing was observed. 

The results of measured grain size is presented in Table 2. In terms of the grain size of the prepared 
samples, samples I, J, B and B1 are suitable for studying the shape memory in individual grains. It is 
evident from the results, that the increasing of temperature during conventional annealing led to an 
increasing of the grain size, namely from 0.8 μm at temperature 1400 °C to almost 5 μm at 1600 °C, 
both for samples with 10 and 20 % of CeO2. 
 

Table 2 Grain size of prepared samples. 
Sample E2 I J N B B1 

Grain size [μm] 0.8 4.7 4.5 - 50.4 48.2 
 

The SPS preparation of the samples yielded completely different results. At temperature 1600 °C, 
the single-phase structure decomposed into two structural components, one rich in Zr and the other 
rich in Ce, as presented in Fig. 1d and 2. SPS preparation at 2000 °C resulted in grain coarsening to 
approximately 50 μm. Also, SPS preparation resulted in a decrease in the oxygen content of the 
sample (sample B). Subsequent annealing in an oxide atmosphere resulted in re-oxygenation of the 
sample (sample B1), as it was described earlier [7]. 
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The fracture surfaces of the prepared samples are presented in Fig. 3 and the proportion of 

intercrystalline and transcrystalline fracture of the samples is presented in Table 3. In samples E2, I, 
J and N, a mixed fracture occurred with a proportion of transcrystalline fracture of about 40 %. The 
fracture surface of sample B has a transcrystalline character, which after annealing the sample in an 
oxide atmosphere (sample B1) changes to intercrystalline. Porosity can also be seen on the fracture 
surfaces in samples I and J. The fractures of samples E2, I and J contain relatively smooth surfaces 
of intercrystalline cleavage, and conversely, the transcrystalline cleavage has a rugged character. In 
sample N, structural features similar to twinning or martensitic transformation are visible on the 
intercrystalline facets. In contrast to samples E2, I, J and N, sample B has relatively smooth 
transcrystalline surfaces with some transverse cracks. On the intercrystalline surfaces of sample B1 
there are particles of contamination and higher amount of transverse cracks than in sample B. 

The hardness of the samples was measured by several methods. The results of the measurements 
are presented in Table 4 and in graphic form in Fig. 4. The highest values of the measured hardness 
were achieved for samples I, J and B, while the lowest hardness was measured for sample N. The 
hardness of sample B was significantly reduced after annealing in an oxide atmosphere (sample B1). 
As expected, the samples showed a decrease in hardness with increasing load at measurement. The 
exception was observed in sample N, where there was an increase in hardness with increasing load, 
which could be caused by the two-phase structure. After hardness test, indents were checked by light 
microscopy. Some chipping at indents was visible on samples B and B1. Near the indents of I and J 

Fig. 2 EDX maps of sample N. 

Fig. 1 Microstructures of prepared samples, a) sample E2, b) sample I, c) sample J, d) sample N, 
e) sample B and f) sample B1. 
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samples martensitic transformation by polarized light was observed. Martensitic transformation is a 
basic condition for the application of the shape memory phenomenon in a sample. Since the 
martensitic transformation was observed in samples I and J and their average grain size is almost 
5 μm, these samples should be suitable for the preparation of small pillars in one grain (with 
dimensions of approximately 2 μm in diameter and 5 μm in height) by the FIB technique. Martensitic 
transformation in grains near the indent of sample I is presented in Figure 5. 
 

 
Table 3 Transgranular and intergranular fracture ratio. 

Sample E2 I J N B B1 
Transgranular fracture ratio [%] 37 43 39 40 95 5 
Intergranular fracture ratio [%] 63 57 61 60 5 95 

 
Table 4 Indentation hardness and Vickers hardness of samples. 

Sample Hit(O&P) [GPa] Eit(O&P) [GPa] HV(O&P) [GPa] HV1 HV10 HV30 

E2 13.72 203.2 1271 938 916 905 

I 19.88 235 1841 944 867 861 

J 21.18 212.9 1960 998 917 912 

N 10.4 168.4 963 612 663 685 

B 20.27 215.3 1877 1169 836 775 

B1 13.36 168.4 1237 902 827 700 

Fig. 3 Fracture surfaces of prepared samples with details, a) sample E2, b) sample I, c) sample J, 
d) sample N, e) sample B and f) sample B1. 
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Summary 

Both methods, conventional sintering and SPS, can be used to prepare a sample (ZrO2 doped with 
CeO2) with a suitable grain size and structure for further investigation of the shape memory 
phenomenon. With conventional sintering, there is a problem with higher porosity and time and 
energy consumption. SPS process caused problem with decomposition into two phases at some 
temperatures and a decrease in oxygen content. Depending on the preparation method, the grain size 
varied from approximately 1 μm to 50 μm. There is also difference in the character of the fracture 
surfaces and in the hardness of the samples. Indentation hardness varied from approximately 10 GPa 
to 20 GPa. On the samples I and J prepared by conventional sintering at 1600 °C for 60 min. a 
martensitic transformation was observed near the indents. These samples have sufficient grain size 
for the preparation of small pillars by FIB technique and thus they are suitable for further study of 
shape memory phenomenon in the presented ceramic system. 
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Fig. 4 Influence of applied force on result of hardness. 

 
Fig. 5 Martensitic transformation near the indent (sample I). 
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Abstract. Austenitic stainless steels (ASSs) are characteristic with a combination of good mechanical 
and corrosion properties. Therefore, they are used in the primary circuits of nuclear power plants. 
Under the influence of a corrosive environment containing chloride ions and mechanical loading, the 
phenomenon of stress corrosion cracking occurs in ASSs. SCC can also be initiated by the surface 
condition of ASSs. Machining is usually the last stage of production, during which a significant 
deformed zone with high residual tensile stresses can be created, which can accelerate the initiation 
of stress corrosion cracking. Research is focused on analyzing the influence of final turning on 
microstructural changes of the surface-machined layer caused by various turning parameters 
(e.g.: cutting speed, feed, depth of cut, cutting tool geometry). No significant microstructure changes 
were observed between the samples by light microscopy, so we focused on transmission electron 
microscopy (TEM) on thin lamellas prepared using the focus ion beam (FIB) technique. TEM 
observation confirmed the presence of a deformed zone and a passivation layer. In the case of the 
sample that was turned with a higher feed and cutting speed, the passivation layer was discontinuous. 
Such a microstructural change can significantly affect the corrosion resistance of ASS. 

Introduction 
One of the safety problems in nuclear power plants (NPPs) is stress corrosion cracking (SCC), 

which can be defined as an environmentally sensitive form of material degradation caused by the 
synergistic action of tensile stresses and a corrosive environment [1–5]. ASSs, which are used as the 
most common structural material for NPPs, are highly susceptible to chloride SCC [6–8]. The current 
state of nuclear and energy safety can be classified as satisfactory. However, from the perspective of 
reliability, safety and economics of operation, knowledge about materials applied in NPPs and the 
impact of long-term operation (LTO) on their properties must be constantly expanded. Today’s 
operating nuclear reactors were originally designed for 30 to 40 years of operation. In EU countries, 
19 water-water energetic reactors 440 units are in operation. The high level of safety, effective, 
reliability, and LTO behind the projected lifetime up to 60–80 years is the real and very actual 
challenge for the European nuclear community. A very important factor is also the nature of the 
microstructure of ASSs, which can significantly influence their corrosion resistance. 

A serious problem can be the integrity of the surface of ASSs due to the final machining, which 
can create extremely high levels of tensile residual stresses on the surface of the material (on the order 
of up to 1000 MPa) [9]. In addition, a strain-strengthened layer with large plastic deformation and the 
presence of strain-induced martensite can be formed [10, 11]. Final machining, depending on the 
parameters used, can increase the surface roughness of ASSs, which has a direct impact on their 
electrochemical behavior [2, 12]. 

Published works have confirmed that surface working operations such as grinding, turning, 
milling, cause a significant change in the microstructure, which is associated with the formation of 
deformation texture and deformation-induced martensitic transformation near the machined surface. 
The nature of the machined surface has a significant impact on the resistance to chromium-induced 
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SCC. The formation of strain-induced martensite causes not only an increase in hardness but also 
increased dissolution in chloride environments. The observed microstructural changes were 
significantly sensitive to the final machining technology used and the applied parameters [1, 2, 7, 13, 
14]. The authors found that the roughness, residual stress and thickness of the deformation zone are 
proportional to the material removal rate. However, a deeper understanding of the microstructure of 
the machined deformation zone is still lacking.  

Therefore, this study, which aims to expand the knowledge of microstructure formation during 
machining of AISI 321 austenitic stainless steel, was carried out with respect to the used final turning 
parameters, which were cutting speed, feed, depth of cutting and cutting tool geometry. 

Experimental Procedure 
The chemical composition of the AISI 321 steel and the standard is given in Table 1. The steel 

was turned on a DMG CTX 500 alpha lathe using a single-sided indexable carbide cutting insert with 
positive geometry, a tip radius of 0.8 mm and no rounding of the cutting edge. Table 2 shows the 
turning parameters of individual samples. Cutting speeds of 100 and 250 m/min and feed of 0.12, 0.2 
and 0.3 mm/rev were used during experiment. The depth of cut was chosen based on the depth of the 
deformation texture present on the surface semi-finished producted. In order to evaluate the effect of 
parameters, we needed to get into a material where the grains weren’t deformed by rolling process. 
 

Table 1 Chemical composition [wt.%] of turned AISI 321 steel and standard AISI 321. 
Steel brand C Si Mn P S Cr Ni Ti Cu 

Material of samples 0.064 0.83 1.44 0.025 0.026 17.5 9.89 0.47 0.66 

AISI 321 standard ≤ 0.08 ≤ 1.00 ≤ 2.00 ≤ 0.045 ≤ 0.03 17.0 
19.0 

9.0 
12.0 

5xC 
0.70 − 

 
Table 2 Turning parameters used for austenitic stainless steels AISI 321. 

Turning parameters 
Cutting speed vc [m/min] Feed f  [mm/rev] Depth of cut ap [mm] 

100 250 0.12 0.2 0.3 0.8 
 
The appearance of the surface after turning was observed using Zeiss Stemi 2000-C 

stereomicroscope the surface roughness of individual samples was subsequently measured. The 
roughness was measured using a Mitutoyo SJ 210 roughness meter at three different locations on 
each sample. The average roughness for individual sample was calculated. 

The samples for light microscopy were prepared using standard metallographic procedures and 
were electrolytically etched in 10 % oxalic acid at 10 V for 15 seconds. 

Microhardness was measured with Hanemann's method, which uses Vickers' pyramid shape 
indenter mounted in a special lens. The evaluation was performed using Neophot 21 device. A loading 
force of 50 p for 10 s load time was applied during measurement. Microhardness was measured on 
cross-sections near the turned surface (approximately 25 µm below the surface). To obtain the 
average value, 10 measurements were realized on each sample and the standard deviation was 
calculated. 

Subsequent analysis was focused on observing the changes in the surface microstructure caused 
by turning. The samples were nanomachined by focused ion beam (FIB) on a Thermo Scientific 
Scios 2 DualBeam high-resolution scanning electron microscope. TEM was applied to thin lamella 
prepared by the FIB method. A JEM ARM 200cF analytical transmission electron microscope with 
atomic resolution was used for detailed observation of the subsurface microstructure. 
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Results and Discussion 
The surface appearance after turning of samples 1 to 6 is shown in the Fig. 1. Samples 1 and 2 

have a similar surface appearance, as do samples 3 and 4. The most significant tool mark can be seen 
on samples 5 and 6, where the highest feed of 0.3 mm/rev was used during turning. 

 

 
Fig. 1 The surface appearance after turning of samples 1 to 6. 

 
The average roughness for each sample is summarized in Table 3. Sample 1 had an average 

roughness value of 0.7. The lowest average roughness value of 0.5 was measured for sample 2. In the 
case of samples 3 and 4, a similar average roughness value of 1.65 was measured. The highest value 
of roughness around 3.7 was observed for samples 5 and 6. 

 
Table 3 Turning parameters + roughness + microhardness. 

Sample Cutting speed vc 
[m/min] 

Feed f 
[mm/rev] 

Average 
roughness Ra Roughness Rz Microhardness 

HV 0.05 
1 100 0.12 0.708 3.982 338 ± 12 
2 250 0.12 0.499 2.841 343 ± 12 
3 100 0.2 1.655 7.281 375 ± 15 
4 250 0.2 1.663 7.109 377 ± 12 
5 100 0.3 3.765 15.493 372 ± 18 
6 250 0.3 3.697 15.904 366 ± 13 

 

 

 
Fig. 2 Microstructure below the turned surface of samples 1 to 6. 

 
The microstructure of investigated steel cross-sections (Fig. 2) consisted of polyhedral austenite 

grains with annealing twins. Grain boundaries were etched with higher intensity below the turned 
surface. In austenitic stainless steel, deformation twins with different orientations were observed 
below the turned surface. These deformation twins were observed to a depth of 80-100 μm from the 
turned surface. Precipitates were also present. These are probably carbides of stabilizing elements.  

The microstructure below the surface was examined using a scanning electron microscope. 
Deformation twins were observed in the austenitic grains, and these twins intersected in some grains. 
Precipitates were observed excluded at the grain boundaries as well as inside the austenitic grains. 
EDS analysis revealed that the precipitates are rich in Cr. No significant differences were observed 
between the individual samples. For this reason, we focused on TEM, which allowed us to achieve 
higher resolution. 
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Table 3 shows the average microhardness values with standard deviation for individual samples. 
The lowest microhardness of around 340 HV0.05 was measured for samples 1 and 2, which had the 
lowest roughness. Samples 3 to 6 had a microhardness in the range of 366 to 377 HV0.05. 

Subsequent analysis was focused on observing the changes in the surface microstructure caused 
by turning. For this reason, transmission electron microscopy was applied on a thin lamella (Fig. 3a) 
prepared by the focused ion beam (FIB) method. Lamellas from sample 1 and 6 were prepared by 
this method, with the lamella oriented perpendicular to the turned surface. These samples were 
selected to compare the extremes. On the one hand, a sample with the lowest feed (0.12 mm/rev) and 
cutting speed (100 m/min) was selected, on the other hand, a sample turned with the highest values 
of these parameters (f = 0.3 mm/rev, vc = 250 m/min). Fig. 3b,c shows the microstructure of sample 
1 and 6 near the turned surface to a depth of approximately 1.6 μm (Fig. 3b) and 0.5 μm (Fig. 3c), 
respectively, which cannot be seen using light or scanning electron microscopy. Fig. 3b shows a 
significant deformed zone that was located up to a depth of 1.1 μm below the surface.  

 

     
Fig. 3 Prepared lamella of sample 1 by the FIB method (a), Microstructure of sample 1 (b) 

and sample 6 (c) close to the surface. 
 
Yang et al. [12] investigated the effect of turning parameters (vc= 128 m/min, f1= 60 mm/min, 

ap= 0.5 mm), milling parameters (vc 15 m/min, f1= 150 mm/min, ap= 0.5 mm) and subsequent surface 
mechanical grinding treatment (SMGT) on the microstructure changes near the surface of AISI 316L 
steel. The authors observed a plastic deformed region extending to a depth of 40 μm into the matrix, 
and an ultrafine grain (UFG) layer with a thickness of approximately 1 μm was present on the turned 
surface. In the case of milling, a plastic deformed region of 35-40 μm depth and a UFG layer of 
0.5 μm were also induced. Wu et al. [14] milled (vc= 300 m/min, ap= 0.5 mm, a f = 0.08 mm per tooth) 
AISI 316L steel, achieving a roughness Ra of around 1 μm. These authors observed gradually 
deformed zone with a thickness of around 100 μm and a fine-grained layer in the range of 2 μm to 
5 μm from the milled surface. 

 

   
Fig. 4 Detail view of a sample 1 microstructure: near the surface (a), approximately 2.2 μm 

below the turned surface (b), passivation layer (c). 

a b c 

a b c 
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A detail view of a sample 1 and sample 6 microstructure at different distances from the turned 
surface is shown on Fig. 4 and Fig. 5. The microstructure analysis showed a significant deformation 
region below the turned surface. Both samples had deformed grains near the turned surface, with the 
grain size of approximately 50 to 70 nm in the direction perpendicular to the surface. With increasing 
distance from the surface, the grain size increased, but they still had a deformation character. In the 
case of sample 6, the microstructure was affected to a greater depth compared to sample 1. With 
increasing distance from the surface, an increased density of deformation twins can be observed 
(Fig. 4b, Fig. 5b). Wu et al. [14] found that the highest density deformation bands and band 
intersections are located in the region of 3-5 μm from the milled surface. In Fig. 4c, a thin layer can 
be observed on sample 1 under the platinum mask. The layer is continuous and it is probably a 
passivation layer. The thickness of the passivation layer was measured 10 times and the average 
thickness was 2.5 nm ± 0.3 nm. In the case of sample 6, an insignificant passivation layer was 
observed under the platinum mask compared to sample 1. High-resolution images (Fig. 5c) document 
a continuous passivation layer on the surface of sample 6 at a different location. The measured 
passivation layer thickness in Fig. 5c was in the range of 1.8 to 3.1 nm. The average passivation layer 
thickness was 2.5 ± 0.5, which is the same as in sample 1. 

Solution of the electron diffraction pattern (Fig. 6b), we identified ε-martensite in deformed zone. 
Wu et al. [14] in AISI316L steel, which was milled, did not identify martensite in the whole 
deformation layer. 

 

    
Fig. 5 Detail view of a sample 6 microstructure: near the surface (a), approximately 3.8 μm below 

the turned surface (b), passivation layer (c). 
 

 
Fig. 6 Microstructure of sample 1 (a), electron diffraction pattern of ε-martensite, 

Pt- platinum mask, A-austenite (b). 

Summary 
Based on the results, we can make the following conclusions: 
• No significant changes were observed by light microscopy between samples 1 to 6. In addition 

to annealing twins, deformation twins were also present in the austenitic grains. 

a b c 

a b 
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• Samples 1 and 2, which had the lowest roughness, showed a microhardness close to the turned 
surface of around 340HV.  

• In the case of samples 3 to 6, the microhardness did not change (370 HV) even though the 
samples had different roughness. 

• TEM observed microstructure to a depth of 5 μm from the turned surface, which we could not 
observe by light microscopy. The grains showed a significant deformation structure. The grain 
sizes were around 50-70 nm in the direction perpendicular to the surface. In the case of 
sample 6, significant deformed grains were observed to a greater depth. 

• By electron diffraction, ε-martensite was identified in deformed zone. 
• Both samples had approximately 2.5 nm thick passivation layer on the turned surface. 
• In the case of sample 6, which was turned at a cutting speed of 250 m/min and a feed of 

0.3 mm/rev, the passivation layer was discontinuous. Sample 6 will likely be less corrosion 
resistant compared to sample 1. 
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Abstract. This study investigated the impact of as-printed and heat-treated additively produced 2507 
super duplex stainless steel (also known as SDSS) on microstructure and hardness distribution. 
Optical microscopy was used to examine the phase transformations of the steel during the as-printed 
(untreated) and solution-annealed treatment stages of samples. The relationship between 
microstructure and hardness distribution (center and edge) was studied. Because the LPBF process 
cools rapidly, the SDSS shows that the main phase in as-printed samples is ferrite, with 5 % austenite. 
The fully balanced microstructure is forming when the solution annealing is performed, with austenite 
content about 52 %. The hardness of SDSS is strictly related to the material microstructure, where 
the fully ferritic structure shows higher hardness 50.16–46.18 HRC, while the balanced duplex 
microstructure reveals lower values 34.58–32.26 HRC. 

Introduction 
Additive manufacturing (AM) is expanding rapidly, particularly for metallic components with 

defined geometries and mechanical properties. It enables efficient production of prototypes, 
customized parts, and digital spare part inventories. Research focuses on improving 3D printing 
techniques for better precision and cost-effectiveness [1, 2]. 

Duplex stainless steels (DSS), containing nearly equal ferrite and austenite phases, exhibit superior 
corrosion resistance and higher strength than austenitic steels. Super-DSS, with increased alloying, 
are suited for harsh environments such as marine and petrochemical sectors, offering material savings 
due to their strength. Although DSSs have been used for decades, their complex processing and high 
costs drive interest in AM, which remains underdeveloped for Super-DSS despite rising demand. 
DSS is also valued for its recyclability and low environmental impact [3, 4]. 

The development of AM-grade Super-DSS 2507 (EN 1.4410) reflects growing interest, though its 
properties and heat treatment protocols are not well established [5]. Therefore, further investigation 
of structure–property relations in AM DSS is necessary. 

Hardness is commonly used to assess mechanical properties due to its simplicity and correlation 
with strength [6] and wear resistance [7]. Unlike yield strength, which is sensitive to internal defects, 
micro-hardness reflects actual microstructural features, such as phase distribution and grain size, both 
influenced by AM parameters. 

Most studies report hardness in the as-fabricated state, allowing insight into how AM conditions 
affect properties before post-processing. Fast thermal cycles often prevent equilibrium 
microstructures. Comparing data across studies helps evaluate the impact of AM methods and alloy 
selection on hardness [8]. 

While previous reviews address mechanical properties [9–12], microstructures [13, 14], AM 
methods [15–20], and alloys [9, 11], a systematic assessment of processing microstructure property 
relationships is still needed. This work compiles hardness data across various alloys to analyze the 
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effects of cooling rate, composition, and post-processing, supporting optimal material and process 
selection in AM).  

Materials and Methods 
Super duplex stainless steel, grade 2507 (EN 1.4410), produced by Sandvik Osprey Ltd., with the 

chemical composition given in Table 1, was utilized to fabricate rectangular samples for the Charpy 
impact test (10x10x55 mm) by the laser beam powder bed fusion (L-PBF) method.  The 2507 powder 
is a gas-atomized material having particle sizes between 15 and 45 µm. 

 
Table 1 Chemical composition of AISI 2507 super duplex stainless-steel powder [wt. %]. 

Elements Fe Cr Ni Mo Mn Si N Cu C P S O 
[wt. %] Bal. 24.44 9.11 3.68 0.38 0.29 0.30 0.14 0.016 0.023 0.001 0.017 

 
The L-PBF printing process utilized an AM125 RENISHAW printer equipped with a Yb fiber 

laser, with a maximum power of 200 W, a scanning speed of 2,000 mm/s, and a wavelength of 
1.074 nm.  The components were produced on a mild steel platform in an argon inert gas environment 
with an oxygen concentration below 10 ppm.  A meander scanning approach was employed, with a 
rotation of 67° after the application of each layer.  The employed printing settings were laser power 
P = 180 W, hatch distance h = 120 µm, layer thickness t = 30 µm, and scan speed V = 300 mm/s.  
The energy density of the applied parameters was computed using the formula Ed = P/(V∙h∙t) J/mm³, 
resulting a value of 166 J/mm³. 

The DSS investigated in this research underwent post-processing heat treatment, and two 
conditions were examined:  

- As printed, without any further post processing (AS), 
- Solution annealing at 1100 °C/15 min, rapid cooling in water (SA). 
X-ray diffraction (XRD) patterns were collected using an X-Pert PRO instrument. For the X-ray 

diffraction analysis, a Co target, and a scan rate of 0.01 step/s and a scan range for 2θ between 30 to 
110° were used. The X’Pert HighScore Plus was used for phase identification and quantitative 
analysis. 

Metallography was performed using a 4K digital microscope (Keyence VHX-7000). Samples were 
ground, polished, and etched in 10 % oxalic acid (3–6 V, 5–60 s). 

Hardness was measured using a CV Instruments CV400DAT tester (HRA, HRC) on surface and 
cross-sectional areas. Vickers microhardness (HV0.1, 100 gf, 15 s) was used to assess the hardness 
profile. Additional HRC values were obtained using an Insize ISH-RSR400 Rockwell tester 
(max. 1471 N, 0–60 s load delay). 

Results and Discussion 
Microstructure Analysis. Due to the rapid cooling inherent in the LPBF process, the as-printed 
SDSS samples exhibit a predominantly ferritic microstructure (Fig. 1). X-ray diffraction confirms 
strong ferrite peaks Fe-α (110), (200), (211) and a weak austenite peak Fe-γ (111). After solution 
annealing, a balanced duplex structure is achieved, with clear austenite peaks including Fe-γ (111), 
(200), (220), (311), and (222), indicating the coexistence of both phases. The austenite fraction 
increases to approximately 52 % after annealing. 

Figure 2 shows the microstructure evolution. In the as-printed state, the microstructure is mostly 
ferritic with minor austenite at ferrite grain boundaries. Typical defects, such as partially unmelted 
powder particles, are present. Ferrite grains are elongated along the build direction (Fig. 2a). After 
annealing, a near-equilibrium duplex structure forms, where ferritic grains are interspersed with grain 
boundary austenite and intragranular Widmanstätten austenite (Fig. 2b). 
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Fig. 1 X-ray diffraction patterns for the as printed and solution annealed samples. 

 

  
(a) As printed (b) Solution annealed 

Fig. 2 Light optical microscope microstructure of SDSS (transverse to build direction XZ). 

Hardness Evaluation. Hardness measurements of printed SDSS samples revealed comparable 
values for both surface and core regions (Table 2). In the as-printed (AS) state, hardness ranged from 
approximately 50.16 to 46.18 HRC, decreasing to 34.58–32.26 HRC after solution annealing (SA). 
The elevated surface hardness in the AS condition aligns with previous findings on LPBF-fabricated 
duplex and super duplex stainless steels, attributed to rapid solidification, high dislocation density, 
and fine microstructures induced by repeated laser scanning [21]. Additionally, layer-by-layer 
thermal cycling introduces localized residual stresses and uneven phase distributions, further 
contributing to surface hardening [22]. Slightly lower core hardness indicates a more thermally 
stabilized duplex microstructure due to prolonged exposure during processing [23]. Solution 
annealing significantly reduced hardness by relieving internal stresses, decomposing metastable 
phases (such as ferrite/martensite), and promoting a reversion to the thermodynamically stable 
austenite–ferrite duplex structure [24]. A notable difference in hardness between edge and center 
regions was observed in the as-printed samples, with higher values at the edge. This variation results 
from microstructural gradients driven by rapid solidification and thermal history [25]. Solution 
annealing mitigated this disparity, leading to a more uniform hardness distribution and refined 
microstructure [26]. Vickers hardness measurements across the cross-section (Fig. 3) followed a 
similar trend. In the AS state, values ranged from 320 to 470 HV0.1, reflecting significant 
microstructural inhomogeneities caused by localized residual stresses, thermal gradients, and phase 
imbalances [27]. In contrast, SA samples exhibited lower and more uniform values (250–320 HV0.1), 
indicating microstructural homogenization and stress relief [28]. The pronounced reduction in edge 
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hardness after annealing confirms the influence of rapid cooling and residual stresses in the initial 
hardening. Overall, SDSS hardness strongly correlates with microstructure: fully ferritic structures 
are harder, while balanced duplex structures resulting from annealing are comparatively softer. 
 

Table 2 Hardness of LPBF-produced SDSS under two different specimen conditions. 

Sample conditions 
Surface hardness Core hardness Hardness from 

edge-to-center 
HRC SD* HRC SD HV0.1 SD* 

As printed (AS) 50.16 5.30 46.18 4.11 407.71 25.75 
Solution annealed (SA) 34.58 0.97 32.26 1.67 232.91 34.49 

 

 
Fig. 3 Hardness distribution from the edge to center of samples. 

Conclusions 
Heat treatment was tested on L-PBF-printed super duplex stainless steel 2507 microstructure and 

hardness.  The following conclusions from the results can be drawn: 
- When 2507 SDSS is printed, its microstructure is mostly ferritic, with about 5 % weak austenite 

at the ferrite grain boundaries.  SDSS exhibits a balanced microstructure with 52 % austenite 
after solution annealing.  Austenite is equally distributed in ferritic grains' edges, gaps, and 
Widmanstätten laths. 

- The printed SDSS showed almost consistent core and surface hardness values.  As-printed 
specimens are 50.16–46.18 HRC, but post-solution annealing reduces them to 34.58–32.26 
HRC.  The balanced duplex microstructure (SA) is softer than the fully ferritic structure, which 
is harder. 
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Abstract. Applications of advanced heat resistant ferritic steels in boiler repairs require detailed 
information on the creep behaviour of welds made of various combinations of steels. The paper deals 
with the results of hardness and microstructure characterization of a dissimilar circumferential weld 
of 14MoV6-3 and P91 tubes after about 10 years of service exposure in a boiler operated at 580 °C 
and steam pressure of 10.3 MPa. The P91 tube (φ38x4 mm) was welded to the 14MoV6-3 tube 
(φ38x6.3 mm) using the GTAW (141) technology. Bőhler-FOX IN 9-IG (3Cr0.5Mo0.3V) wires were 
applied as a filler material. Microhardness evaluation after long-term service exposure revealed two 
carburized zones, values in these zones did not exceed 350 HV0.5. The slowdown of recrystallization 
in partially decarburized areas of the 14MoV6-3 and the WM suppressed the formation of soft ferritic 
bands along fusion lines. This phenomenon is related to the high thermodynamic stability of V(C,N) 
particles in vanadium-bearing low alloy heat resistant ferritic steels at temperatures below 600 °C.  

Introduction 
Very complex manufacturing and repair practices in power boilers require to use components made 

from different steels. In components that have to operate for long times periods in the creep regime, 
welds between different ferritic steels introduce a number of challenges [1, 2]. In replacement of tube 
sections, the designer may benefit from higher allowable stress values and better steam-side and fire-
side corrosion resistance of advanced (9–12) % Cr martensitic steels. Although many combinations 
exist for ferritic heterogeneous welds there is no standard approach to the design of these welds in 
the power generation industry [2]. The most important degradation mechanism in heterogeneous 
welds during their exposure in the creep regime is the redistribution of interstitial elements in the 
direction of their chemical potential/activity gradients.  

There are three basic concepts for the design of heterogeneous ferritic butt welds between low Cr 
and high Cr base materials [2]:  

• Filler metal matches to the lower alloy material. In this case the critical area is the fusion line 
between the high Cr base material and the lower Cr filler material. On the opposite side of this weld 
there is only a low driving force for significant microstructure changes. 

• Filler metal matches to the higher alloy material. The fusion line between the low Cr base 
material and the weld metal is of special importance. The matching chemistry on the opposite side of 
the weld will result in similar microstructures and a low driving force for microstructure changes. 

• In the case of filler material with an intermediate Cr content there will be a gradient of chemical 
composition at both fusion lines. The rate of interstitial redistribution will depend on the difference 
in thermodynamic activities of these elements across the weld. These are not only a function of the 
Cr content but also of other alloying elements.  

The main goal of this contribution is to describe microstructure and property changes in a 
14MoV6-3/T91 butt circumferential weld made using an intermediate Cr filler material. The 
replacement of the low alloy steel 14MoV6-3 with T91 steel made it possible to reduce the wall 
thickness of the tube. The repair weld was tested in a steam boiler at a temperature of 580 °C for 
about 95,000 hours. 
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Experimental Material 
The butt circumferential weld between 14MoV6-3 and T91 tubes was manufactured by using TIG 

(141) welding technology with a Bőhler-FOX IN 9-IG (3Cr0.5Mo0.3V) as the filler material. The 
dimensions of the 14MoV6-3 and T91 tubes were φ38x6.3 mm and φ38x4 mm, respectively. The 
quality heat treatment of both base materials consisted of normalizing followed by tempering at 730–
750 °C. 
In the weld under study it can be expected: 

• carbon diffusion from 14MoV6-3 steel into the weld metal (WM), resulting in the formation of 
a partly decarburized area in the coarse-grained heat affected zone (CG HAZ) of 14MoV6-3 steel and 
a carburized area in the WM adjacent to the fusion line. 

• carbon redistribution from the WM into T91 steel accompanied by the formation of a partially 
decarburized zone in the WM and a carburized area in the WM/T91 fusion zone.  

Figure 1 shows the schema of the heterogeneous weld investigated. The chemical compositions of 
the base materials are shown in Table 1. The field post weld heat treatment (PWHT) regime was 
740 °C/1 hour/air.  

 

 
Fig. 1 Schema of the heterogeneous ferritic weld investigated; orange bands represent 

areas of carbon redistribution. 
 

Table 1 Chemical compositions of base materials, wt. %. 
Grade C Si Mn Cr Mo V Nb 

14MoV6-3 0.11 0.26 0.56 0.63 0.51 0.28 - 
T91 0.11 0.32 0.73 8.94 0.93 0.21 0.08 

 
The microstructure of the weld was studied after service exposure in a power plant boiler at a 

temperature of 580 °C and steam pressure of 10.3 MPa for about 95,000 hours. The microhardness 
profile across the weld was evaluated. Microstructure characterization was carried out using light 
microscopy (LM) and transmission electron microscopy (TEM). Carbon extraction replicas were 
prepared for minor phase identification in critical parts of the weld. Identification of minor phases 
was performed using electron diffraction (SAED) and energy dispersive X-ray (EDX) microanalysis.  

Results and Discussion 
Figure 2 shows the longitudinal section through the weld. The macroetch assessment did not reveal 

creep defects in any part of the weldment. The profile of HV0.5 microhardness across the weld is 
shown in Fig. 3. The WM was harder than both base materials (BM). Microhardness measurement 
was performed in the middle thickness of the weld with a step of 1 mm. The HV0.5 microhardness 
of the WM is higher than that in both base materials. The CG HAZ of the T91 tube exhibits the highest 
microhardness level. Microhardness in the HAZ of 14MoV6-3 steel is significantly higher than that 
in the BM.  
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Fig. 2 Longitudinal section through the weld; indents of microhardness in the middle thickness. 

 

 
Fig. 3 Microhardness HV0.5 profile across the weld; see Fig. 2. 

 
The step of the line profile was not fine enough to reveal local changes in microhardness. 

Therefore, five HV0.5 measurements were carried out in the basic parts of the weldment. Results 
shown in Table 2 prove the existence of two carburized areas. Despite the fact that in the CG HAZ 
of 14MoV6-3 steel partial decarburization took place during the PWHT and service exposure, the 
microhardness level in this area is higher than that in the 14MoV6-3 BM.  
 

Table 2 HV0.5 microhardness values across the weld. 

Area HV0.5 ± STD 

BM 14MoV6-3 
CG HAZ 14MoV6-3 

Carburized WM 
WM 

Decarburized WM 
CG HAZ P91 

BM P91 

186 ± 18 
252 ± 25 
337 ± 17 
301 ± 13 
253 ± 5 
348 ± 10 
224 ± 11 
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Microstructure of the 14MoV6-3 BM was formed by a mixture of bainite and ferrite (Fig. 4). TEM 
analysis revealed heavy precipitation. Two minor phases were identified: cementite and V(C,N). 
Precipitation strengthening of this steel is mainly controlled by the precipitation of the MX phase, 
where M is vanadium and X can be carbon and/or nitrogen [3–5]. Fig. 5 shows that particles of V(C,N) 
were relatively coarse – up to 150 nm. Such microstructure corresponds to the low level of the 
14MoV6-3 BM microhardness reported in Table 2. In the fine grained (FG) part of the HAZ the 
fraction of ferrite in the ferritic-bainitic microstructure was significantly lower than that in the BM. 
In the CG HAZ the microstructure was fully bainitic. The thermal cycle during welding resulted in 
partial or full dissolution of precipitates that were present in the BM after quality heat treatment. Re-
precipitation processes occurred in the HAZ during the PWHT and the long-term service exposure. 
The service exposure was significantly lower than the tempering temperature during the quality heat 
treatment. V(C,N) particles in the HAZ were much finer than those in the BM not affected by welding 
(Fig. 6). Higher hardness in the 14MoV6-3 HAZ as compared to the BM can be explained by different 
products of austenite decomposition and differences in precipitation of V(C,N) particles. Recovered 
bainite was present in the CG HAZ up to the fusion line (Fig. 7). This means that partial 
decarburization of 14MoV6-3 steel did not result in dissolution of most precipitates and the formation 
of a band of soft ferrite along the fusion line as it is typical for 2.25CrMo steels [1].  
 

  
Fig. 4 Microstructure of the 14MoV6-3 BM: 

a mixture of ferrite and bainite. 
Fig. 5 Typical distribution and size of V(C,N) 

particles in bainite of the 14MoV6-3 BM; 
insert: ring diffraction pattern of V(C,N). 
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Fig. 6 Typical distribution and size of V(C,N) 
particles in bainite of the HAZ in 14MoV6-3 

steel, insert: ring diffraction pattern of 
V(C,N). 

Fig. 7 Recovered bainite in the partially 
decarburized CG HAZ of 14MoV6-3 steel along 

the fusion line. 

 
TEM study revealed that in the CG HAZ of 14MoV6-3 steel particles of cementite dissolved but 

V(C,N) particles were preserved. Fig. 8 shows precipitation of fibre-like V(C,N) particles along the 
fusion line. These particles probably formed during austenite decomposition in the weld by the 
mechanism of interphase precipitation. Detail of these particles is shown in Fig. 9. Partial 
decarburization of the CG HAZ during long-term service exposure at 580 °C did not result in their 
dissolution. 
 

  
Fig. 8 Precipitation along the 14MoV6-3/WM 
fusion line; an arrow shows fiber-like V(C,N) 

particles in the CG HAZ. 

Fig. 9 Detail of fiber-like V(C,N) particles 
along the 14MoV6-3/WM fusion line. 

 
In the carburized zone of the WM heavy precipitation of M23C6 and V(C,N) particles was present. 

The microstructure of the WM consisted of tempered bainite. The PWHT and the service exposure at 
580 °C resulted in the precipitation of M23C6 and V(C,N) particles in bainitic ferrite. Fig. 10 shows 
the microstructure of the WM/T91 fusion zone and the surrounding partly decarburized WM.  
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Fig. 10 Microstructure along the WM/T91 

fusion line. 
Fig. 11 Heavy precipitation in the carburized 
zone of the WM/T91 fusion zone, insert: ring 

diffraction pattern of M23C6. 
 

The microstructure of the partially decarburized zone of the WM consisted of recovered bainite. 
Grain boundaries were decorated by coarse precipitates. The microstructure of the fusion zone  
was formed by tempered bainite with a heavy precipitation of M23C6 particles (EDX in wt.%: 62 Cr, 
33 Fe, 5 Mo) and a smaller fraction of V(C,N) particles (Figs. 10 and 11). The carburization 
 process in heterogeneous welds mainly takes place in the concentration gradient of solutes in the 
fusion zone [6]. The microstructure of the T91 tube, which was not affected by welding, corresponded 
to tempered martensite. Precipitates in the T91 BM were identified as M23C6 carbides, Laves phase 
of Fe2Mo type (EDX in wt.%: 4 Si,7 Cr, 35 Fe, 54 Mo) and VN (EDX in wt.%: 63 V, 13 Cr,  
8 Fe, 12 Mo, 4 Nb) phase. The beginning of partial in-situ transformation of VN to modified Z-phase 
was not observed.  

Summary 
The results of hardness and microstructural characterization of the 14MoV6-3/3Cr0.5MoV/T91 

heterogeneous weld after service exposure in a boiler at a temperature of 580 °C and steam pressure 
of 10.3 MPa for about 95,000 hours can be summed up as follows: 

• Service exposure did not result in the formation of creep defects in any part of the weldment. 

• Partial decarburization of 14MoV6-3 steel along the 14MoV6-3/WM fusion line was not 
accompanied by the formation of a soft ferritic band. Particles of cementite dissolved, but 
particles of V(C,N) were stable and slowed down the recovery/recrystallization of bainite. 
Similarly, partial decarburization of the WM along the WM/T91 fusion line did not  
cause the formation of a ferritic band. The cause of this phenomenon is the high 
thermodynamic stability of the V(C,N) phase in vanadium-bearing ferritic steels below 
approximately 600 °C. 

• Maximum microhardness in both carburized zones of the weld investigated did not exceed 
350 HV0.5. 

 
 

WM 
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Abstract. This study presents the results of both non-destructive (radiography and computed 
tomography) and destructive (light optical and scanning electron microscopy) evaluations of 
operational degradation in welded joints of ESW (electroslag welding) pipelines. Microbiologically 
influenced corrosion (MIC), potentially induced by manganese-oxidizing microorganisms 
(MOMOs), was investigated as a plausible degradation mechanism. Extensive subsurface corrosion 
cavities were identified beneath the internal surface of the pipelines. The presence of MnO2 globules 
near these cavities supports the hypothesis of MOMO-induced corrosion. 

Introduction 
Three DN 125 pipeline segments, each containing welded joints and flanges, were submitted for 

analysis to determine the underlying degradation mechanisms (see Fig. 1). The segments were 
designated as 'left weld (LS)', 'central weld (SS)', and 'right weld (PS)'. According to the provided 
specifications, the base material of the flanges and pipes is titanium-stabilized austenitic stainless 
steel, grade 1.4571 (equivalent to 316Ti), as detailed in Table 1. 

The pipeline system transports an aqueous solution devoid of H₃BO₃ for approximately 10–
11 months annually. During the remaining period, the system is either stagnant or drained. The 
pipeline has been in service since 2008, following the replacement of DN200 carbon steel pipes with 
austenitic stainless steel due to severe surface corrosion. 

 

 
Fig. 1 Samples LS, SS, PS. 

 
Table 1 Chemical composition of 1.4571 material according to standard ČSN EN 10088-3 [wt. %]. 

 C Si Mn P S Cr Mo Ni Ti 
1.4571 0.08 1 2 0.045 0.03 16.5-18.5 2-2.5 10.5-13.5 5xC up to 0.7 

 
While microbial corrosion has traditionally been associated with sulfate-reducing bacteria, recent 

studies have demonstrated that other microorganisms, including manganese-oxidizing 
microorganisms (MOMOs), can also contribute to MIC [1–5]. Under aerobic conditions and in the 
presence of manganese ions, MOMOs catalyze the oxidation of Mn²⁺ to higher-valence manganese 
oxides (Mn (III/IV)) or hydroxides [1, 2]. These oxidation products are typically amorphous and non-

Left weld (LS) 

Centre weld (SS) 

Right weld (PS) 
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stoichiometric [1–3], complicating their identification via X-ray diffraction. For simplicity, they are 
often represented by the formulas MnO₂ and MnOOH [1, 3]. 

MnO₂, in particular, is known for its high electrochemical reactivity and strong oxidative potential 
[1, 3]. The corrosion process initiated by MOMOs involves a biotic phase, during which microbial 
metabolic by-products accumulate on the stainless steel surface, followed by an abiotic phase driven 
by the electrochemical activity of MnO₂. This sequence results in a shift of the corrosion potential of 
the passive stainless steel towards more anodic values, thereby lowering the critical chloride 
concentration required to initiate pitting corrosion [1–3]. The lowest reported chloride concentration 
at which such damage has been observed is 65 mg/L. Under the influence of MnO₂, the material is 
unable to repassivate effectively [1, 3]. 

MOMO-induced MIC has been documented in freshwater environments and is known to affect 
both martensitic and, more significantly, austenitic stainless steels. Affected pipeline surfaces 
typically exhibit a black, slimy biofilm rich in MnO₂, along with thick layers of biomineralized 
Mn(IV) oxide deposits. 

 

 
Fig. 2 Diagram of MOMO microbial corrosion mechanism [2]. 

Methodology 
A comprehensive non-destructive evaluation was conducted on the provided pipeline samples. 

This included detailed visual inspection and dye penetrant (capillary) testing. Subsequently, the 
original specimens were sectioned into ring-shaped cut-outs containing circumferential welds. These 
were submitted to Gamalux Plzeň, spol. s r.o., for radiographic examination of the weld joints. 
Based on the radiographic findings, selected specimens exhibiting indications of internal anomalies 
were extracted for further analysis. These were forwarded to CEITEC for high-resolution computed 
tomography (CT) to document the internal defects in detail, with particular focus on cavities 
suspected to originate from microbiologically influenced corrosion (MIC). 

Following the CT analysis, specific regions were identified for further surface and cross-sectional 
evaluation. Non-destructive surface characterization was performed using scanning electron 
microscopy (SEM), while destructive analysis of longitudinal sections was carried out using light 
optical microscopy (LOM) and SEM. 

Finally, the chemical composition of the materials was verified using X-ray fluorescence (XRF) 
spectroscopy. 

Results 
XRF analysis confirmed that the chemical composition of the samples corresponds to the declared 

titanium-stabilized austenitic stainless steel grade 1.4571. 
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The microstructure of all segments was austenitic, characterized by mechanical twinning and the 
presence of delta ferrite. The weld metal exhibited an austenitic, predominantly dendritic FA-type 
microstructure. 

Visual and dye penetrant inspections confirmed that the external surfaces were free from service-
induced damage. However, several manufacturing-related weld defects were identified on both the 
inner and outer surfaces. The most frequently observed defects included lack of fusion, incomplete 
root penetration, and weld overlap. 

The internal surfaces of all specimens were coated with grey-black deposits, which may indicate 
the former presence of a slimy biofilm rich in MnO₂ oxides [1–4]. Nevertheless, the expected thick 
layers of corrosion products, primarily composed of MnO₂, were not preserved – likely due to 
mechanical cleaning, as evidenced by visible abrasion marks. In several areas, brown-orange 
corrosion staining was observed on the internal surfaces. Notably, voids were detected in the 
specimen containing the right-side weld, located adjacent to these corroded regions (see Fig. 3). 
 

 
Fig. 3 Detail of the inner surface weld with cavities, PS2 specimen 

with radiographic image of the outer surface. 
 

Radiographic inspection of the welded joints confirmed the presence of typical manufacturing 
defects originating from the welding process. These defects were determined to be unrelated to 
operational degradation. In contrast, voids resembling cavities caused by microbiologically 
influenced corrosion (MIC) were detected in regions exhibiting brown-orange discoloration – 
corrosion stains, (see Fig. 3). 

Based on the radiographic findings, several areas of interest were selected for further investigation 
using computed tomography (CT). The CT scans corroborated the visual inspection results, revealing 
extensive sub-surface caverns at the locations of the corrosion stains across all welds. These caverns 
are predominantly subsurface, interacting with the inner surface at only a few isolated points. 

The most extensive void, located in the base material of the right-side flange, measured 
approximately 3.2 cm in length. In this instance, the voids could be seen on the internal surface with 
the naked eye (Figs. 3 and 4). Figure 5 presents a tomographic cross-section of the specimen at the 
location of the assumed maximum dimension of defect V1. The voids were primarily situated within 
or adjacent to the weld metal but were also observed in the base metal and its heat-affected zone 
(HAZ). All voids originated at the internal surface, lacked corrosion products, and exhibited similar 
morphological characteristics. 
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a) 

 

 
b) 

Fig. 4 Inner surface of PS-2 specimen (a) and its CT tomography (b). 
 

a) 
 

b) 
Fig. 5 Appearance of red and green defect in cross section. 

 

 
a) 

 
b) 

Fig. 6 MnO2 globules. X-ray elemental composition maps SEM-EDS (a), SE (Everhart-Thornley 
detector) mode (b). 

 
Stereomicroscopic examination revealed that the internal surface of the pipeline was coated with 

grey-black to grey-brown deposits. Scanning electron microscopy (SEM) analysis of these deposits 
suggests they may represent remnants of a black mucilaginous biofilm [1–3], likely present prior to 
the extraction of the samples from the TVD assembly. However, due to prior mechanical cleaning – 

V1 V3 
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evidenced by surface abrasion marks – the surface was only available for analysis in a post-cleaned 
state, which significantly limited the ability to detect intact MnO₂ globules. 

Despite this limitation, localized SEM inspection near defect V1 revealed the presence of MnO₂ 
globules (see Fig. 6). Their detection supports the hypothesized mechanism of microbiologically 
influenced corrosion (MIC) caused by manganese-oxidizing microorganisms (MOMOs). 

Conclusions 
Operational degradation of ESW pipelines was assessed using three DN 125 welded pipeline 

samples, extracted from a system in service between 2008 and 2021. Microbiologically influenced 
corrosion (MIC) caused by manganese-oxidizing microorganisms (MOMOs) was hypothesized as 
the primary degradation mechanism. 

The evaluation involved a combination of non-destructive techniques – visual inspection, dye 
penetrant testing followed by radiography, and computed tomography of several picked defects. The 
internal surface condition was evaluated as well on a few selected specimens. The metallographic 
cross sections at the weld joint’s locations were prepared for a LOM and SEM evaluation. The 
chemical composition was verified via X-ray fluorescence (XRF). The key findings are summarized 
as follows: 

• Material Verification: XRF analysis confirmed that the flanges and pipes were composed of 
titanium-stabilized austenitic stainless steel grade 1.4571 (equivalent to 316Ti). 

• Microstructural Characterization: A Microstructure of all components is austenitic with 
characteristic twinning and varying amounts of delta ferrite. The weld metal has an austenitic, 
predominantly FA-type dendritic microstructure. 

• Surface Condition: Visual and capillary inspections revealed no signs of operational damage 
on the external surfaces. 

• Internal Deposits: Grey-black deposits were observed on the internal surfaces, potentially 
indicative of a previously present MnO₂-rich biofilm. However, mechanical cleaning prior to 
sample delivery removed any significant layers of corrosion products. 

• Subsurface Cavities: Radiographic and CT analyses confirmed the presence of large subsurface 
caverns at locations corresponding to corrosion stains. These cavities were primarily located 
beneath the internal surface, with only a few isolated connections to the surface. 

• Cavern Dimensions: The largest detected void, approximately 3.2 cm in length, was found in 
the base material of the right-side flange in an area where voids were visible to the naked eye. 
Additional cavities were observed in the weld metal, base metal, and heat-affected zones. All 
voids originated at the internal surface, were devoid of corrosion products, and exhibited similar 
morphology. 

Due to the mechanical cleaning of the pipeline prior to laboratory analysis, direct evidence 
supporting the MIC mechanism is not sufficient. Nevertheless, SEM inspection near defect V1 
revealed MnO₂ globules within black surface deposits, supporting the hypothesis of corrosion induced 
by manganese-oxidizing microorganisms. 

A definitive confirmation of MOMO-induced corrosion would require further investigation, 
including analysis of the aqueous medium, observation of uncleaned pipeline surfaces, and 
verification of manganese presence within its biofilm. 

This study contributes to ongoing efforts by the Primary Circuit Systems, Chemical Regimes, 
Equipment Care, and Ageing Management departments at EDU and ETE to understand and mitigate 
localized corrosion phenomena in operational systems. 
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Abstract. Alumina dispersion strengthened copper (ADSC) is nowadays well-researched material. 
Its properties make it an excellent candidate for use in electrical engineering applications such as 
material for welding electrodes. The subject of this study was a joint of ADSC and precipitation-
strengthened Cu-Cr alloy. ADSC was prepared by powder metallurgy method using Spark Plasma 
Sintering (SPS). While SPS allows the preparation of low porosity compacts it's limited by the size 
and shape of compacts it can prepare. This work aimed to prepare different joints between ADSC and 
Cu-Cr alloy and examine their properties as well as chemical composition and microstructures. Three 
types of joints were tested. A joint made by pressing ADSC into Cu-Cr sleeve shows the forming of 
oxides in the joint as well as the hardening of Cu-Cr on the contact surface due to deformation 
strengthening. Joint made by SPS flash sintering showing the formation of relatively big cavities and 
the formation of oxides on the materials interface. The in-situ joint was produced using a method 
where a Cu-Cr sleeve replaced the bottom punch in SPS compaction. The In-situ interface shows very 
little change in chemical composition and seemingly made a diffusion connection. However, these 
samples show higher porosity of composite compared to regularly SPS prepared compacts. 

Introduction 
Dispersion-strengthened metal matrix materials are composites of usually metal matrix 

strengthened by dispersion of small stable particles. For the preparation of ADSC were researched 
various dispersion particles such as Al2O3, Y2O3, TiO2, WC, SiC [1]. For this study was chosen Al2O3 
dispersion as best candidate to prepare good composite. This type of oxide was used for its relative 
ease of introduction to the matrix, previous experience with the process of introducing dispersion into 
the matrix as well as economic feasibility of using this oxide in comparison with Y2O3 or WC. 
Introduction of Al2O3 into the matrix forms CuxAlyOz [2] interphase which further increases Al2O3 
potential to make a good dispersion composite with copper.  

ADSC owes its excellent mechanical properties such as tensile strength and hardness to Hall-Petch 
strengthening mechanism. Dispersion particles of Al2O3 form barriers against grain growth during 
material preparation by Zener-pinning mechanism [3]. This way we can prepare a composite that has 
comparable mechanical properties to precipitation-strengthened copper such as CuCo alloys while 
retaining their mechanical properties even in elevated temperatures. Such thermal stability is very 
important in applications where heightened temperatures and high mechanical strains are present such 
as spot welding applications. 

Composites strengthened by the Al2O3 have the advantage of reaching nanocrystalline dispersions 
which significantly increases their hardness. The possibility of preparing nanocrystalline structures 
with 9–15 nm [4] crystalline crystalline sizes of copper matrix allowed the preparation of high-
strength copper composite. Composites prepared by Ďurišin et. al. [4] exhibited 160 HB and ultimate 
tensile strength up to 436 MPa retaining its mechanical properties up to 900 °C. 
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Tanaka et al. [5] showed a comparison between ADSC and copper chromium precipitation 
strengthened copper chromium alloy. Electrodes from ADSC were prepared by copper powder mixed 
with alumina complex which were hot extruded into copper billet sleeves forming copper bar with 
ADSC core. Experimental electrodes exhibit a gradual very low decrease of hardness and electrical 
conductivity up to 900 °C namely 127–100 HV for hardness and 90–85 % IACS for conductivity. 
Compared to precipitation-strengthened Cu-Cr which showed a significant decrease of hardness from 
160–80 HV in a span from 500–700 °C as well as a decrease of conductivity from 83–45 % IACS in 
the span of 700–900 °C we can see that precipitation strengthened Cu-Cr is nowhere near thermal 
stability of ADSC. 

Furthermore, Tanaka et. al. [5] tested the life span of electrodes comparing ADSC electrodes with 
conventional Cu-Cr electrodes. This comparison was done indirectly by measuring the weld nugget 
diameter and observing at what point the nugget diameter dips below the diameter deemed as 
inadequate for making food weld. Results show that the ADSC electrode has a twice longer lifespan 
than the chromium copper electrode. Furthermore, the ADSC electrode made much more consistent 
welds in comparison with Cu-Cr. 

Experimental Materials 
Samples were prepared by powder metallurgy method. ADSC in all cases was prepared by the 

process of mixing CuO powder with a water solution of aluminum nitrate Al(NO3)3·9H2O. Aluminum 
nitrate was measured and mixed with water in order to yield 2 vol. % Al2O3 in the resulting composite. 
The mixed slurry was afterward dried which resulted in the coating of CuO particles with Al2O3 and 
forming of Cu(NO3)2. Afterward, powders were ground in an attirtor 10 min 60 Hz 1:1 weight ratio 
balls to powder then calcined at 500 °C for 1 hour to get rid of chemically bound water and nitrates. 
A dried mixture of Al2O3 and CuO were after calcination cooled to room temperature and milled by 
vibration milling method for 50 min at 20 Hz and weight ratio balls to powder 1:1. After first vibration 
milling powder was reduced in H2 atmosphere for approximately 1h. The first reduction occurred at 
a temperature around 150 °C until all of the oxygen present in CuO was reduced. After the first 
reduction metal copper powder was cooled, and milled again in a vibration mill this time for 30 
minutes at 20 Hz and a 1:1 ball-to-powder ratio. Copper alumina powder was green compacted, and 
reduced in the H2 atmosphere for another hour at 800 °C in order to get rid of most of the introduced 
oxygen from the composite.  

The green compacted powder was then compacted and sintered to the final composite by the SPS 
method. There were two instances of preparation of the composite by SPS. The first method involved 
performing SPS in a cylindrical graphite mold with a 10 mm diameter. The sintering process lasted 
an overall 20 minutes with a steady increase of temperature and pressing force up to 800 °C and force 
of 5 kN at low vacuum 5 x 10-1 bar where the sample was compacted without further increase of 
temperature and pressure for 10 minutes. In the second process instead of a lower graphite press an 
electrode body prepared from Cu-Cr alloy with a chemical composition in Table 1. The powder was 
compacted and sintered in the Cu-Cr alloy sleeve with the sintering setting set to the same parameters 
as in the previous two cases and the final result is called an “in-situ” sample. 

 
Table 1 Chemical composition of Cu-Cr electrodes in wt. %. 
Si Cr Cu Fe Zr 

0.002 0.934 98.96 0.015 0.083 
 
For purposes of this study were prepared three samples. The first sample further called “pressed” 

was prepared by pressing on 7 mm diameter billet into the Cu-Cr sleeve. Sample “welded” was 
prepared by flash plasma sintering where between the composite and Cu-Cr electrode body was put 
a thin layer of Cu + 2 vol. % Al2O3 powder. Powder served as a high-resistance place for two surfaces 
to weld together. The flash process occurred for 10 seconds at full power setting of the machine which 
was 37 kW at 5 kA and 7 V. 

136 The 19th Metallography & Fractography (Metallo & Fracto)



 

All samples were sectioned and prepared for scanning electron microscopy to evaluate their 
microstructure and chemical composition. In order to find the boundary between Cu-Cr precipitation 
strengthened copper and Cu + Al2O3 composite was also performed line EDX chemical analysis. 
Nano-indentation was used to discover changes in the hardness across the interface area and how 
does hardness of both materials changes.  

Results and Discussion 
Microstructures of the interfaces between ADSC and Cu-Cr can be seen in Fig. 1 were evaluated 

for their chemical composition by EDX semi-quantitative line analyses. 
 

  

  
Fig. 1 a) cavity on the interface of welded sample; b) line analysis of welded sample Cu-Cr 

up ADSC down; c) line analysis of pressed sample Cu-Cr up ADSC down; d) in-situ 
sample ADSC left Cu-Cr right. 

 
Table 2 Point EDX analysis of cavity in the welded sample (wt. %) in Fig1 a). 

Spectrum 1 Cu O Spectrum 2 Cu O 
96.63 3.37 89.66 10.34 

 
From Fig. 1b, c the pressed sample and welded sample had a visible interface while the in-situ 

sample had no apparent boundary between materials. That is also supported by line analysis which 
shows in the case of welded and pressed samples heightened levels of oxygen in the boundary 
between materials. In the case of the welded sample, the line analysis crossed a good connection 
between ADSC and Cu-Cr, Fig. 1b. The formed joint exhibits a visible boundary between ADSC and 
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Cu-Cr. This was caused by the uneven distribution of powder between both materials and caused 
weakening which will be described further. In the welded sample was detected also cavities, on the 
boundary between ADSC and Cu-Cr were detected heightened presence of oxides (Table 2) which 
indicated oxidation of powder prior to SPS further weakening the joint. The absence of detected 
aluminum in the composite was caused due to the low amount (2 vol. %) of Al2O3 in the composite. 
 

  
Fig. 2 Nanoindentation of pressed sample: a) microstructure and nanoindents; b) graph 

of microhardness change. 
 

  
Fig. 3 Nanoindentation of weld sample: a) microstructure and nanoindents; b) graph 

of microhardness change. 
 

Nanoindentation experiments were performed using Nano Indenter G200 produced by Agilent 
Technologies (Chandler, AZ, USA) equipped with a Berkovich-type diamond indenter. Poisson’s 
ratio (ν) of 0.35 is used, for all samples, assuming a quasi-isotropic behavior. Measurements were 
done using both single loading–unloading indentation measurements. Nanoindentation hardness was 
measured always in the places where the best connection was found between composite and Cu-Cr 
as visible in Fig. 2–4a to mitigate error from cavities. Three lines of indents perpendicular to the joint 
between composite and Cu-Cr were performed to get a statistical evaluation of hardness differences 
on the joint. From Fig. 2–4b it’s clear that all methods used to join materials had vastly different 
properties. Pressed sample Fig. 2b has shown an interesting increase of the Cu-Cr micro-hardness in 
comparison with other cases. That is most likely caused by the manufacturing process where the 
composite was pressed into the sleeve of the Cu-Cr electrode. The pressing process caused 
deformations around the sleeve which can result in Cu-Cr hardening. The pressed sample was 
evaluated after the welding tests; therefore, additional deformation associated with the characteristics 
of spot welding may have been induced, leading to an increase in microhardness. 
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Fig. 4 Nanoindentation of  in-situ sample: a) microstructure and nanoindents; b) graph 

of microhardness change. 
 
Figure 3b shows the microstructure of the flash-welded sample with visible joints between 

materials. Despite our efforts to make indents in part of the sample without cavities such as on 
resulting hardness in the connection between composite and Cu-Cr shows a significant decrease, 
Fig. 3b. That is most likely caused by improper connection between materials and the presence of 
cavities as is visible on its microstructure. Figure 4a shows the microstructure of the in-situ joint. By 
light microscopy we were able to see the place of joining of both materials without any significant 
faults however in the ADSC we can see pores and cavities. This was the result of the SPS process 
since the same conditions were used for manufacturing billets as well as the in-situ method. Given 
that this was the first prototype it's obvious that more attention should be given to changing SPS 
conditions in order to get rid of the porosity and manufacture much better compact. These pores 
caused also visible significant inconsistencies in composite-Cu-Cr joint (Fig. 4b) roughly 300 μm 
from the joint into the composite. 

Summary 

Prepared alumina dispersion copper composites containing 2 vol. % Al2O3 were successfully 
joined with chromium copper alloy. Three different methods of making the joint between ADSC and 
Cu-Cr were evaluated. It was apparent that making joints by pressing or by flash welding in SPS was 
an insufficient method for further use causing the formation of cavities and oxides. The presence of 
these cavities causes low hardness in the joint area and the presence of oxides will decrease joint 
electrical conductivity. Microhardness tests prove no visible gradient of lowering or increasing 
hardness depending on the distance to the joint. Novel in-situ method preparation of ADSC in Cu-Cr 
sleeve posed promising way to mitigate problems with cavities and oxide formation making diffusion 
joint however, compaction SPS conditions have to be adjusted to get rid of pores formed in ADSC 
prepared by this method. 
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Abstract. This study investigates the tribological behavior of composites based on Al2O3–ZrO2 
stabilized with 3 mol. % Y2O3 (ZTA – zirconia-toughened alumina), prepared using spark plasma 
sintering (SPS) technology. The composites were characterized in terms of microstructure, 
mechanical properties, and wear resistance in a dry ball-on-flat configuration. SEM analysis 
confirmed a homogeneous and fine-grained microstructure without porosity, with Al2O3 grain sizes 
of 200–400 nm and ZrO₂ grain sizes of 100–200 nm. Measurements revealed high Vickers hardness 
(1566.7 ± 133.6 MPa), fracture toughness (6.4 ± 0.29 MPa·m¹ᐟ²), nanoindentation hardness 
(25.94 ± 2.35 GPa), and Young’s modulus (365.9 ± 18.2 GPa). The coefficient of friction ranged 
from 0.40 to 0.53 depending on the load, and the specific wear rate was extremely low (4.81 × 10⁻⁷ 
to 5.08 × 10⁻⁷ mm³/Nm). Analysis of the wear track revealed predominantly abrasive wear without 
significant fragmentation or delamination. The results demonstrate that optimized microstructure, 
proper phase stabilization, and a high degree of densification enable the preparation of composites 
with an excellent combination of hardness, toughness, and tribological resistance. These materials are 
suitable for demanding applications in industry, energy, and biomedicine. 

Introduction 
Tribological systems in energy, the automotive industry, medical implants, and precision 

manufacturing equipment place high demands on wear resistance, the stability of the coefficient of 
friction, as well as the mechanical reliability of materials [1, 2]. Ceramic composites based on Al2O3 
and tetragonal ZrO2 stabilized with yttria (ZTA – zirconia-toughened alumina) represent the current 
state-of-the-art in this field, thanks to the synergistic effect of combining hardness, thermal stability, 
and fracture toughness [3, 4]. The foundation of their unique properties is the phase transformation 
of zirconia from the tetragonal to the monoclinic phase, accompanied by a volume expansion (3–
5 %), which acts as a barrier to crack propagation, known as transformation toughening [4, 5]. For 
practical applications, however, this transformation must be controlled and stabilized – the addition 
of yttria stabilizes the tetragonal phase up to room temperature, which prevents spontaneous 
microcracking during cooling and loading of the material [4, 6]. The ability to precisely adjust the 
phase ratio and microstructure is a decisive tool for designing a composite with an optimized 
combination of hardness and toughness [7, 10]. The microstructure of ZTA composites is 
fundamentally determined by the preparation and sintering technologies used, where advanced 
techniques (e.g., SPS) make it possible to achieve submicron grain size, homogeneous phase 
distribution, and a high degree of densification without significant porosity [5, 10]. Precisely 
controlled microstructure minimizes weak spots (grain boundaries, pores), thereby increasing both 
wear resistance and fracture toughness [5, 10]. The tribological properties of ZTA composites depend 
not only on composition but also on the mutual arrangement of phases, surface morphology, and grain 
boundary characteristics. Fine-grained structures contribute to reducing the rate of abrasive wear and 
to the formation of a protective tribolayer during sliding, as confirmed by extensive studies in the 
energy, automotive, and biomedical sectors [2, 5, 8, 9]. Advanced measurement methods, especially 
nanoindentation and optical profilometry, allow for detailed quantification of Young’s modulus, 
hardness, fracture toughness, and the coefficient of friction, which is essential for scientific 
optimization of these systems [6, 7]. The aim of this work is to comprehensively investigate the 
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influence of microstructure, phase composition, and experimental parameters on the tribological and 
mechanical properties of ZTA composites, to analyze wear mechanisms, and to discuss their 
significance for applications under extreme conditions. 

Experimental Methods  
The starting materials were fine α-Al₂O₃ powder with a particle size of approximately 150 nm 

(TAIMICRON TM DAR, TAIMEI CHEMICALS CO.) and tetragonal ZrO2 powder stabilized with 
3 mol. % Y₂O₃ with a particle size of 30–60 nm (Inframat Corporation). Powder mixtures were 
prepared by weighing mass fractions corresponding to a composition of 50 vol. % Al2O3 and 
50 vol. % ZrO2 + 3Y2O3 with an accuracy of ±10 mg. These powders were then dispersed in 
approximately 40 vol.% isopropanol and homogenized in a planetary mill PULVERISETTE 6 
(FRITSCH, Germany) for 2 hours at 200 rpm in a zirconia container with 10 mm diameter balls, 
maintaining a ball-to-powder ratio of 10:1 and reversing the direction of rotation every 30 minutes. 
After homogenization, the suspension was evaporated in a rotary evaporator, the powder was 
thoroughly dried, sieved through a 200 µm mesh, and stored in a desiccator. 

The powder mixtures were sintered using an HP D10-SD device (FCT Systeme, Germany). The 
powder was pressed into a graphite mold with an inner diameter of 20 mm, lined with graphite foil 
0.5 mm thick. The SPS process involved linear heating from room temperature to 400 °C at a rate of 
100 °C/min, followed by a five-minute isothermal hold to remove residual moisture. The temperature 
was then increased at the same rate up to 1400 °C and held for five minutes. After sintering, the 
samples were cooled in a controlled manner to 400 °C, then left to cool freely in air. The pressing 
force during sintering was gradually increased up to a maximum of 20 kN and was gradually reduced 
during cooling. 

The resulting samples had a cylindrical shape with a diameter of 20 mm and a height of 
approximately 4 mm. Sample surfaces were prepared using standard metallographic procedures: 
coarse grinding with SiC papers of grit sizes 320 to 1200, followed by fine polishing with diamond 
suspensions of 9 μm, 3 μm, and 1 μm, and final polishing with colloidal silica (0.05 μm, 3 minutes at 
150 rpm). Surface roughness was verified with a confocal microscope Sensofar PLu Neox, with a 
resulting Ra value of approximately 0.06 μm. 

The microstructure was analyzed using an environmental scanning electron microscope EVO 
MA15 (Carl Zeiss, Germany) in backscattered electron (BSE) mode. Vickers microhardness was 
measured using a Vickers 432SVD microhardness tester (Wolpert Wilson Instruments) at a load of 
49.05 N (HV5), with a dwell time of 15 s and at least five indents per sample. 
Nanoindentation was performed with an Agilent G200 instrument using a Berkovich tip (100 indents, 
200 nm depth, continuous stiffness measurement mode). Young’s modulus and nanohardness were 
determined according to the Oliver–Pharr method [9]. Fracture toughness (KIC) was calculated based 
on the length of cracks emanating from the corners of Vickers indents using the Niihara equation [2], 
with the modulus of elasticity obtained from nanoindentation measurements. 
Tribological properties were evaluated using a Bruker UMT-3 tribometer in a ball-on-flat 
configuration, with a 6 mm SiC ball as the counterpart. Tests were carried out in dry conditions at 
laboratory temperature (22 ± 1 °C) and relative humidity (40 ± 5 %). The movement was reciprocal 
with a 5 mm amplitude, 10 Hz frequency, and normal loads of 5, 10, and 25 N. The average sliding 
speed was 0.1 m/s, and the total sliding distance was 500 m. The coefficient of friction was recorded 
continuously during the test. 

The wear volume (V) was determined from 3D profilometry of the wear tracks using the Sensofar 
PLu Neox. The specific wear rate (Wₛ) was calculated according to equation (1), where the volume 
loss (V) was divided by the product of applied load (F) and sliding distance (L): 

𝑊𝑊𝑊𝑊 = 𝑉𝑉
𝐹𝐹.𝐿𝐿

 [𝑚𝑚m3

𝑁𝑁𝑚𝑚
]                                                                                                                                 (1) 
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The morphology of the wear track and the presence of tribolayers were analyzed using SEM/FIB-
SEM (ZEISS Auriga Compact) in SE and BSE modes and using EDX spectroscopy (energy-
dispersive X-ray analysis). 

The mechanical properties of the studied ZTA₃ composite were characterized using multiple 
methods, providing a comprehensive overview of its strength parameters. The average Vickers 
microhardness reached 1566.7 ± 133.6 MPa, indicating high resistance to plastic deformation and 
confirming high microstructural homogeneity. 

Results and Discussion 
Basic mechanical properties such as indentation fracture toughness (KIC) and Vickers 

microhardness were determined at a load of 5 N. Similarly, nanoindentation parameters such as 
nanohardness and Young’s modulus were measured. The results are summarized in Table 1. 

 
Table 1 Values of Vickers hardness and indentation fracture toughness at a load of 5 N. 

Mechanical property Value 
Vickers hardness HV [MPa] 1566.7 ± 133.6 
Indentation fracture toughness according to Niihara KIC [MPa·m1/2]  6.4 ± 0.29 
Nanoindentation hardness [GPa] 25.94 ± 2.35 
Young’s modulus [GPa] 365.9 ± 18.2 

 
The measured indentation fracture toughness KIC = 6.4 ± 0.29 MPa·m¹ᐟ² represents a significant 

increase compared to monolithic alumina ceramics (typically 3–4 MPa·m¹ᐟ²), which is the result of 
the effective transformation toughening mechanism in the ZTA system [4, 10]. The presence of 
metastable tetragonal ZrO2 grains allows for local phase transformation in the vicinity of a 
propagating crack, leading to local volume expansion and effectively hindering crack growth [4]. 
This transformation is the main reason for the high toughness of ZTA composites and has been 
repeatedly confirmed in experimental studies (e.g., Basu et al., 2004) [10]. 

The measured Vickers hardness HV = 1566.7 ± 133.6 MPa is typical for highly densified fine-
grained ZTA composites. It is higher than that of pure zirconia ceramics (1200–1400 MPa) and 
comparable to values reported for submicron ZTA materials [5, 10]. The increased hardness is a result 
of the fine-grained microstructure, homogeneous distribution of hard phases, and the absence of 
significant porosity [5]. According to the literature (e.g., He et al., 2004), similar composites exhibit 
values in the range of 1500–1700 MPa, which confirms the quality of the prepared samples [5].The 
nanoindentation hardness of 25.94 ± 2.35 GPa and Young’s modulus of 365.9 ± 18.2 GPa correspond 
with results obtained for fine-grained ZTA composites in leading studies [6, 7, 10].The higher value 
of nanoindentation hardness compared to conventional Vickers hardness is due to the local 
measurement in very small volumes, where the contribution of hard phases is higher and the influence 
of defects or grain boundaries is minimal [6]. Such values of nanoindentation parameters indicate 
high microstructural quality, strong grain boundaries, and effective stress transfer within the material. 
A fine-grained and homogeneous microstructure with an optimized Al2O3:ZrO2 ratio directly 
supports high values of both hardness and toughness [5, 10]. Compared to the literature (Basu et al., 
2004; Vasylkiv et al., 2003), these values are above average for this type of composite, which is a 
result of high-quality preparation and effective phase stabilization [7, 10]. Furthermore, the presence 
of yttria-stabilized ZrO2 prevents undesirable grain growth during sintering, preserving the fine-
grained character, which is essential for maintaining high hardness and fracture toughness [4, 5, 10]. 
In tribological tests (see Table 2), the composites exhibited a stable and relatively low coefficient of 
friction: 0.51 at 5 N, 0.48 at 10 N, and 0.44 at 25 N. Such a decrease in COF with increasing load is 
in agreement with Ghaemi et al. (2017), who report COF values for similar systems in the range of 
0.45–0.65 [2]. 
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Table 2 Coefficient of friction (COF) and wear rate (Ws) at different loads. 
Sample Load [N] COF [-] Ws [mm³/Nm] 

Al2O3-ZrO2+3Y2O3 
5 0.51 4.81 × 10⁻⁷ 
10 0.48 4.99298 × 10⁻⁷ 
25 0.44 4.23639 × 10⁻⁷ 

 
The specific wear rate (Wₛ) ranged from 4.81 × 10⁻⁷ to 5.08 × 10⁻⁷ mm³/Nm, which is comparable 

to or better than values reported for ZTA composites in the literature [2, 10]. 
 

 
Fig. 1 SEM micrographs with typical damage mechanism in the 

wear tracks after the wear test with 25 N. 
 

The SEM image of the wear track (Fig. 1) shows a smooth surface with fine parallel grooves 
typical of abrasive wear. The edges are slightly raised due to plastic deformation, and the formation 
of a tribolayer can be observed in the central part, which contributes to reduced friction and protects 
the surface from further damage [9, 10]. More pronounced defects, such as delamination or 
fragmentation of the surface, were not observed, indicating high microstructural integrity [5]. The 
absence of pores or segregation confirms the high degree of densification and optimal SPS sintering 
parameters, in line with the best results in the field [5, 10]. 

The results for indentation fracture toughness, hardness, and nanoindentation parameters clearly 
confirm the high degree of optimization achieved in the prepared ZTA composites. The indentation 
fracture toughness KIC = 6.4 ± 0.29 MPa·m¹ᐟ² significantly exceeds the values typical for monolithic 
alumina (3–4 MPa·m¹ᐟ²), which is a direct result of the effective phase transformation of tetragonal 
zirconia grains to the monoclinic phase near a propagating crack [4, 10]. This transformation leads to 
volumetric expansion and crack closure, effectively inhibiting crack growth and increasing the overall 
toughness of the system [3, 4]. 

The Vickers hardness of 1566.7 ± 133.6 MPa ranks among the highest values reported for ZTA 
composites in the literature (He et al., 2004; Basu et al., 2004). An important factor is the fine-grained, 
homogeneous microstructure and high degree of densification, which suppress the formation of 
defects and allow for uniform stress distribution throughout the volume. Fine phase boundaries 
additionally enhance resistance to initiating defects and microcracks, increasing both hardness and 
wear resistance [5, 10]. 
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The nanoindentation hardness of 25.94 ± 2.35 GPa and Young’s modulus of 365.9 ± 18.2 GPa 
represent top values compared to similar composites and demonstrate the high microstructural quality 
of the prepared materials [6, 7]. Nanoindentation measurements reveal the true potential of local 
mechanical response, where the influence of macroscopic defects or grain boundaries is minimized 
and the synergy of hard phases is maximized [6, 7]. The difference between nanoindentation and 
macroscopic hardness is typical for ceramic systems with a fine microstructure and is also discussed 
in works by Basu et al. (2004) and Vasylkiv et al. (2003) [7, 10]. 

In comparison with the literature, the obtained mechanical parameter values are above average for 
ZTA composites, demonstrating the effectiveness of the applied SPS sintering method, the high purity 
of the powders, and precise phase stability control [5, 10]. This combination of high Young’s 
modulus, hardness, and toughness ensures long-term reliability under intensive tribological loading 
and allows for extended application in extreme conditions in energy, transport, and biomedicine [1, 
2]. The results confirm that the optimized fine-grained microstructure, stabilization of ZrO2 with 
yttria, and correctly set processing conditions lead to a significant enhancement of the mechanical 
and tribological properties [5, 10]. The COF and wear rate values are equal to or better than those 
reported in the literature, which can be attributed to the effective formation of a tribolayer at higher 
loads and homogeneous distribution of hard phases [2, 9, 10]. 

Vickers hardness and fracture toughness are consistent with the best reported data for ZTA systems 
(Basu et al., 2004; He et al., 2004), where the submicron microstructure enables an excellent 
compromise between hardness and resistance to crack propagation [5, 10]. The presence of a fine 
tribolayer in the wear tracks reduces friction, which is in line with the conclusions of Ghaemi et al. 
(2022) and Chevalier et al. (2007), who state that such a protective layer is key to reducing abrasive 
wear and extending component lifetime [1, 2]. 

The abrasive character of the wear, absence of delamination, and stable COF even at higher loads 
confirm the advantages of the fine-grained structure and strong phase bonding [2, 5]. Microstructural 
integrity is thus the foundation that enables wide-ranging applications, from energy systems to 
orthopedic implants and precision engineering [1, 2, 5]. 

Conclusions 
ZTA composites prepared by SPS technology achieve outstanding parameters: Vickers hardness 

of 1566.7 MPa, fracture toughness of 6.4 MPa·m¹ᐟ², a stable coefficient of friction of 0.40–0.53, and 
a very low specific wear rate (around 5 × 10⁻⁷ mm³/Nm). The morphology of the wear track 
demonstrates a predominantly abrasive mechanism, formation of a protective tribolayer, and absence 
of serious surface defects, resulting from the optimized microstructure and phase stability. The results 
demonstrate that these composites are suitable for the most demanding tribological applications in 
industry and biomedicine, where the decisive factors are the combination of high strength, toughness, 
and wear resistance [1-2, 10]. 
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Abstract. In this study, the mechanical and tribological properties of 3 mol. % yttria-stabilized 
tetragonal ZrO₂ (3Y-TZP) prepared by spark plasma sintering (SPS) were investigated. 
Nanoindentation revealed a high hardness of 16.51 ± 0.86 GPa and an elastic modulus of 250 ± 
8.8 GPa. The low scatter of these values provides strong evidence for a homogeneous, fine-grained 
microstructure. Vickers microhardness at a 5 N load was 1382 ± 14 and indentation fracture 
toughness (KIC, Niihara) was 5.2 ± 0.03 MPa·m¹ᐟ², confirming the material’s high mechanical 
resilience. Dry reciprocating sliding against a SiC counterface exhibited a stable coefficient of friction 
(COF) of 0.37–0.39, with a slight decrease to 0.37 at 25 N load attributed to the formation of a thin 
protective tribolayer. Wear track depth increased from ~0.8 µm (5 N) to ~2.8 µm (25 N), and width 
from ~1.400 µm to ~ 1.600 µm, while the specific wear rate rose only marginally from 9.28 × 10⁻8 to 
5.05 × 10⁻⁷ mm³/N·m, demonstrating excellent wear resistance. SEM/EDX analysis revealed 
predominant abrasive wear with microcracking, alongside tribochemical oxidation layers rich in SiO₂ 
and carbon that contribute to surface protection. Stabilization of the tetragonal phase and a fine-
grained microstructure are key factors enabling the superior hardness, elasticity, and tribological 
performance of 3Y-TZP for applications demanding low friction and high wear resistance. 

Introduction 

Yttria-stabilized tetragonal zirconia polycrystal (3Y-TZP) is an advanced structural ceramic with 
exceptional mechanical and chemical properties, including high hardness, fracture toughness, flexural 
strength, wear resistance, chemical inertness, and low thermal conductivity [1–3]. These properties 
enable demanding applications: cutting tools, bearings, seals, thermal barriers (energy/automotive), 
and biocompatible medical implants/surgical instruments valued for reliability under cyclic loading 
[1, 2, 4]. Its chemical stability and thermal resistance also suit sensors, fuel cell membranes, and 
devices in extreme conditions [2]. Fine-grained, homogeneous 3Y-TZP resists undesirable phase 
transformations, unlike coarse-grained/heterogeneous materials prone to spontaneous transformation, 
excessive crack propagation, wear and delamination [5–7]. High fracture toughness stems from 
transformation toughening: stress-induced tetragonal-to-monoclinic ZrO₂ phase transformation 
consumes energy and hinders crack propagation. This involves ≈ 4 % volumetric expansion near 
crack tips, generating compressive stresses, increasing fracture toughness and wear resistance [1, 8, 
9], earning it the name “ceramic steel” [2, 9]. Transformation toughening is influenced by 
microstructure (grain size, tetragonal phase fraction, density) [3, 6, 7]. Modern methods like SPS 
yield fine-grained, high-density 3Y-TZP, preserving the transformable tetragonal phase [7, 10]. Yttria 
content/distribution is crucial for tetragonal phase stabilization per the ZrO₂–Y₂O₃ phase diagram 
[11]. Tribological behavior is linked to microstructure; fine-grained homogeneous 3Y-TZP resists 
undesirable phase transformations, wear and microcracking, unlike coarse/heterogeneous structures 
[3, 5, 15]. Phase transformation during friction can be self-healing, preventing damage [9, 12, 13], 
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and tribochemical oxidation forms protective layers [13]. However, excessive/environmental 
transformation or moisture exposure (LTD : Low - Temperature Degradation) can cause degradation, 
grain pull-out, friction fluctuations, microcracking, and fatigue failure [12]. Monolithic zirconia 
exhibits higher resistance to abrasive wear under dry conditions than composite materials [15]. 
Interaction with SiC counterface materials represents a specific case since SiC is characterized by 
high hardness and wear resistance, significantly influencing wear mechanisms and service life of both 
components [15]. Nanoindentation allows precise measurement of mechanical parameters such as 
hardness (H), elastic modulus (E), and microdeformation [14]. Well-prepared ZrO₂–3 mol. % Y₂O₃ 
can achieve H up to 16.8 GPa and fracture toughness of 5.2 MPa·m¹ᐟ² [6, 11]. This article 
experimentally investigates the tribological behavior of ZrO₂–3Y₂O₃ under dry reciprocating sliding 
against SiC at various loads. The goal is to study load-friction-wear relationships, identify dominant 
wear mechanisms, understand contact pressure effects on zirconia's tribological properties, and 
provide a basis for optimizing applications requiring high dry sliding wear resistance. 

Materials and Methods  

The starting material was a commercial powder of yttria-stabilized tetragonal zirconia polycrystal 
containing 3 mol. % Y₂O₃ (3Y-TZP, Tosh Corporation, Japan). The 3Y-TZP powder was dispersed 
in isopropanol (~40 vol. %) and homogenized in a planetary ball mill (Retsch PM 100) for 2 hours at 
200 rpm. Zirconia oxide containers and balls were used as the milling medium in a ball-to-powder 
weight ratio of 10:1. The rotation direction was reversed every 30 minutes to ensure uniform particle 
distribution. After milling, the suspension was evaporated, the powder dried, and sieved through a 
200 µm mesh. The prepared powders were stored in a desiccator. The powder mixtures were sintered 
using an HP D10-SD SPS device (FCT Systeme, Germany). The powder was pressed into a graphite 
die (∅ 20 mm), lined with a 0.5 mm graphite foil. The SPS process involved linear heating from room 
temperature to 400 °C at a rate of 100 °C/min, followed by a 5-minute dwell to remove residual 
moisture. Subsequently, the temperature was increased to 1400 °C at the same heating rate and held 
isothermally for 5 minutes. After sintering, the samples were cooled in a controlled manner to 400 °C 
and then allowed to cool freely in air. The applied pressure was gradually increased to a maximum 
of 20 kN and reduced progressively during cooling. The resulting samples were cylindrical, with a 
diameter of 20 mm and a height of approximately 4 mm. Sample surfaces were prepared by standard 
metallographic procedures: coarse grinding using SiC papers with grit sizes ranging from 320 to 1200, 
fine polishing with diamond suspensions (9 µm, 3 µm, 1 µm), and final polishing with colloidal silica 
(0.05 µm, 3 min, 150 rpm). Surface roughness was verified using a confocal microscope (Sensofar 
PLu Neox), resulting in an average Ra value of approximately 0.06 µm. The morphology of the wear 
track and the state of the adjacent unworn surface were analyzed using an environmental scanning 
electron microscope (EVO MA15, Carl Zeiss, Germany) in backscattered electron (BSE) mode. 
Vickers microhardness measurements were conducted on a Wolpert Wilson Instruments Vickers 
hardness tester (model 432SVD) under a load of 49.05 N (HV5) with a dwell time of 15 s and a 
minimum of 5 indentations per sample. Nanoindentation tests were carried out using an Agilent G200 
nanoindenter equipped with a Berkovich tip (100 indents per sample, maximum depth 1200 nm, 
continuous stiffness measurement mode). Young’s modulus and nanohardness were determined 
according to the Oliver–Pharr method [14]. Fracture toughness (KIC) was calculated from the crack 
lengths emanating from the corners of Vickers indentations using the Niihara equation, where the 
modulus of elasticity was taken from nanoindentation measurements. Tribological properties were 
evaluated on a Bruker UMT-3 tribometer in a ball-on-flat configuration, with a 6 mm diameter SiC 
ball as the counterface. Tests were performed under dry conditions at room temperature (22 ± 1 °C, 
40 ± 5 % relative humidity). The reciprocating sliding amplitude was 5 mm with a frequency of 10 
Hz and normal loads of 5, 10, and 25 N. The average sliding speed was 0.1 m/s, and the total sliding 
distance was 500 m. The friction coefficient was recorded continuously. Wear volume (V) was 
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determined from 3D profilometry of the wear tracks using the Sensofar PLu Neox system. The 
specific wear rate (Ws) was calculated based on the volume loss (V), sliding distance (L), and applied 
load (F), according to Equation (1): 

𝑊𝑊𝑊𝑊 = 𝑉𝑉
𝐹𝐹.𝐿𝐿

 [𝑚𝑚𝑚𝑚3

𝑁𝑁𝑚𝑚
]                                                                                                                       (1) 

The morphology of the wear track and the presence of tribofilms were analyzed using SEM/FIB-
SEM (ZEISS Auriga Compact, SE/BSE modes) and EDX (energy-dispersive X-ray spectroscopy). 

Results 

The results of nanoindentation measurements on ZrO₂–3Y₂O₃ samples prepared by the SPS 
method confirm a high level of hardness and elastic modulus of the material. After an initial increase 
caused by surface effects, the hardness curves stabilize at approximately 16.5 GPa. Similarly, the 
elastic modulus stabilizes at about 250 GPa. The results exhibit low scatter, which strongly suggests 
a homogeneous microstructure. The average values and standard deviations of hardness and elastic 
modulus are summarized in Table 1. 

 
Table 1 Mechanical properties of ZrO₂–3Y₂O₃ ceramics obtained by nanoindentation. 

Nanomechanical Property Value [GPa] 
Hardness 16.51 ± 0.86 
Elastic modulus 250 ± 8.8 

 
The values in Table 1 are representative and corresponding to typical characteristics of fine-

grained yttria-stabilized tetragonal zirconia. Such values contribute to the material’s high resistance 
to microcracking and wear. In addition to nanoindentation parameters, Vickers microhardness and 
indentation fracture toughness (KIC) at a load of 5 N were also measured on the samples. These results 
are presented in Table 2. 

 
Table 2 Vickers microhardness and indentation fracture toughness (load 5 N). 

Mechanical property Value 
Vickers hardness HV  1382 ± 14 
Indentation fracture toughness KIC [MPa·m¹/²] according to Niihara 5.2 ± 0.03 

 
High values of hardness, elastic modulus, and fracture toughness indicate a well-developed 

microstructure of the material, where the fine-grained structure and stabilized tetragonal zirconia 
phase jointly contribute to enhanced mechanical strength and improved tribological resistance of the 
material under extreme operating conditions. The COF during reciprocating dry sliding exhibits a 
typical behavior with an initial running-in and stabilization phase, followed by a steady-state COF. 
As shown in Fig. 1, at lower loads of 5 N and 10 N, the COF stabilizes at approximately 0.39, whereas 
at the highest load of 25 N, a slight decrease in COF to about 0.37 is observed. 

Stable COF values of 0.37–0.39 throughout the test indicated good tribological stability, suiting 
ZrO₂–3Y₂O₃ for applications requiring low friction and high wear resistance. The specific wear rate 
(Fig. 2) slightly increased with load (from ~9.28 × 10⁻⁸ mm³/N·m at 5 N to ~5.05 × 10⁻⁷ mm³/N·m at 
25 N) but remained relatively stable, confirming the ceramic's good wear resistance. An SEM image 
of the wear track (Fig. 3, 25 N), with EDX analysis of selected areas (Spectra 1–4), revealed elemental 
compositional variability within the worn zone. 
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Fig. 1 COF vs. sliding distance of the investigated material after the 

wear test at 5 N, 10 N, and 25 N applied loads. 
 

 
Fig. 2 Wear rates of the ZrO2 + 3Y2O3 at applied loads of 5 N, 10 N and 25 N. 
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Fig. 3 EDX analysis of the chemical composition of the worn track of ZrO₂ 

+ 3Y₂O₃ after wear test with 25 N load. 
 

 
Fig. 4 SEM micrographs with typical damage mechanism in the wear tracks  

after the wear test with 25 N. 
 

EDX analysis (Fig. 3) of the worn ZrO₂ + 3Y₂O₃ surface confirmed the base ceramic matrix 
composition (Spectrum 1), while other areas (Spectra 2 and 4) exhibited increased oxygen and carbon 
content along with silicon. This indicates tribochemical oxidation and material transfer from the SiC 
counterface, leading to tribolayer formation. Spectrum 3 showed a composition similar to the base 
material but with slightly less oxidation. The presence of yttria confirmed zirconia stabilization, and 
trace hafnium likely originated from the SiC ball. SEM micrographs (Fig. 4) of the worn surface 
displayed fine, irregular microdefects and microcracks, characteristic features of a dominant abrasive 
wear mechanism caused by the hard SiC counterbody. 

Discussion 

Nanoindentation confirmed high hardness (~16.5 GPa) and elastic modulus (~250 GPa) for 3Y-
TZP ceramics. While a dedicated microstructural image was not captured, the combination of high 
mechanical properties and their extremely low scatter serves as powerful indirect evidence for a 
highly homogeneous, fine-grained microstructure, free of significant defects. This interpretation 
aligns with literature [6, 7] emphasizing the importance of a fine-grained microstructure and high 
density. The low scatter of values indicates a homogeneous microstructure without significant defects 
[1, 9, 15]. 
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Vickers microhardness (1382) and fracture toughness KIC (5.2 MPa·m1/2) confirm the material's 
good mechanical durability. Slightly lower KIC values compared to some of the highest reported may 
be influenced by specific sintering parameters and grain size [6, 11]. 

Tribological tests showed a stable COF of 0.37–0.39 at all loads, with a slight decrease at the 
highest load, potentially due to thin tribolayer formation. This phenomenon agrees with observations 
by Che et al. [13] regarding the self-lubricating effect of tribochemical oxidation during dry sliding. 
The COF stability throughout the test also indicates good tribological stability of 3Y-TZP under dry 
reciprocating sliding conditions, consistent with results from He and de Wit [5] and Esposito and 
Tucci [9]. 

Specific wear rate values show only a slight increase with load, confirming the material's ability 
to withstand higher contact pressures without significant deterioration of tribological properties. Such 
resistance is typical for yttria-stabilized tetragonal zirconia ceramics, which, due to transformation 
toughening and microstructural homogeneity, effectively mitigate friction-induced damage [1, 3]. 

Microscopic analysis of the wear track revealed microcracks and defects typical for dry wear of 
ZrO₂–3Y₂O₃ ceramics, suggesting a dominant abrasive wear mechanism. Chemical EDX analysis 
confirmed the presence of a carbon-containing tribolayer, likely formed by tribochemical oxidation 
during sliding [13]. This tribolayer may act as a passive barrier between the ceramic substrate and the 
hard SiC counterface, contributing to improved tribological performance [14]. A combined wear 
mechanism was demonstrated: dominant abrasive wear (microcracks, grooving) due to hard contact 
with SiC, and simultaneous tribochemical reactions forming a protective tribolayer (oxide layers with 
Si and C). The presence of yttria in the surface layer indicates the preservation of the tetragonal phase, 
crucial for the transformation toughening mechanism, and thus for maintaining high fracture 
toughness and wear resistance [1, 9]. 

Overall, the results confirm that stabilization of the tetragonal phase and a fine-grained 
microstructure are key factors for the successful application of 3Y-TZP in tribological environments, 
especially in contact with hard counterfaces such as SiC. 

Conclusion 

This study investigated the tribological behavior of ZrO₂–3Y₂O₃ ceramics prepared by SPS during 
dry reciprocating sliding against a SiC counterface. An optimized fine-grained microstructure led to 
high hardness (~16.5 GPa), a stable elastic modulus (~250 GPa), and adequate fracture toughness 
(KIC ≈ 5.2 MPa·m¹ᐟ²). Tribological tests showed a stable COF of 0.37–0.39, with a slight decrease at 
the highest load (25 N), likely due to tribolayer formation. Although wear increased with load, the 
specific wear rate remained relatively stable, indicating good wear resistance. EDX analysis 
confirmed tribochemically formed oxide layers rich in silicon oxide and carbon, acting as protective 
barriers. Surface imaging revealed typical signs of abrasive wear (microcracks). The wear mechanism 
combined abrasive damage from the SiC counterface with tribochemical formation of protective 
oxide layers. The findings highlight the potential of 3Y-TZP ceramics for applications requiring high 
wear resistance under dry conditions, including precision mechanical systems, energy, and 
biomedical fields. 
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Abstract. Thermoelectric generators (TEGs) are vital, reliable energy sources for both extreme 
environments such as deep space exploration and off-grid terrestrial applications, as well as emerging 
fields like wearable energy harvesters and biocompatible medical sensors. This study focuses on tin 
selenide (SnSe) combined with ductile silver sulfide (Ag2S) to leverage their complementary 
properties: SnSe’s promising thermoelectric performance and mechanical robustness for 
homojunction TEGs, and Ag2S’s exceptional ductility and thermal sensitivity ideal for flexible, 
biocompatible devices. Materials were synthesized using scalable powder metallurgy and spark 
plasma sintering (SPS) techniques, ensuring reproducibility and microstructural control tailored for 
these diverse applications. Our Bi-doped polycrystalline SnSe exhibits a unique polarity switching 
phenomenon and anisotropic behavior influenced by dopants (Bi, Ag, In), enabling optimized 
thermoelectric and mechanical properties that reduce interfacial stresses and enhance durability in 
harsh conditions. Meanwhile, the Ag2S materials combine thermoelectric efficiency with fast thermal 
response and flexibility, suited for continuous physiological monitoring in wearable systems. The 
hybrid integration of SnSe homojunctions with flexible Ag2S devices opens new possibilities for 
durable, efficient thermoelectric energy harvesting across wide temperature gradients in aerospace 
and biomedical fields. 

Introduction 
Thermoelectric generators (TEGs) represent a critical energy harvesting technology for extreme 

environments, from deep-space probes to autonomous terrestrial sensors, due to their reliability and 
predictable operation without moving parts. Conventional TEG designs rely on heterojunction 
couples of dissimilar materials (e.g., Bi2Te3 alloys), but these systems face inherent limitations: 
thermal expansion mismatches induce interfacial stresses that degrade performance over time, while 
brittle thermoelectric materials complicate integration into flexible applications. Recent advances in 
homojunction TEG pairs using tin selenide (SnSe) offer a promising solution to these challenges, as 
single-material systems inherently minimize interfacial stresses while maintaining performance 
parity. 

The layered orthorhombic structure of SnSe enables rare anisotropic thermoelectric properties, 
with reported zT values exceeding 2.6 along specific crystallographic directions [1]. Figure of merit 
zT is used to determine efficiency of thermoelectric materials: 

𝑧𝑧𝑧𝑧 =  𝛼𝛼 .  𝜎𝜎
𝜅𝜅

                                                                                                                                      (1) 

where α stands for Seebeck coefficient, σ for electrical conductivity and κ for thermal conductivity. 
However, practical implementation requires scalable synthesis of polycrystalline materials with 
controlled dopant distributions. Our previous work demonstrates that Bi doping induces a unique 
polarity switching phenomenon in SnSe, transitioning from p-type to n-type conduction at 
concentrations >0.5 at. %, while maintaining mechanical integrity through powder metallurgy and 
spark plasma sintering (SPS) [2]. 
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Complementary to high-temperature SnSe systems, ductile silver sulfide (Ag2S) emerges as a 
novel material for flexible thermoelectrics. Unlike conventional brittle semiconductors, Ag2S exhibits 
metallic-like ductility (failure strain >20 %) while retaining a relatively high Seebeck coefficient. 
This unique combination enables novel applications in wearable energy harvesters and implantable 
medical sensors, where mechanical compliance and fast thermal response (<1 s) are critical. Recent 
studies confirm that Ge doping in Ag2S can optimize the carrier concentration balance between 
electrical conductivity and Seebeck coefficient, making it suitable for low-grade heat recovery [3].  

The object of this study is to develop and characterize polycrystalline SnSe doped with various 
elements via powder metallurgy and spark plasma sintering (SPS), alongside Ge-doped Ag2S 
synthesized by solid-state reaction and cold extrusion, focusing on their thermoelectric, electrical, 
mechanical, and microstructural properties including observed anisotropy. The primary goals were to 
demonstrate polarity switching in doped SnSe for enabling durable thermoelectric generators with 
homojunctions by minimizing thermal expansion mismatch stresses. Another goal was to quantify 
the anisotropic thermoelectric behavior arising from layered microstructure and sintering-induced 
preferred orientation in doped SnSe. Lastly, our goal was to improve thermoelectric properties of 
ductile Ag2S for flexible applications. These advancements target hybrid TEG designs for extreme 
environments (space, high ∆T) and low-gradient uses (wearables, sensors), enhancing reliability 
without compromising performance. 

Materials and Methods 
Both SnSe and Ag2S were prepared from pure elemental powders with a purity of at least 99.9 %. 

SnSe was prepared via powder metallurgy. Elemental powders were mixed together and then placed 
into a circular furnace. Doping element was also in the form of a powder and was thoroughly mixed 
with other elements. They were heated up to 500 °C (5 °C/min) for 12 hours under an Ar atmosphere. 
Cooling was performed at the same rate. The prepared polycrystalline melts were crushed and 
analyzed. Afterwards, the crushed powders were sintered using spark plasma sintering (SPS, 650 °C, 
50 MPa, 10 minutes) into discs. The thermoelectric properties of these discs were determined. A 
single step sintering of discs with contact plates was also explored. The sintered materials can be seen 
in Fig. 1a–c, and the sintering scheme in Fig. 1d. 

Ag2S was synthesized from pure elemental powders. Dopant was also in the form of powder and 
was mixed with Ag and S powders. After mixing, the powders were placed into a steel container and 
heated to 160 °C under an Ar atmosphere. The mixture was kept at 160 °C for 10 hours while the 
solid-state reaction occurred. The last step was cold extrusion of the Ag2S to obtain rods with a 4 mm 
diameter. The thermoelectric properties of these rods were determined. 

Before sintering and cold extrusion, each material underwent chemical and phase analysis using 
EDX (Tescan Mira, Czechia) and XRD (Philips XPert Pro, The Netherlands) techniques. 
Determination of thermoelectric properties was carried out on in-house developed instruments for 
measuring the Seebeck coefficient and electrical conductivity at room temperature. Mechanical 
properties were determined using depth-sensing indentation on a TTT-NHT instrument (CSM 
Instruments, now Anton Paar, Austria). The tests were conducted in linear mode with a Berkovich 
pyramid diamond tip. Forces of 50 mN (for Ag2S) and 10 mN (for SnSe) were applied to each sample 
for a duration of 10 s. The load-penetration depth (P-h) profiles obtained were analyzed following the 
Oliver and Pharr method. More details about material synthesis, characterization, and instrumentation 
can be found in our previous works [2, 3]. 

Results and Discussion 
Doped materials based on SnSe showed a rising concentration of Bi dopant in material 

characterization. In all materials, there was a noticeable loss of Sn based on the elemental analysis. 
This effect is well-known in SnSe alloys and is difficult to resolve [1, 8, 9]. Phase analysis confirmed 
the presence of a majority SnSe phase with some SnSe2 present. Doping concentration did not affect 
the unit cell parameters as confirmed by XRD analysis and Rietveld refinement, and EDX confirmed 
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uniform distribution of elements across the whole sample (more details can be found in our previous 
work [2]). Doping elements were therefore not incorporated into the unit cell but instead were present 
in interstitial positions. We combined two steps during the sintering process: pressing the powders 
into discs and the addition of electrical contacts. Contact plates were added to the top and bottom of 
the powder during the sintering step. Graphite paper was used to protect dies and ease separation. It 
was put in between contact plates and graphite dies. Graphite paper was also used around the 
circumference (Fig. 1d). Copper was initially used, but even a 0.5 mm thick layer dissolved into our 
material during sintering. Stainless steel was tried with unsatisfactory results (Fig. 1b). Brass was 
tested next and proved to be an effective material to create an electrical contact layer on the SnSe 
material (Fig. 1c). This layer is required for effective construction of thermoelectric modules and 
generators. It enables efficient soldering of components and helps with homogeneous current transfer. 

 

 
Fig. 1 Sintered SnSe disk (a), sintered disk with stainless steel layer (b), sintered disk with brass 

layer (c), SPS sintering scheme (d), extruded 4 mm Ag2Se rods (e). 
 
Pure SnSe is a p-type semiconductor, resulting in a positive Seebeck coefficient. By doping this 

material with Bi (replacing Sn), we managed to flip the Seebeck coefficient into negative values. 
Even though the synthesized materials are polycrystalline and elements are spread out 
homogeneously, we observed significant anisotropy of the Seebeck coefficient. Depending on the 
measured plane, the difference was as high as 75 % (Fig. 2). This anisotropy is caused mainly by the 
layered structure, apparent from optical, SEM, and XRD analysis. More detailed microstructure 
analysis can be found in our other works [2, 7]. Layer planes are mostly aligned perpendicularly to 
the sintering direction. Anisotropy was reduced but still noticeable in In doped samples. Changes in 
Seebeck coefficient, across different orientations, were up to 18 %. Ag doping significantly improved 
the material’s homogeneity with only 8.5 % change in Seebeck coefficient across different 
orientations. More details about these materials can be found in our other work [7]. Unfortunately, 
the electrical conductivity of SnSe was reduced by Bi doping and was comparable only at the highest 
doping concentration. To further study the cause of this lower electrical conductivity, we used the 
Van der Pauw four-probe method on our disc samples. A Hall constant close to zero indicates very 
complex charge carrier transport with contributions from both electrons and holes. Additionally, low 
carrier mobility indicates the presence of heavy charge carriers (Fig. 3). Heavy charge carriers in 
semiconductors can cause an elevated Seebeck coefficient and suppressed electrical conductivity 
[5, 6]. The layered structure of our SnSe materials was also apparent from their mechanical properties. 
The materials were both soft and brittle, which became apparent even when handling them. 
Nanoindentation confirmed improvement of mechanical properties (both hardness and elastic 
modulus) with the addition of dopant (Fig. 4a).  
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Fig. 2 Measuring directions (a), anisotropy of Seebeck coefficient in Bi doped materials (b). 
 

Fig. 3 Seebeck coefficient and electrical conductivity (a), Hall constant and carrier mobility (b) 
of Bi doped SnSe, Seebeck coefficient and electrical conductivity of Ge doped Ag2S (c). 

 
Ag2S has significantly different mechanical properties. It is tough and ductile, allowing its use in 

flexible thermoelectrics. Based on the nanoindentation, hardness is vastly improved and the elastic 
modulus is roughly the same as SnSe (Fig. 4b). Similarly to SnSe, chemical and phase composition 
was verified using the same techniques. The presence of the α-Ag2S phase was confirmed. Pure Ag2S 
is a strong n-type semiconductor. However, its main drawback for use in thermoelectrics is very low 
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electrical conductivity. We tried to mitigate this by Ge doping and we were successful [3]. When Ge 
was doped replacing S, the electrical conductivity was even lower than that of pure Ag2S. When Ag 
was being replaced, we eventually managed to achieve a rise in electrical conductivity. From the drop 
in Seebeck coefficient and previous SnSe results, we can assume that the charge carrier transport 
mechanism was changing with the addition of Ge. Heavy charge carriers were being replaced by light 
carriers, eventually resulting in a significant electrical conductivity jump at the 0.3 Ge sample. The 
remaining heavy charge carriers allowed this material to retain a usable Seebeck coefficient value, 
achieving noteworthy thermoelectric performance overall. 

 

Fig. 4 Hardness and elastic modulus obtained via nanoindentation method for Bi doped 
SnSe materials (a), Ge doped Ag2S (b). 

Summary 
This study advances thermoelectric by developing and characterizing two doped polycrystalline 

material systems: tin selenide (SnSe) and silver sulfide (Ag2S). Bi doping in SnSe enables a unique 
polarity switching from p-type to n-type conduction, paving the way for durable homojunction 
thermoelectric generators that reduce mechanical stresses caused by thermal expansion mismatch. 
The anisotropic thermoelectric behavior linked to SnSe’s layered microstructure and dopant 
concentration is quantified, demonstrating how preferred orientation influences performance 
optimization. Separately, Ge doping in Ag2S results in biocompatible, ductile materials that retain 
strong thermoelectric performance, enabling flexible and wearable energy harvesting applications. 
These findings open new avenues for robust, efficient thermoelectric devices applicable across a 
broad range of conditions – from extreme aerospace environments to biocompatible medical sensors. 
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Abstract. This paper presents a method for fabricating a porous Ni-Al2O3-Al compact using uniaxial 
double-action pressing, which was subsequently infiltrated with molten aluminium. Al2O3 ceramic 
particles primarily serve to create porosity within the composite compact. Due to the difficulty 
pressing hard metal powders, aluminium powder was introduced into the Ni+Al2O3 mixture to act as 
a plasticizer, improving the material's compressibility. Experiments indicated that the optimal 
infiltration temperature was 750 °C with an infiltration duration of 300 seconds. To evaluate the 
reaction extent among the initial components, a subset of infiltrated samples underwent annealing at 
800 °C for 3 hours under an inert argon atmosphere. Both annealed and reference samples were 
subjected to thermal cycling. The microstructure and thermal stability of the resulting composite 
materials were analyzed and characterized using scanning electron microscopy with energy-
dispersive spectroscopy, respectively. 

Introduction 

Nickel aluminides, a recognized class of intermetallic compounds, have rapidly gained attraction 
across various industries, such as aerospace, automotive, and energy. This considerable interest 
primarily stems from their outstanding physical and mechanical properties. These include low 
density, high thermal stability, and a relatively high specific strength, distinguishing them from 
traditional metallic materials. Additionally, their superior resistance to corrosion and oxidation, 
especially at elevated temperatures, unequivocally positions nickel aluminides for industrial 
applications in demanding operating conditions [1, 2]. 

When pressing hard metal powders such as Ni and Al2O3, manufacturers often encounter 
difficulties related to poor flowability and resistance to densification. These powders tend to form 
green bodies with inadequate density or cracking if processed without modification. To address these 
challenges, plasticizers (or binding agents) are introduced into the powder mixture to enhance its 
flexibility, workability, and cohesion during compaction. In powder metallurgy – particularly for hard 
metal systems – plasticizers serve to improve compressibility, increase green strength, ensure more 
uniform pressure transmission, and reduce common defects like cracking and lamination. Although 
plasticizers are well-known in the plastics and ceramics industries, in this context they specifically 
refer to additives that impart temporary plasticity to the powder bed, making it behave more like a 
deformable mass during pressing. Common examples include metallic soaps (e.g., zinc stearate, 
stearic acid), waxes, and various polymers [3–5]. Their use contributes to producing higher-quality 
green bodies and enhances overall process efficiency. However, these additives also pose challenges, 
particularly during post-compaction steps, where they may influence the final sintered properties or 
raise environmental and health concerns. 
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In this study, Al powder was used as a plasticizer. Using aluminum (Al) powder as a plasticizer in 
the context of compacting Ni-Al or Ni-Al2O3 powder mixtures is an interesting and somewhat unique 
approach compared to traditional organic plasticizers. Its "plasticizing" effect primarily stems from 
its ductility and lower melting point relative to nickel and alumina. The fabrication of Ni-Al-Al2O3 
multiphase composites is inherently complex, not least because the Ni-Al interaction is strongly 
exothermic. In this study, a porous Ni framework reinforced with Al2O3 particles was pressure 
infiltrated with molten Al. Although intermetallic phases form during infiltration, they may be 
metastable; subsequent high-temperature thermocycling can drive further phase transformations or 
trigger reactions involving any residual Al. 

The main aim of this study is to develop and characterize porous Ni-Al2O3-Al composite compacts 
by utilizing aluminum powder as a plasticizer for improved press ability, followed by gas pressure 
infiltration with molten aluminum, and to investigate the resulting microstructure, intermetallic phase 
formation, and thermal stability under cyclic heat exposure. 

Material and Methods 

For green body preparation, the following powders were used: 

• Nickel (Ni): 99.3 % purity, Metco 56C-NS, OC Oerlikon Corporation, Pfäffikon, Switzerland; 
particle size <75 µm. 

• Aluminum oxide (Al2O3): 95.50 % purity, Metco Amdry 6060, OC Oerlikon Corporation, 
Pfäffikon, Switzerland; particle size <45 µm. 

• Aluminum (Al): 95.50 % purity, Alpoco A1050, AMG Alpoco UK Limited, UK; particle size 
<63 µm. 

Initially, a mixture of Ni powder with 12.87 wt.% Al2O3 (corresponding to 25 vol.%) was prepared. 
This specific composition was selected based on prior experiments, which showed that higher Al2O3 
content reduced compact cohesion after pressing. To improve compressibility, 3 g of aluminum 
powder was added to the Ni-Al2O3 blend, taking advantage of Al's relatively ductile nature. This 
amount proved optimal for enhancing compactness without significantly reducing porosity. The 
resulting powder blend (hereinafter referred to as the "powder mixture") had a volumetric 
composition of 68.76 % Ni, 22.95 % Al2O3, and 8.29 % Al. 

Particle size distribution for each powder was determined using laser diffraction (Analysette 22 
NanoTec, Fritsch, Germany) in water. The measured D₅₀ values were: 

• Ni: 69.91 µm 
• Al2O3: 33.17 µm 
• Al: 30.32 µm 

Finally, the powder mixture was thoroughly homogenized for 30 minutes using a Turbula T2F 
mechanical mixer (WAB, Muttenz, Switzerland). 

Porous Ni-Al-Al2O3 compacts were fabricated by uniaxial double-action pressing and then 
infiltrated with molten aluminum. The Al2O3 particles act as a pore-forming phase, creating a 
controlled porous network within the compact. To overcome the poor compressibility of the Ni-Al2O3 
blend, ductile aluminum powder was added as a plasticizer, thereby enhancing the material’s 
packability during pressing.  
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Fig.1 Procedure for Liquid Al Infiltration of the green compact. 

 
The powder blend was uniaxially pressed at 250 MPa. The green compact was then infiltrated at 

750 °C for 300 sec. under a 5 MPa argon atmosphere. 
The porosity of green compacts was calculated from the known mass and volume of green 

compact. The rule of mixture was used to determine theoretical density of bulk composite considering 
mass fractions of used powders and their densities. The microstructure was analyzed by SEM EDS 
utilizing JEOL JSM 6610 (Jeol, Tokyo, Japan). Aztec software, Oxford instruments, UK was used to 
investigate the intensity in keV of EDS peaks of individual elements (Ni, Al) and according to the 
ratio of elements Ni-Al in at.% the types of intermetallic compounds NiAl, Ni2Al3, Ni5Al3 and NiAl3 
were determined. Thermal stability was measured by DTA/TG/Dil combined apparatus (Linseis 
Thermal Analyser L75/L81/2000, Selb, Germany) was. The sample temperature was measured by an 
S-type thermocouple located in close vicinity to the sample. The samples were heated from 30 °C to 
630 °C at a heating rate of 3 °C/min in an inert argon atmosphere. 

Results and Discussion 

A detailed analysis was performed to evaluate the microstructure and chemical composition of the 
Ni-Al2O3-Al compacts after molten aluminum infiltration. Special attention was given to the 
distribution of phases and the extent of reaction among the constituents under the selected processing 
conditions. To determine the degree of reaction A more detailed study of phase formation in both of 
the initial components, one of the infiltrated tablets was annealed for 3 hours at 800 °C in an argon 
atmosphere. Subsequently, a sample cut from it underwent three thermal cycles up to 630 °C 
(3 °C/min) in a dilatometric device (referred to as the "annealed sample"). The results from this 
sample were compared with an infiltrated sample that had not been subjected to annealing (the 
"reference sample"). Based on previous findings, it is clear that the most significant volume changes 
occur during the first annealing cycle, which was also confirmed for the reference sample (Fig. 2). 
The elongation after the third cycle was minimal and at approximately the same level for both 
compared samples. The coefficients of thermal expansion (CTEs) also confirm progressive 
stabilization of the samples during repeated thermal cycling. While the reference sample requires 
more cycles to reach thermal equilibrium compared to the annealed sample, their CTE values 
converge closely by the third cycle. 

Green compact Inside graphite tool After infiltration Sample extraction 
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Fig. 2 Dependence of relative elongation (a) and coefficient of thermal expansion (b) on 
temperature for a sample formed by infiltrating a pressed powder mixture with liquid Al at a 
temperature of 750 °C for 300 s in an Ar atmosphere (3 °C/min), reference sample (blue line) 

and after infiltration in Ar atmosphere – annealed sample (3 hrs. 800 °C) (red line). 
 

The microstructure of the prepared composites before and after thermal cycling is shown in Fig. 3 
a homogeneous distribution of ceramic particles and the newly formed phases was observed 
practically throughout the entire cross-section of the samples. The results indicate that the volume of 
Ni particles significantly decreases after infiltration, yet the porosity remains minimal. This suggests 
that during infiltration, the Al melt penetrates the entire volume of the prepared sample, and the 
consumed Al is replenished. Upon heating the sample to 630 °C in the dilatometer, the porosity of 
the reference sample increased (Fig. 3b), and further thermal cycling led to an even greater increase 
(Fig. 3c). A substantially lower porosity was observed in the sample that was first annealed for 3 hours 
at 800 °C and only then subjected to thermal cycling. This points to the fact that phase formation after 
sample infiltration can also influence the course of subsequent annealing. If the composite is subjected 
to longer-term annealing at 800 °C, the porosity is lower compared to when the annealing process is 
interrupted by cooling to laboratory temperature. 
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Fig. 3 Sample structure (reference) after infiltration (a), after the first annealing cycle to 630 °C (b), 

after three annealing cycles to 630 °C (c) and after infiltration annealed for 3 h in Ar at 800 °C 
and after 3 cycles to 630 °C (d) (SEM image in the secondary electron field). 

Types of samples is illustrated in Fig. 4. After infiltration, a small amount of unreacted Al is still 
observed, which is entirely consumed during the first cycle up to 630 °C. The volume of unreacted 
Ni particles significantly decreases; these particles are surrounded at their periphery by the Ni2Al3 
phase. This phase forms via the reaction between Ni and Al at high Al concentration and low 
temperatures. Al atoms diffuse towards the center of the Ni particles, leading to the formation of the 
Ni2Al3 phase, which is thermodynamically most favorable under these conditions [7]. Further within 
the volume, the NiAl3 phase is present. After five cycles up to 630 °C, practically only the Ni2Al3 
phase was observed, in addition to any remaining unreacted Ni. 
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Fig. 4 Structure of samples from a pressed powder mixture with liquid Al after infiltration at 
750 °C and a holding time of 300 seconds (a), after the first annealing cycle to 630 °C in Ar 

atmosphere (dilatometer) (b), after three annealing cycles to 630 °C in Ar atmosphere (dilatometer) 
(c) and 3 h annealing in Ar atmosphere to 800 °C + annealing in dilatometer 3 cycles to 630 °C in 

Ar atmosphere (d) (SEM, secondary electron field imaging; EDS point analysis). 
 

If the sample was first annealed for a more extended period (3 hours) at 800 °C after infiltration, 
the higher Al content (NiAl3) phase is no longer observed. Another change compared to the non-
annealed sample is forming a thin phase, close to Ni5Al3, around some Ni particles, indicated by point 
A (Fig. 4.d). The primary disadvantage of the Ni2Al3 phase is its brittleness. To prevent the formation 
of this phase, systems with, a lower Al concentration and higher annealing temperatures, typically in 
the range of 1000 to 1100 °C, are preferred, as this leads to the dominant formation of the NiAl phase 
[8]. In our experiments, we infiltrated preforms where we deliberately created sufficient porosity, 
ensured by the pressing pressure and Al2O3 particles. This allowed enough Al to enter the sample to 
form the Ni2Al3 phase under the given infiltration conditions. The reactions forming aluminides in Ni 
and Al2O3 powder compacts infiltrated with molten Al are very rapid, occurring even during 
infiltration and continuing at elevated temperatures thereafter. It's not feasible to halt these reactions 
at an intermediate phase. Consequently, a protective barrier layer on their surface is essential if the 
goal is to preserve unreacted nickel (Ni) particles. 

Conclusions 

• Incorporating ductile Al as a plasticizer allows the otherwise difficult-to-press Ni-Al2O3 powders 
to be compacted at significantly lower pressing forces.  

• Upon molten Al infiltration, the composite develops a uniformly homogeneous microstructure, 
with Al2O3 particles evenly distributed throughout.  
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• Aluminide formation during infiltration is extremely rapid and continues unabated during any 
subsequent high temperature exposure, so the intermetallic reactions cannot be arrested at an 
intermediate stage.  

• Thermal cycling demonstrated that manufacturing-induced internal stresses were progressively 
relieved, resulting in enhanced sample stability. 
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Abstract. This paper demonstrates the potential use of affordable, and efficient electrocatalysts, 
which can maintain the efficiency and stability of platinum-group metals in water-splitting. The study 
focuses on the optimization and setup of a PEM electrolyzer, alongside the development of new 
methods for preparing membrane electrode assemblies (MEA) using cost-effective and efficient 
catalyst materials. The integration of a fibrous membrane layer into the MEA architecture represents 
a promising design strategy, offering excellent structural and transport properties. Herein, a simple 
preparation method for modified NiCoP electrocatalysts in the form of carbon fibers is presented, 
using needleless electrospinning combined with airbrush spraying of an Ir-black solution onto a 
perfluorosulfonic membrane (Nafion), later pressed together with NiCoP carbon fibers to form a 
custom-made MEA. For electrochemical testing, custom made MEA was directly evaluated in the 
PEM electrolyzer setup, providing a preliminary demonstration of overall performance and stability. 

Introduction 
Research in proton exchange membrane (PEM) electrolyzers is tied to developing cost-effective, 

more efficient electrocatalysts that maintain the stability of platinum group metals (PGM) in water 
splitting reactions – hydrogen evolution reaction (HER) and oxygen evolution reaction (OER) [1]. 
Non-platinum catalysts, like transition metal phosphides (TMPs), are being explored and 
characterized. Hydrogen is emerging as a new type of fuel for energy storage and emission 
reduction [2]. Notably, green hydrogen with high energy density and low emissions is vital for 
decarbonizing industries but faces challenges in cost, availability and efficient production. Water 
electrolysis remains the most common H2 production method [3]. The European Energy Directive 
aims for 14 % renewable energy use by 2030 [2]. Hydrogen versatility across multiple sectors such 
as transport, industry, energy and heating strengthen its role as a future fuel [4]. However, current 
production of 50 billion cubic meters per year is insufficient for rising global energy demands. This 
research aims to develop cost-effective fabrication methods of MEA to enhance PEM electrolyzer 
efficiency and stability during HER and OER, thus increasing production of green hydrogen. PEM 
electrolysis is a modern, efficient method for H2 production, using a proton-conducting polymer 
membrane to split water at low temperatures (50–80 °C). It offers high efficiency and rapid response 
to power fluctuations, making it well-suited for integration with intermittent renewable sources like 
solar and wind [4]. Unlike alkaline electrolyzers, which have longer start up times, PEM systems can 
quickly adapt to dynamic operating conditions and energy storage needs. However, reliance on costly 
PGM catalysts limits scalability [5]. Developing non-PGM alternatives is critical for economic 
viability [8]. Recent research shows that TM-based catalysts – such as Ni, Co, Fe, and Mn oxides - 
offer promising performance, improved stability, and lower cost [6, 7]. 

Optimization of Single Cell PEM Electrolyzer 
Optimizing a single-cell PEM electrolyzer for green hydrogen production involves several 

challenges [8]. The high costs of materials like Nafion membranes and Pt/Ir catalysts affect economic 
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viability. Proper MEA fabrication, sealing, and balanced gas/water distribution are critical to prevent 
inefficiencies such as gas crossover and flow imbalances. Performance depends on minimizing ohmic 
and overpotential losses, maintaining membrane hydration, and avoiding electrode flooding or 
dehydration [9]. Efficient gas bubble removal is necessary to sustain electrochemical activity. 
Temperature and pressure must be carefully managed – higher values improve performance but can 
accelerate degradation. Durability is limited by catalyst loss, membrane thinning, and corrosion. 
Integration with variable renewable energy sources adds complexity, requiring advanced control 
systems. Maintaining H2 purity and effective cooling is also essential at high current densities. 
Addressing these issues through improved materials, design, and operation is key to achieving 
efficient, durable, and scalable green hydrogen production [10]. 

Materials 
Parts of Laboratory PEM Electrolyzer 

In this paper, two components were prepared: an experimental laboratory PEM electrolyzer and a 
MEA with a layer of carbon fibers (CF) doped by NiCoP nanoparticles. To evaluate our materials, an 
experimental PEM electrolyzer (Fig. 1) was constructed to prove best properties of studied catalysts, 
regarding its stability and activity in both acidic and alkaline environments [11]. The electrolyzer 
consists of membrane electrode assembly (MEA), current collectors (CC), gas diffusion layers 
(GDL), insulation layers made of polytetrafluoroethylene (PTFE) and end plates (EP).  

 

 
Fig. 1 Experimental PEM electrolyzer: (1) End plates, (2) Anode insulation plate (expanded PTFE), 

(3) Current collector plates, (4) Bipolar plates with flow field, (5) MEA, (6) Cathode insulation 
plate (expanded PTFE), (7) Connector terminals for water feed and gas removal. 

 
The main important part is the MEA, which divides the cell of PEM electrolyzer into two half 

cells: the anode and the cathode side. MEA consists of a membrane that serves as an ion-exchange 
medium for the passage of H⁺ ions, and catalysts that are closely bonded to the membrane and 
represent 24 % of the total cost of the electrolyzer. This membrane/catalyst assembly is the central 
part of the PEM. The most used materials are perfluorosulfonic acids, such as Nafion (Nafion 115, 
117, and 212) [12]. These membranes exhibit high strength, activity, oxidative stability, thermal 
dimensional stability, and excellent proton conductivity. The two most common methods for 
preparing MEAs are the catalyst-coated membrane (CCM) and catalyst-coated substrate (CCS) 
techniques [13]. In the CCM method, the electrocatalyst suspension is applied directly to the 
membrane and hot-pressed at 120 °C under 60 kg·cm⁻² to ensure strong adhesion. In contrast, the 
CCS method applies the catalyst to the gas diffusion layer (GDL), typically porous carbon paper or 
titanium mesh. The suspension – comprising electrocatalyst, ionomer (e.g., Nafion), isopropanol, and 
water – is ultrasonically homogenized for 30 minutes before application. Once assembled, this 
structure offers two main benefits for PEM electrolysis: the ionomer enhances proton transport, 
reduces ohmic losses, and the suspension reinforces electrode durability. Developing durable, cost-
effective materials remains a key research focus [14]. 
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Experimental 
Activation of Nafion Membrane 

To assemble the modified MEA, the first step was to prepare a catalytic membrane consisting of 
a cathode and anode side, known as a MEA. The MEA was made from Nafion™ 117, cut to a size of 
3 × 3 cm. Nafion activation was carried out at 80 °C for 2 hours in demineralized water, followed by 
treatment at 60 °C for 30 minutes in a 3 % H₂O₂ solution. The penultimate step involved activation 
in 0.05 M H₂SO₄ at 60 °C for 30 minutes. Finally, the membrane was cleaned of any remaining H₂O₂ 
and H₂SO₄ in demineralized water at 80 °C for 1 hour. 
Preparation of NiCoP CF Layer 

In this study, CF doped with bimetallic TMPs were synthesized using needless electrospinning 
(NLE) method from a polymer-based solution (Fig. 2). 1:1 molar ratio of metals in the final binary 
phosphides, concentrations of CoCl₂·6H₂O (Sigma-Aldrich, ACS reagent, 98 %) and NiCl₂·6H₂O 
(Sigma-Aldrich, ACS reagent, 98%), were precisely adjusted according to the literature [7]. 
Polyacrylonitrile (PAN, Mw = 150.000 g·mol⁻¹, Sigma-Aldrich) served as the primary polymer for 
precursor fiber formation. Phosphoric acid (H₃PO₄, Merck, 85 %) was used as the phosphorus source 
and to improve the solution’s viscosity and conductivity, thereby enhancing its spinnability. N,N-
dimethylformamide (DMF, Acros Organics, 99.8 %) acted as the solvent for the spinning solution. 
Fibers were produced using the NLE method with a Nanospider™ NS LAB device (Elmarco, Czech 
Republic). A 30 ml polymer solution was poured onto a rotating electrode, with a spinning distance 
of 180–190 mm and a rotation speed of 9 rpm. A high voltage of 70–80 kV induced a current of 
~100 mA. The resulting polymer precursor fibers (PPF) formed coloured polymer wool. 1g of 
precursor wool was folded, placed between Al₂O₃ ceramic plates, and stabilized at 270 °C into a sheet. 
It was then sintered in an Ar atmosphere at 1200 °C and reduced in H₂ at 780 °C to form the final 
modified CF. 

 
Fig. 2 Schematic process of synthesis for NiCoP CF layer. 

 
Preparation of IrO2 Suspension 

To verify catalytic properties on the anodic side of MEA in laboratory electrolyzer, a suspension 
made of commercial anodic catalyst IrO2 (Sigma-Aldrich, ≥99 % TMB) was prepared. Catalytic 
suspension consisted of 0.08 g of IrO2, 6.17 ml of isopropyl alcohol (FCC, 99.8 %) and LIQUIONTM 
NafionTM (20 wt. %, PFSA). Mixture was poured into vial and homogenized using ultrasound 
homogenizer with elongated needle sonification probe for 30 minutes. Following homogenization, 
the resulting suspension was ready for application by air brush. 
MEA fabrication 

IrO2 suspension, as an anode catalyst, was applied by air brush in layers, on the sheet of Nafion 
(3x3 cm) and stored in a drying oven for about 5 minutes. After that, the process was repeated. A 
total of 10 coatings were applied. The next step was to prepare layers represented by CoP/CF which 
were separated from anode catalysts with Nafion. The Nafion membrane was the same size (3x3 cm) 
using a scalpel and ruler. Then these sheets were bonded with 1 ml of liquid Nafion to connect them 
into a single layer and pressure pressed on a heated plate (70 °C) to create MEA. Prepared MEA was 
left to settle for 24 hours, each layer to properly bind with each other.  
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Methods 
XRD analysis was performed using a Philips X'Pert Pro with CuKα radiation. The morphology of 

the modified NiCoP CF was examined using a high-resolution scanning electron microscope (FIB-
SEM ZEISS AURIGA Compact). To determine the chemical composition, energy-dispersive X-ray 
spectroscopy (EDS) was used – specifically, the SDD-EDS analytical system Oxford Instruments X-
MaxN 80 mm² for SEM (AZtec evaluation software). To establish a baseline performance reference, 
electrochemical tests were performed using a VIONIC potentiostat. Ultrapure water was supplied to 
the anode side at room temperature at a flow rate of 5 mL.min-1. All measurements were performed 
under ambient pressure and temperature. Chronoamperometric measurements were carried out by 
applying fixed cell potentials ranging from 1.4 to 2.0 V, allowing the system to stabilize at each 
voltage until a steady-state current was reached.  Additionally, short-term dynamic performance was 
assessed via triangular voltage cycling between 1.4 V and 2.0 V at a scan rate of 50 mV.s-1 over 10 
cycles to evaluate the stability and response of the system. 

Results and Discussion 

Structural and Morphological Characterization 

Figure 3 shows the XRD pattern of NiCoP CF synthesized from PAN. The diffraction peaks for 
NiCoP at positions 40.01°, 44.99°, 47.64°, 54.46°, 54.86°, and 55.26° correspond to the 
crystallographic planes (111), (201), (210), (300), (002), and (211), which precisely match the 
hexagonal structure of NiCoP according to the COD database, entry number 01-071-2336 [15]. Two 
broad diffraction lines at 23.86° and 43.27° confirmed CF matrix [16].  

  
Fig. 3 XRD analysis of NiCoP CF and SEM image of optimized MEA with elemental mapping. 

 
SEM provided a closer look on the cross-section of each MEA layer. NiCoP CF layer exhibits 

finely fibrous structures with an average fibre diameter of ~1 μm, as observed. NiCoP nanoparticles 
are uniformly distributed both within and on the surface of the carbon matrix [14]. The chemical 
composition was investigated by SDD-EDS mapping analysis (Fig. 3), confirming the presence of C, 
P, Ni, and Co within the MEA sample [17]. The elements Ni, Co, and P were homogeneously 
distributed within their presented layers, with Ni and Co present in nearly equal atomic ratios, 
indicating an equimolar metal composition. Note, fibers of NiCoP CF are embedded onto the surface 
of IrO2 layer due to cutting of the membrane by scalpel for the purpose of SEM imaging. 
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Electrochemical Characterization 
Electrochemical evaluation was conducted on the fibres without catalytic coating on the cathode 

side. Chronoamperometric measurements were performed by applying fixed cell potentials between 
1.4 V and 2.0 V. As shown in Fig. 4a), the current density progressively increased with applied 
potential, reaching a maximum of ~21 mA.cm-2 at 2.0 V under ambient temperature and pressure. For 
comparison, a commercial PGM-based MEA at optimized conditions can deliver up to 200 mA.cm-2 
at 2.0 V [18]. This means that the performance of the NiCoP-based MEA represents ~10 % of the 
activity of commercial systems. While significantly lower in absolute terms, this baseline activity is 
noteworthy given the non-optimized composition, absence of PGM, and ambient testing conditions. 
The results confirm that the fibrous NiCoP structure exhibits measurable electrocatalytic activity 
toward HER and is a suitable candidate for further development. The low-pressure, room-temperature 
testing conditions serve as a stringent benchmark, underscoring the importance of catalyst layer 
tuning, membrane optimization, and operational parameter adjustment to unlock the full potential of 
the system [19]. 

 
Fig. 4 a) Chronoamperometric measurement of NiCoP MEA recorded in range from 1.4 V to 2.0 V 

and potential-current density plot, b) CV measurement recorded in range from 1.4 V to 2.0 V. 
 

Additionally, cyclic voltammetry was conducted for 10 consecutive cycles. The CV profiles 
(Fig. 4b) show stable and reproducible behavior. The current response increased progressively with 
applied potential, reflecting the onset of water oxidation and confirming the activity of the system. 
The stable CV behavior also suggests that the NiCoP layer retains electrochemical integrity under 
repeated cycling, which is a key consideration for long-term electrolyzer operation. 

Conclusion 
This study demonstrates the optimization of the MEA for enhancing the economic feasibility of 

PEM electrolyzers. NiCoP catalysts were synthesized in the form of modified CF and integrated into 
MEAs. The successful incorporation of these materials into the MEA structure was confirmed by 
XRD and SEM, revealing phase-pure phosphide formation and uniform catalyst distribution across 
the fibrous network. Comprehensive optimization of the catalyst layer (mechanical stability, facile 
fabrication and catalyst dispersion inside the CF matrix) can lead to improved interfacial contact, 
increased electrochemical surface area, and enhanced proton/electron transport. The incorporation of 
a fibrous membrane layer into the MEA offers a promising structural platform, providing high surface 
area and favourable mass transport pathways, even though catalytic enhancement is essential to 
achieve significant current densities. Electrochemical measurements demonstrated moderate current 
densities under ambient conditions. These findings validate the concept of using phosphide-based 
materials for MEA integration and establish a foundation for further improvements. The results 
confirm that the NiCoP MEA exhibits promising properties for application in PEM electrolyzer 
systems. Overall, this study highlights the importance of targeted material design in advancing non-
PGM catalysts and supports the feasibility of transitioning toward more affordable and sustainable 
hydrogen generation pathways. 

  

a) b) 
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Abstract. This work demonstrates the successful preparation of two types of photocatalytically active 
nanostructured materials from an industrial waste product – Sal Ammonia Skimming – using 
hydrochloric acid as a leaching medium. The whole production process was developed to prepare 
valuable ZnO nanomaterials in both fibrous and powdered forms. This involved a sequence of 
hydrometallurgical processing, needle-less electrospinning, and conventional calcination of recycled 
environmentally polluting industrial waste. The morphologies and phase composition of the resulting 
ZnO powder and ZnO fibers were analyzed using SEM, EDS, and XRD analyses. The impact of the 
morphology of the prepared nanomaterials on the photocatalytic efficiency of the ZnO-based 
photocatalyst – powder versus ZnO nanofibers – was evaluated through decolorization experiments 
of the commonly used methylene blue dye in batch mode. Methylene blue was chosen as a model 
substance for toxic industrial pollutants. A 25 W UVA lamp with an emission maximum at 365 nm 
was used as a light source. Removal efficiencies were carefully tested and compared for different 
nanomaterial morphologies and preparation conditions. The most photocatalytically active ZnO-
based nanomaterial was the electrospun nanofibrous one calcined at 600 °C for 1 h. This material 
achieved 100 % removal of a 10−5 mol/L methylene blue dye from the solution within 700 minutes 
at an increased catalyst-to-dye ratio of 500 mg/50 ml. Based on the obtained results, it can be stated 
that the prepared materials exhibit high photocatalytic activity under UV light irradiation and have a 
potential for photocatalytic water remediation applications. 

Introduction 

The constant development of new technologies increases the demand for metals on a global scale. 
In the European Union, the consumption of materials is currently higher than the extraction from the 
primary raw materials, so most countries depend on the import of metals from other countries of the 
world. Zinc has an important position in the industry. Almost 60 % of the world's Zn production is 
consumed for galvanizing. Approximately 34 % of the world's Zn production comes from recycling 
materials [1]. Wet batch hot dip galvanizing uniquely produces a waste called Sal Ammoniac 
Skimming, resulting from the reaction between molten zinc and the flux, ammonium chloride 
(NH₄Cl), within the bath. This material consists mainly of Zn(OH)Cl, NH₄Cl, ammonium chloride, 
oxides, sulfides, and trace amounts of other substances [2]. Alarmingly, this particular waste stream 
is presently not processed and ends up being discarded in landfills. Considering the amounts of heavy 
metals, zinc-containing wastes are evaluated as among the solid wastes that cause the most damage 
to the environment [3]. However, the high amount of zinc found in these wastes also makes them an 
economically valuable resource [3]. To obtain metals of interest such as Zn from industrial waste, 
recycling is possible by hydrometallurgical processing using aqueous solutions based on alkalis and 
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acids. The recovery of the metals with relatively high yields by leaching with the given method from 
secondary sources was investigated in the literature before [4]. The method can effectively convert 
individual metals into a solution, which can then be used as an essential component of the precursor 
solution for the preparation of nanofibers of oxides of the metals of interest. In this way, waste is 
recovered and a material with high added value is prepared. One of the techniques for the preparation 
of one-dimensional nanomaterials is electrospinning (ES). This method can produce nano/microfibers 
with diameters ranging from 50 nm to 2 μm of polymer and ceramic nature, not limited by the 
composition: from simple to compositionally complex or even high entropy ceramic fibers with 
precisely tuned morphological and phase designs. The use of recycled raw materials often brings with 
it the disadvantage of quantitative deviations in chemical composition. The utilization of 
electrospinning offers the possibility of adjusting the fluctuating chemical composition of the 
resulting fibers by simply adding/compensating the missing elements in the spinning solution. In ref. 
[3], the preparation of ZnO fibers from waste brass flue dust through ammonium acetate-assisted 
leaching is investigated. This study provides a waste disposal method combined with an efficient 
method to transform Zn as a value-added functional material [3]. 

Advanced oxidation processes utilizing materials such as zinc oxide are considered a promising 
avenue for the removal of emerging water pollutants. Contemporary strategies focus on engineering 
materials with high surface areas and efficient light absorption, ideally extending into the visible 
range, while mitigating material loss through tailored morphologies and minimizing electron losses 
during light-induced excitation and electrochemical processes [5]. Although nanoparticulate catalysts 
have generally proven to be highly effective, despite inherent drawbacks [6], the nanofibrous 
nanoarchitecture holds the potential to play a crucial role in achieving even greater catalytic 
performance with the same material composition. 

The presented work aimed to develop a method for the preparation of photocatalytically active 
nanostructured materials from recycled environmentally polluting industrial waste using 
hydrometallurgical processing, needleless electrospinning, and conventional calcination. At the same 
time, this study evaluates the influence of the morphology of the prepared nanostructures on the 
photocatalytic efficiency of ZnO powder and ZnO fibers. 

Experimental Materials and Methods 

The zinc source for the preparation of ZnO nanofibers was a recycled Zn-enriched solution 
obtained from the hydrometallurgical processing of Sal Ammoniac Skimming, an industrial waste 
generated during galvanized steel production. Scanning electron microscopy (SEM) image (Fig. 1a) 
reveals the dendritic structure of the as-received Sal Ammoniac Skimming sample. A detailed view 
of the marked area (Fig. 1b) shows the presence of small particles on the surface. Energy-dispersive 
X-ray spectroscopy (EDS) analysis indicated the presence of chlorine (Cl), carbon (C), zinc (Zn), 
oxygen (O), nitrogen (N), sodium (Na), and aluminum (Al). Due to its hygroscopic nature, the as-
received sample was dried at 105 °C for 24 hours before use. 

Leaching experiments were conducted in an 800 ml glass reactor using 80 g of the Sal Ammoniac 
Skimming, resulting in a liquid-to-solid (L:S) ratio of 10. The mixture was continuously stirred at 
300 rpm using a glass stirrer. Zinc extraction was investigated using distilled water and a 0.01 M HCl 
solution as leaching media. The leaching medium was maintained at a constant temperature of 50 °C 
using a water-circulating thermostat (Fig. 1c). The total duration of the leaching process was limited 
to 30 minutes. Following preparation and chemical analysis, the resulting leachate was used to 
prepare the electrospinning precursor solution, which subsequently served for the fabrication of both 
final ZnO products: nanopowder and nanofibers. 

 

182 The 19th Metallography & Fractography (Metallo & Fracto)



The precursor solution was prepared by adding 1.1 g of citric acid monohydrate (Centralchem, 
p.a.) to 20 g of the Zn-enriched leachate and stirring until complete dissolution. Subsequently, 2.5 g 
of polyvinylpyrrolidone (PVP, Acros Organics, Mw = 360,000 g⋅mol⁻¹), 2.5 g of absolute ethanol 
(MICROCHEM), and 1 ml of acetic acid (Acros Organics, 99.7+%) were added to the solution. The 
final mixture was stirred for 3 hours at room temperature to ensure complete homogenization. 

 

 
Fig. 1. SEM micrographs of a) Sal Ammoniac Skimming sample; b) detail of recycling sample 

surface. c) The scheme of the leaching apparatus. 

ZnO powder: The part of the prepared solution was used to form a precursor of ZnO powder. The 
solution was left in a Petri dish at room temperature to complete evaporation of the solvent, dried 
solid, and then crushed into a fine powder containing a significant amount of polymer. 

ZnO fibers: The remaining prepared solution was used to produce precursor fibers by needle-less 
electrospinning technology on the Nanospider NS-Lab 200, ELMARCO, Czechia. The applied 
voltage was 70 kV and the distance between the spinning electrode and collector – 150 mm. 

The final samples – ZnO powder and ZnO fibers were obtained by calcination of precursors in the 
temperature-controlled furnace at 600 °C with 1 h dwelling time and forced air circulation to provide 
full removal of carbon residues. The resulting ceramic samples were labeled as – ZnO powder and 
ZnO fibers and have been subjected to detailed characterization and testing of the photocatalytic 
activities. 

The initial chemical analysis of recycling Sal Ammoniac Skimming samples was performed by 
the classical wet method using atomic absorption spectrometry (AAS) with a Varian SpectrAA20+-
type spectrophotometer (Varian, detection limit: 0.3–6 ppb; slit width 0.2–1 µm; wavelength 213.9–
422 nm and lamp current 4–12 mA, Belrose, Australia). The phase composition of ZnO samples was 
analyzed using the X-ray diffraction method (XRD). The diffraction pattern was obtained using a 
SEIFERT X-ray diffractometer 3003/PTS (Seifert, Germany) with CoKα radiation. The diffraction 
patterns were analyzed by DIFFRAC.EVA with PDF2 database, and TOPAS program refined by the 
Rietveld method. The morphology analysis was observed by scanning electron microscopy 
(SEM/FIB ZEISS-AURIGA Compact). The average grain size was measured by ImageJ software. 
Spectrophotometric analyses and photocatalytic activity tests were performed on a Biochrom WPA 
Lightwave II UV/Vis Spectrophotometer. The photocatalytic activity of the prepared ZnO samples 
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was evaluated by measuring the decomposition rate of cationic dye methylene blue (MB) under UVA 
lamp irradiation (25 W, with maximum wavelength at 365 nm). Initially, the dye photolysis was 
studied without the catalyst addition, confirming the neglectable degradation rate of pure MB 
solution. Subsequently, 200 or 500 mg of powder or shredded fibers were added to the 50 ml of dye 
solutions with an initial concentration of 10-5 mol/L and mixed for 2 hours in the dark to ensure the 
dye adsorption. Samples were taken every 10 minutes for up to 700 minutes, centrifuged to speed up 
the catalyst separation, and analyzed using UV-visible spectrophotometry to determine the actual 
concentration and thus the degradation rate of MB. The photocatalytic efficiency was tested at two 
catalyst-to-dye ratios by taking 200 mg and 500 mg of the catalyst. 

Results and Discussion 

The only source of Zn for the preparation of photocatalytic active ZnO nanostructures was Sal 
Ammoniac Skimming. After its processing, there was a quantitative transfer of metal into the solution 
and the chemical composition of Zn-enriched leachate obtained by AAS analysis demonstrated the 
presence of 12.32 g/L Zn, 0.2 g/L Pb and trace elements of Fe (0.003 g/L), Cu (0.006 g/L), Cr (0.001 
g/L), Ca 0.03 g/L), and Si (0.011 g/L). Two distinct morphologies of ZnO nanostructures were 
synthesized, and their phase composition was subsequently evaluated via XRD analysis. Fig. 2a 
shows the XRD diffraction pattern confirming the presence of ZnO single phase structure in both 
cases (2Ɵ = 36.9°; 38.0°; 40°; 42.2°; 55.6°; 66.5°; 74.2°; 78.6°; 80.6°; 82°; 86.4°; 92.2°; 98.1°; 
109.3°; 113.9°;117.7°; ICOD 01-079-0207). 

 
Fig. 2. a) X-ray diffraction patterns of prepared samples. SEM micrographs coupled with EDS 

analysis of b) ZnO powder c) precursor PVP/Zn-based fibers and d) ceramic ZnO fibers. 

 
 

184 The 19th Metallography & Fractography (Metallo & Fracto)



Prepared precursor and ceramic samples were morphologically analyzed using SEM. Fig. 2b 
shows the ZnO powder after final calcination. The structure was formed by ZnO crystals with a wide 
size range: small grains with a size below 1 µm were present as well as large, single ones larger than 
20 µm. The average grain size of the powder was still about 1.5 µm. EDS analysis revealed that ZnO 
powder contained Zn, O, Na, and Cl. The calcination conditions as final temperature and dwell time, 
were carefully optimized so that the final material did not contain any carbon residues. Therefore, it 
must be mentioned that the signal for C in the EDS results originates from the conductive carbon tape 
used for SEM sample preparation. The precursor fibers (Fig. 2c) based on PVP/Zn had a continuous 
fibrous morphology with individual nanofibers with a diameter of about 300 nm. Ribbon-like fibers 
with a width of 1–2 µm were also present as artifacts of the needle-less electrospinning. After the 
final calcination, which led to the removal of the polymer component and the crystallization of the 
ZnO phase, the sample consisted of a combination of rod-shaped ZnO single crystals with a length of 
up to 10 µm and fine ceramic polycrystalline fibers with a thickness of approximately 100 nm, as 
shown in Fig. 2d. Thus, the ceramic material retained its fibrous morphology even after heat 
treatment. The large rod-shaped ZnO grain formations probably arose due to the preferential growth 
of appropriately oriented ZnO grains. EDS analyses confirmed a significant decrease in the amount 
of carbon originating from the polymer precursors and the formation of zinc oxide fibers with the 
presence of a small amount of impurities (Na, Al, Cl) originating from the waste recycling process. 

The photocatalytic activities of the two types of ZnO samples were tested for degradation of MB 
under UV light irradiation. The efficiency of the dye degradation was evaluated through UV-Vis 
spectroscopy based on the equation (Eq. 1) [7]: 

%D = 100 x (A0-At)/A0          (1) 

Obtained dye degradation profiles were recorded, analyzed, and visualized in Fig. 3. Based on the 
obtained results, it can be stated that the prepared materials exhibit high photocatalytic activity under 
UV light irradiation and have a potential for photocatalytic water remediation applications. In the 
case of comparison of the same material with different morphology, it can stated that ZnO fibers were 
able to adsorb more MB in the initial stage of the test, assumably due to the larger surface area. ZnO 
fibers and ZnO powder showed somehow comparable photocatalytic activity towards the 
decomposition of MB dye at a higher catalyst-to-dye ratio of 500 mg/50 ml, while at a low value of 
200 mg/50 ml, ZnO fibers showed significantly higher activity, as can be seen from the steeper profile 
and thus was able to remove the more dye at the same time. At an increased catalyst-to-dye ratio of 
500 mg/50 ml the MB dye was removed 100 % within 700 min by the ZnO fibers sample. 
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Fig. 3. The photocatalytic dye degradation profiles measured for the prepared ZnO powder and ZnO 
fibers at 200 mg and 500 mg of catalysts amounts in 50 ml MB under UV radiation. 

At a low catalyst-to-dye ratio of 200 mg/50 ml, ZnO fibers reached the max dye degradation 
efficiency of about 85 % at 570 min. The ZnO powder was able to remove a smaller amount of MB 
65 % at 700 minutes. The reason is probably that the size of the ZnO powder grains determines the 
smaller specific surface of the given catalyst. In previous works, it was described that the large 
specific surface area of ZnO enables more contaminants to be adsorbed onto its active surface and 
thus leads to more pollutants being attacked by the formed hydroxyl radicals. The chain reaction that 
then occurs at the surface enhances the degradation rate of the contaminants [8]. As the catalyst-to-
dye ratio increases, this difference in the photocatalytic efficiency decreases. An increase in the 
catalyst dosage will enhance the total active surface area and the number of reaction sites on the 
catalyst surface [5]. As a result, the number of hydroxyl and superoxide radicals increased as well, 
which facilitated the degradation of the organic pollutants [5]. Thus, the degradation efficiency was 
enhanced. The production of zinc oxide (ZnO) nanostructures utilizing industrial waste streams 
presents a compelling strategy for several reasons. Firstly, it offers access to inexpensive precursor 
materials, significantly reducing manufacturing costs. Secondly, and perhaps more importantly, this 
approach provides a valuable pathway for mitigating environmental pollution by transforming waste 
products into a high-value material. 

 
The resulting ZnO nanostructures, when employed in photocatalytic wastewater treatment, offer a 

suite of advantages. These include inherent low toxicity, intrinsic antibacterial properties, and 
significant biodegradability, which facilitates the eventual bioavailability of zinc for living organisms. 
Furthermore, the utilization of a nanofiber morphology in these applications offers the practical 
benefit of straightforward separation of the photocatalyst from the treated water, simplifying the 
overall process. 

Conclusion 

In this work, two types of photocatalytically active nanostructures were successfully prepared from 
an industrial waste product – Sal Ammoniac Skimming – using hydrochloric acid as a leaching 
medium. The morphologies, and phase composition of the resulting ZnO powder and ZnO fibers were 
evaluated utilizing SEM, and XRD analyses. Decolorization tests on the MB dye were performed 
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utilizing 200 mg and 500 mg of the catalysts. The most active material was electrospun  
ZnO nanofibers calcined at 600 °C with 1 h dwelling time. At an increased catalyst-to-dye ratio of 
500 mg/50 ml the MB dye was removed 100 % within 700 min. Although the ZnO nanofibers show 
a comparable activity at a higher amount of catalyst as ZnO powder, their morphology makes them a 
more prospective alternative due to simple separation from the reactive media. 
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Abstract. It is well known that the work hardening process of low-carbon steels is highly dependent 
on the movement and accumulation of dislocations in the crystal grains, which affect the stress and 
strain magnitudes and their distribution. The aim of this paper is to explain the importance of 
dislocation movement and density on the temperature, i.e. stress and strain changes during cold 
plastic deformation of low-carbon steels. Therefore, tests were carried out in this paper using the 
methods of static tensile testing, thermography, digital image correlation (DIC) and microstructural 
analysis. The microstructure analysis was carried out using a light and transmission electron 
microscope (TEM). The transmission electron microscope analysis was performed in two different 
modes, the TEM and scanning TEM (STEM). The results of static tensile testing, thermography and 
digital image correlation (DIC) are related to the microstructural changes that occur during the work 
hardening process of low-carbon steel. At the moment of maximum work hardening (immediately 
before fracture), significant grain elongation and high dislocation density of low-carbon steel were 
observed.  

Introduction 

Work hardening of metals is one of the most important phenomena in the forming of metallic 
materials, which leads to an increase in their strength and internal stress. The work hardening of 
metallic materials during plastic deformation limits their deformation degree. Dislocations are one 
of the most important internal defects in the plastic deformation of metallic materials, as they affect 
the hardening of the metals, but at the same time also enable plastic deformation [1–3].  

Dislocations move through the crystal lattice, interact with each other and create new 
dislocations during the plastic deformation of steel. As the plastic deformation of steel progresses, 
the dislocation density increases [4, 5]. 

Various test methods are used to examine the plastic deformation of steel. Thermography and 
DIC are most commonly used in the plastic deformation of steel as they allow detailed monitoring 
and analysis of plastic deformation. The use of thermography and DIC enables a detailed 
investigation of the plastic flow of metallic materials. These methods enable the prediction of new 
findings on the deformation behavior of metallic materials during plastic deformation [6]. In 
addition to thermography and digital image correlation, metallographic analysis of steel is also 
frequently used to investigate the plastic deformation of steel [7, 8]. Well-known methods for 
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analyzing the microstructure during the plastic deformation of steel are light optical microscopy, 
scanning electron microscopy (SEM) and transmission electron microscopy [9]. 

Thermographic and DIC studies are combined with metallographic analysis to relate 
microstructural changes to the deformation behavior of steel under plastic deformation [10]. 
Therefore, the ability to relate microstructural changes to local stress and strain changes can 
contribute to the investigation of the mechanism of work hardening and the importance of 
dislocations during plastic cold deformation of low-carbon steel. 

The aim of this article is to explain the importance of dislocation movement and density for the 
temperature, i.e. stress and strain changes during cold plastic deformation at the moment of 
maximum work hardening of low-carbon steels. 

Experimental Procedure 

The tests were carried out on low-carbon steel with a chemical composition of 0.13 wt% C,  
0.77 wt% Mn, 0.18 wt% Si, 0.010 wt% P, 0.019 wt% S and 0.020 wt% Al. The dimensions of the 
low-carbon steel sample were: length 45 mm, width 20 mm and thickness 3 mm. 

The tests were carried out using the static tensile test, thermography, digital image correlation 
(DIC) and microstructural analysis methods. The static tensile test was carried out using the 
Hegewald & Peschke Inspect table 100 kN testing machine. The stretching rate was 10 mm/min. 
The LabMaster 2.9.4.9 software package was used during the static tensile test. 

The thermographic tests were carried out with a JENOPTIK VarioCAM M82910 thermal 
camera. The thermal camera had a temperature sensitivity of 80 mK and the results were analyzed 
using the IRBIS3 professional software package. The black matte coating ColorMatic RAL 9005, 
LECHSYS 29141 was used to prepare the test samples. Digital image correlation was carried out 
using a Basler acA2500 digital camera. 5 images per second were taken during the test. The results 
were analyzed using the Zeiss Quality Suite: Inspect Correlate software package. The white coating 
Bianco Opaco RAL 9010 was used to prepare the test samples by applying white markers. 

The microstructural analysis was carried out using a light and transmission electron microscope 
(TEM), Fig. 1. The microstructural analysis was carried out in the initial state (before deformation) 
and immediately before fracture of the low-carbon steel test sample (maximum work hardening). 
The metallographic analysis was performed at magnifications of 500x and 1000x using an Olympus 
GX51 light optical microscope with a DP27 digital camera and the Olympus Stream Motion 2.4.3. 
software package (Fig. 1a). 

A standard metallographic sample preparation was carried out. Grinding was performed using 
120, 400, 600, 800 and 1200 grit sandpaper with constant water cooling for 5 minutes per grit. After 
grinding, the samples were polished with an aqueous suspension of aluminum oxide (Al₂O₃). 
Finally, the samples were etched with 5 % nital for 5 seconds.  

Transmission electron microscope (TEM) analysis was performed in two different modes, TEM 
and scanning TEM (STEM) mode using the Jeol JEM 2100F UHR, Fig. 1b. Specimen preparation 
for transmission electron microscopy consisted of mechanical fine grinding with SiC abrasive 
papers up to P1500, mechanical polishing with a 1 μm diamond paste and electrolytic polishing 
with a Struers TenuPol-5 device. Automatic electrolytic thinning of the samples on both sides was 
performed using an electrolyte of methanol with perchloric acid HClO4 (9:1) at room temperature 
and a voltage of 20 V. 
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                                                   a)                                                   b) 

Fig. 1 a) Light optical microscope Olympus GX51 and 
b) transmission electron microscope Jeol JEM 2100F UHR. 

Results and Discussion 

Thermography and digital image correlation analysis was carried out at the moment of maximum 
work hardening of the low-carbon steel. The results of thermography and digital image correlation 
analysis are shown in Fig. 2. 

 

    
                                                            a)                           b) 

Fig. 2 Temperature change and strain distribution during the maximum 
work hardening of low-carbon steel during cold deformation. 

 
The maximum temperature change (stress) and strain were determined in the central narrowed 

part of the test sample, Fig. 2. Therefore, the results of the static tensile test, thermography and 
digital image correlation are related to the microstructural changes that occur during the maximum 
work hardening of low-carbon steel, Figs. 3–5. 
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Metallographic analysis was used to investigate the importance and influence of dislocations on 
the work hardening mechanism of low-carbon steel. The microstructural analysis of the low-carbon 
steel was carried out before deformation and at the moment of maximum work hardening, 
immediately before fracture of the test sample, Fig. 3 and 5. 

 
Fig. 3 Results of thermography and digital image correlation in relation to microstructural 

changes before deformation and immediately before fracture of the sample. 
 

The metallographic analysis of low-carbon steel revealed significant differences in the 
microstructure of the steel before deformation and at maximum work hardening. Significant crystal 
grain elongation was found prior to fracture of the sample in relation to the microstructure of the 
steel before deformation, Fig. 3. 

A detailed microstructural analysis on a transmission electron microscope was carried out using 
TEM and STEM modes. In STEM mode, the dislocations were more contrasted (Fig. 4b). 
Therefore, a further microstructural analysis was carried out in STEM mode to analyze the 
maximum work hardening of the specimens. 
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                               a)                                                   b)                                            c) 

Fig. 4 a) TEM (bright field) and b) STEM analysis at maximum work hardening of low-carbon 
steel at a magnification of 80 000x and 150 000x. 

 
A high dislocation density and their accumulation within the crystal grains were observed during 

the maximum degree of cold plastic deformation immediately before fracture of the test sample, 
Fig. 4. The accumulation of dislocations and their mutual interaction were observed in most of the 
elongated crystal grains. The results of thermography, digital image correlation, metallographic and 
STEM analysis are related and are shown in Fig. 5. 

 
Fig. 5 Maximum work hardening of low-carbon steel. 

 
Microstructural analysis has shown that work hardening of low-carbon steel during plastic cold 

deformation is largely dependent on movement and dislocation density. As a result of their 
movement and local accumulation, there is a higher work hardening, internal stresses and local 
strains of the low-carbon steel. The dislocation density and the internal stresses increase 
significantly and thus also the work hardening of low-carbon steel during the increase in the degree 
of deformation of the plastic cold deformation. 
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The maximum stress and strain changes were observed in the narrowed central part of the test 
sample (Fig. 2), which is due to the significant density and mutual interaction of the dislocations 
(Fig. 5). The movement of dislocations in the narrowed central part of the test sample leads to their 
significant mutual interaction and higher accumulation, which causes maximum work hardening of 
the low-carbon steel. 

Conclusion 

The results of static tensile testing, thermography and digital image correlation (DIC) are related 
to the microstructural changes that occur during maximum work hardening of low-carbon steel. 
Significant grain elongation and high dislocation density of low-carbon steel were observed at the 
moment of maximum work hardening (immediately before the sample fractured) compared to the 
initial state of the microstructure before deformation. 

 
It was found that the high dislocation density, their movement and accumulation in local areas of 

the microstructure are of great importance and lead to work hardening, stress rise and increase in 
local strain during the increase in the degree of deformation of low-carbon steel. The highest 
dislocation density, area of maximum work hardening, internal stresses and local strains were found 
in the narrowed central part of the low carbon steel test sample. 
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Abstract. Quality control of dental bridges in dentistry is an important area for several key reasons 
such as meeting high quality standards, identification of imperfections and volume defects (e.g. 
microcracks, porosity, irregularities), dimensional accuracy, etc. In this paper, tests were performed 
on additively manufactured 3D-printed and cast Co-Cr dental bridges. Surface comparison of Co-Cr 
dental bridges (3D-printed and cast) was carried out by checking the possibility of dimensional 
accuracy determination. Precise analysis of the 3D-printed Co-Cr dental bridge internal structure was 
performed using industrial computed tomography (iCT). The iCT analyzes were carried out from 
different observing perspectives of the 3D-printed Co-Cr dental bridges. The results from this study 
showed different applications of iCT and 3D scanning in quality control of dental bridges. The 
importance of iCT application in the field of dental bridges quality control was established.      

Introduction 

Today, the quality control of metal products using different digital technologies has an increasing 
importance and significance, considering its wider application in various fields such as dentistry [1]. 
It is possible to improve the quality of dental products using the methods of digital 3D scanning by 
determining their dimensional deviations and volume defects [2]. 

Different digital methods and techniques are often used in the dentistry, such as 3D scanning and 
computed-tomography (CT) tests, in order to determine different dimensional characteristics and 
changes in various dental products. The digital 3D scanning is used in comparing various dental 
products such as dental bridges [2, 3], dental crowns [4], various denture types [5], dental casts [6], 
etc. 

In dentistry the quality control of dental bridges should be an important area for several key reasons 
such as meeting high quality standards, identification of imperfections and volume defects (e.g. 
microcracks, porosity and irregularities), dimensional accuracy, etc. This is important to ensure 
optimal durability of prosthetic restorations and to avoid discomfort for patients and therapists. In the 
oral cavity, high masticatory forces and constant temperature fluctuations are expected, which put the 
various materials used to the test, especially in the case of (even minor) imperfections and 
inaccuracies. 
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The CT is used for various purposes in dentistry. It is used as micro-computed tomography (μ-CT) 
[7, 8] and cone-beam computed tomography (CBCT) [9] for different types of examinations in 
dentistry. Since the production of dental bridges is one of the important areas in dentistry, it is of great 
importance for the patients to produce high quality dental bridges. In this sense, in the field of the 
quality control of dental bridges internal structure, in addition to the use of micro-CT and CBCT, 
there are potential benefits for use of industrial computed tomography (iCT). The application of iCT 
is significantly increasing [10] and can be useful for examining the volume defects such as 
microcracks, porosity and irregularities since it is a non-destructive method. 

A literature review shows that digital 3D scanning and iCT tests of dental bridges or crowns are 
carried out on different types of dental materials, such as Co-Cr alloys [11], zirconia [4] and produced 
by various methods and techniques such as additive manufacturing, traditional casting and milling 
[11]. However, there is a lack of research in the available literature on quality testing of metallic 
dental bridges assessed by iCT.  

The aim of this study is to research the possibility of iCT application in quality control of 3D-
printed Co-Cr dental bridges. Dimensional geometry comparison, between 3D-printed and cast Co-
Cr dental bridge, and quality control of 3D-printed Co-Cr dental bridge internal structure (volume 
defects) were carried out. 

Experimental Procedure 

The tests in this paper were conducted on 3D-printed Co-Cr metal framework of dental bridge 
produced from the original plaster dental cast. The reference 3D cast (STL file) of dental bridge for 
printing process was obtained using software package 3Shape. The Co-Cr dental bridge was produced 
using the 3D printer DMP dental 100 (3D Systems, Inc.). 

Wirobond C+Co-Cr powder was used for additive manufacturing of Co-Cr dental bridge. The 3D-
printed Co-Cr dental bridge is shown in Fig. 1. In some parts of paper, a Co-Cr dental bridge obtained 
by the traditional Co-Cr alloy casting process was used. 
 

 
Fig. 1 Additively manufactured 3D-printed Co-Cr dental bridge. 

 
ICT of Co-Cr dental bridge was carried out using iCT system Zeiss Metrotom scout 6 which had 

power of 50 W and 225 kV, Fig. 2. The testing procedure for iCT was as follows: define the product 
for digitalization; define the dimensions of defects which are expected; define the resolution which 
would be needed for expected defects; digitalization and evaluation process. The software package 
Zeiss Inspect X-Ray, part of Zeiss Quality Suite, was used for CT system control and data evaluation. 
The following setting was used: tube voltage of 200 kV and voxel size data of 42 µm with 752 image 
projection. 
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Fig. 2  Zeiss Metrotom 6 scout. 

Results and Discussion   

The quality of dental bridges largely depends on their dimensional and geometric accuracy. 
Therefore, the research of 3D-printed Co-Cr dental bridge dimensional accuracy was conducted. The 
tests were conducted in different positions of dental bridge to show the different possibilities of dental 
bridges quality control using the results of iCT digitization for the analysis and dimensional accuracy 
comparison. The digital twin, i.e. digital copy, of real 3D-printed Co-Cr dental bridge obtained by 
iCT digitization is shown in Fig. 3. The dimensional deviation analysis, using the option Surface 
comparison, between 3D-printed Co-Cr dental bridge actual geometry and reference 3D model, 
generated by software package, for 3D printing is shown in Fig. 4. 

 

  
Fig. 3 3D model of digital twin – additively manufactured Co-Cr dental bridge. 

 

  
Fig. 4 Deviations in color map between 3D-printed Co-Cr dental bridge geometry and referent 

3D model (used for 3D printing as reference). 
 

Figure 4 showed that it is possible to carry out a dimensional geometry comparison between the 
outer and inner part of the 3D-printed Co-Cr dental bridge digital twin and the reference 3D model. 
A more detailed analysis was carried out on the inner part of dental bridge. In dentistry, the quality 
and dimensional geometry accuracy of dental bridges is more important in the inner part of the dental 
bridge. Therefore, the possibility of a more detailed examination of dimensional accuracy was 
demonstrated by a point analysis of the inner part of the dental bridge shown in Fig. 5.  
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Fig. 5 Point analysis of the inner part of the 3D-printed Co-Cr dental bridge. 

 
 The obtained results clearly show that it is possible to accurately determine the exact dimensional 

geometry deviations of any internal part of the dental bridge between the actual geometry of 3D-
printed Co-Cr dental bridge and reference 3D model for 3D printing process. This part of dimensional 
accuracy quality control is very important in dentistry for the proper fit of the dental bridge onto the 
patient's previously prepared tooth crowns. Another significance and possibility is the dimensional 
geometry comparison between additively manufactured 3D-printed Co-Cr dental bridge and dental 
bridge obtained by traditional casting process. The qualitative results of the surface comparison of 
outer and inner parts of the dental bridge between the 3D-printed and cast Co-Cr dental bridge are 
shown in Fig. 6.  
 

 
a) 

 
b) 

Fig. 6 Color map deviations between 3D-printed and cast Co-Cr dental bridge geometry of 
a) outer part and b) inner part 

 
Color difference maps were set from -0.35 (dark blue) to +0.35 mm (red). Negative deviations 

(blue) indicated smaller parts of 3D-printed compared to cast dental bridge, while positive deviations 
(yellow to red) indicated larger parts of cast compared to 3D-printed dental bridge. Qualitative results 
of surface comparison showed that dimensional geometry deviations exist between 3D-printed and 
cast Co-Cr metal framework of dental bridge. Thus, iCT was confirmed as a valid method for 
dimensional comparison quality control of dental bridges in dentistry. In addition to the dimensional 
geometry deviation analysis between the digital twin of reference 3D model and digital twin of dental 
bridges obtained by various production methods (3D printing and casting), it is possible to determine 
and measure the gap area between the dental bridge and the original plaster dental model (Fig. 7). 
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a) 

 
b) 

Fig. 7 a) Digitally assembled 3D-printed Co-Cr dental bridge on the original plaster dental model 
and b) gap area between digital twin of the original plaster dental model and the 3D-printed Co-

Cr dental bridge according to the color map legend. 
 

As shown in Fig. 7, it is possible to determine lower and higher gap areas between digital twin of 
the original plaster dental model and the 3D-printed Co-Cr dental bridge. The lower gap areas are 
shown as green parts respectively and higher gaps are marked with blue according to the color map 
legend (Fig. 7b). 

Precise and more detailed analysis of the 3D-printed Co-Cr dental bridge was carried out using 
iCT analysis. The iCT analysis was performed to detect volume defects (such as microcracks, 
porosity, irregularities) across the volume cross-section of 3D-printed Co-Cr dental bridge. 

The iCT analysis results of internal structure from the lateral side and entire cross-section of the 
3D-printed Co-Cr dental bridge are shown in Figs. 8 and 9. 

 

 

Fig. 8 ICT analysis of a 3D-printed Co-Cr dental bridge from the lateral side of dental crowns. 
 
 
 
 
 

Scientific Books Collection Vol. 250 201



 

   

    
 

          
                          a)                                                                           b) 

Fig. 9 ICT analysis of 3D-printed Co-Cr dental bridge: a) top and b) bottom view of entire 
cross-section. 

 
The iCT analysis of 3D-printed Co-Cr dental bridge showed that it is possible to accurately analyze 

the internal structure of the metallic dental bridge. It was determined that the analyzed 3D-printed 
Co-Cr dental bridge had no volumetric defects (micro-cracks, porosity, irregularities) that could have 
had an impact on its quality and application.  

A detailed volume analysis of the 3D-printed Co-Cr dental bridge using the iCT in different 
sections showed that it is possible to analyze different parts of the dental bridge, such as the various 
sections of the teeth, intermediate members, joints between teeth as shown in Figs. 8 and 9.  

Although the iCT analysis confirmed the absence of volumetric defects in the tested 3D-printed 
Co-Cr dental bridge, it is important to acknowledge certain limitations inherent to the iCT method. 
One of the primary constraints is factors such as scanning cost and the limited availability of iCT 
equipment that may restrict its widespread use in routine dental practice. Despite these limitations, 
iCT remains a valuable non-destructive tool that could assess the internal quality of additively 
manufactured dental bridges. 

It can be concluded that the use of the iCT for dimensional geometry comparison and analysis of 
the internal structure of dental bridges can be helpful in order to determine their final quality before 
application. Therefore, it can be assumed that in the future iCT could have an application and a 
significant role in the quality control of dental bridges made from various metal alloys and other 
materials used for manufacturing of dental bridges. 

Conclusion 

Research has shown various potential applications of iCT in dentistry. The importance of using 
iCT in the field of dental bridges quality control was established. It was determined that is possible 
to analyze the dimensional geometry comparison (between 3D-printed and cast Co-Cr dental bridge) 
and internal structure of the 3D-printed Co-Cr dental bridge. Furthermore, the results from this study 
had shown that observed 3D-printed Co-Cr dental bridges had no volumetric defects such as 
microcracks, porosity and irregularities.      
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Abstract. Archaeometallurgical copper-artefacts contain a wide variety of metal admixtures (e.g. Pb, 
Bi, As, Sb, Sn) which either originate from the ores or were intentionally added. When the melt 
solidifies, these elements can accumulate in different structural areas and form special phases. The 
different alloying elements also interact with each other. In order to be able to examine these 
interactions, model alloys with different elements (Pb, Bi, As, Sb, Sn) and concentrations (5 or 
10 wt.% each) were produced. More simple alloys show a dendritic microstructure and the added 
elements accumulate in the interdendritic areas. This is clearly visible for Pb and Bi additions, as both 
metals are not soluble in copper. As and Sb form compounds with Cu which precipitate mainly in the 
interdendritic regions. Sn is soluble in Cu at lower concentrations and Cu-Sn phases are formed only 
at higher concentrations. The resulting microstructures become very complex if more elements are 
involved. Finally, they enable us to have a better understanding for microstructures of ancient copper 
alloys. 

Introduction 

The beginnings of copper metallurgy are essentially determined by the available copper ores and 
the methods used to extract the metallic copper [1]. Accompanying elements play an important role, 
because they remain in the copper to a greater or lesser extent (e.g. Fe, S, As, Sb, Pb) [2, 3]. During 
a subsequent production of bronze, the constituents of the two source ores are mixed and can react 
with each other (e.g. Sn, Pb) [4]. Further interactions can occur when ores are added intentionally or 
unintentionally (e.g. PbS, ZnS, Sb3S2) [5, 6]. 

This means that a prehistoric bronze can contain many elements that interact with each other [7]. 
The goal of producing test melts is to document and study such interactions and to get a better 
assessment for the measured results of historical bronzes. 

Experimental Procedure 

Melting of the samples. 

The individual metal powders were weighed in appropriate ratios, transferred to a quartz crucible and 
slightly mixed. This mixture was then covered with carbon powder to prevent oxidation. It was then 
heated to approximately 1100 °C in a chamber furnace. When this temperature was reached, the 
mixture was left for approximately 15 minutes and subsequently air cooled. 

Metallography. 

After cutting the samples were cold mounted in epoxy resin. Metallographic preparation started with 
plane-grinding, followed by polishing with 9–1 µm diamond suspensions. 

For etching Klemm 2 and (NH4)2CuCl4 solutions were used. 
It should be noted, that due to segregation, the composition of the alloys shown in the images, may 

not correspond to the initial concentrations. 
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A light optical microscope (LOM) and a scanning electron microscope (SEM) with backscattering 
electron (BSE) detector were used. X-ray analysis (EDX) was performed to measure the local 
elemental compositions. 

Results and Discussion 

The interactions between the different metals are based on thermodynamic data illustrated by phase 
diagrams. The binary phase diagrams of the investigated metals are all available [8], but not the 
ternary or quaternary ones. Therefore, attempts are made to explain the observed microstructures 
from the analytical results. 

Alloy 10 % Bi, 10 % Pb, balance Cu. 

Bi and Pb are insoluble in Cu [8]. Dendritic solidification of copper occurs from the melt and Bi-Pb 
are present in the interdendritic regions (Fig. 1a). The dendrites have a length of up to 1 mm. After 
etching different coloured dendritic cells are visible due to the diverse orientation of copper (Fig. 1b–
d). Pb is insoluble in Bi, but in the binary system a Pb-Bi phase is formed. Finally, the Pb-Bi phase 
and Bi should be present. In the SEM-BSE images, the interdendritic regions of Pb and Bi are visible 
as a bright “network” (Fig. 1e, f). 

Alloy 10 % Sb, 10 % Pb, balance Cu. 

Sb forms the intermetallic phase Cu3Sb and Pb is insoluble in Cu [8]. This is already visible at the 
polished sample where Cu3Sb appears light grey and Pb black (Fig. 2a, b). During solidification of 
the melt Cu dendrites are formed first and Sb as well as Pb concentrate in the remaining melt. The 
concentration gradients are clearly visible at the etched samples (Fig. 2c, d). The SEM images and 
the EDX element distribution obviously show that Cu3Sb and Pb are separated (Fig. 2e–g). 

Alloy 10 % As, 10 % Sn, balance Cu. 

The interactions of As and Sn in copper are of striking interest for ancient bronzes [3, 9]. Again, a 
dendritic structure is formed, but no identification of the individual phases is possible from the etched 
samples. (Fig. 3a–d). Sn concentration in Cu increases with progressive solidification. Cu3As forms 
in the interdendritic regions. The Cu41Sn11 phase is subsequently formed during a eutectoid 
transformation (Fig. 3e–g). 

 
Fig. 1. Alloy 10 % Bi, 10 % Pb, balance Cu. (a) polished, (b–d) Klemm 2 etched, (e, f) SEM. 
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Fig. 2. Alloy 10 % Sb, 10 % Pb, balance Cu. (a, b) polished, (c, d) (NH4)2CuCl4 etched, (e, f) SEM, 

(g) SEM-BSE element distribution. 

 
Fig. 3. Alloy 10 % As, 10 % Sn, balance Cu. (a, b) Klemm etched, (c, d) (NH4)2CuCl4 etched,  

(e, f) SEM, (g) SEM-EDX element distribution. 
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Alloy 10 % Sb, 10 % Sn, balance Cu. 

All binary phase diagrams between Cu, Sb and Sn are very complex, and many intermetallic phases 
are possible [8, 10]. Cu forms the dendritic structure and the alloying elements are enriched in the 
interdendritic regions (Fig. 4a–d). In the SEM-BSE images, the interdendritic areas appear 
homogeneous (Fig. 4e, f). According to the EDX element distribution, the elements Sb and Sn are 
present side by side in the interdendritic regions and are not separated (Fig. 4g). It is assumed that the 
phases Cu3Sb and Cu41Sn11 are present. It cannot be determined whether or not an Sb-Sn phase had 
been formed. 

Alloy 5 % Sb, 5 % As, 5 % Pb, balance Cu. 

In this alloy, four elements already interact, making the system considerably more complex. 
Looking at the individual elements, Cu3As and Cu3Sb are formed. Pb and As form an eutectic at  
2.6 wt.% As, Pb and Sb form one at 11.1 wt.% Sb [8]. 

Again, in this alloy Cu dendrites are formed first and the alloying elements accumulate in the melt 
to solidify in the interdendritic areas (Fig. 5a–d). The intermetallic phases Cu3Sb, Cu3As and Pb are 
expected (Fig. 5e, f). Based on the EDX element mappings one can see that As is associated with 
both Pb and Sb (Fig. 5g). Since Pb is insoluble in Cu, it is separated. 

Alloy 5 % As, 5 % Sb, 5 % Sn, balance Cu. 

This Cu alloy contains As, Sb and Sn, each 5 wt.%, but no typical solidification structure was 
obtained. This quaternary system probably has multiple eutectics and other phase transitions unknown 
to us. 

The typical dendritic solidification structure of Cu is not observed, but Cu forms elongated bars 
instead of dendrites (Fig. 6a–f). Similar to the ternary Sb-Sn-Cu system, the Sb and Sn phases are co-
localized (Fig. 6g). 

Complete different is the behaviour of the As compounds: they solidify from a residual melt. 

Thus, various microstructures are present, which can be explained by eutectic solidification or 
eutectoid transformations. These microstructures overlap, but it was not possible to identify the 
individual phases by EDX. 
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Fig. 4. Alloy 10 % Sb, 10 % Sn, balance Cu. (a, b) Klemm etched, (c, d) (NH4)2CuCl4 etched,  

(e, f) SEM, (g) SEM-EDX element distribution. 

 
Fig. 5. Alloy 5 % Sb, 5 % As, 5 % Pb, balance Cu. (a) polished, (b) Klemm etched,  

(c, d) (NH4)2CuCl4 etched, (e, f) SEM, (g) SEM-EDX element distribution. 
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Fig. 6. Alloy 5 % As, 5 % Sb, 5 % Sn, balance Cu. (a) Klemm etched, (b–d) (NH4)2CuCl4 etched, 

(e, f) SEM, (g) SEM-EDX element distribution. 

Summary 

For a better understanding of historical copper alloys, various model alloys with Pb, Bi, As, Sb 
and Sn additives were molten and investigated by metallography. 

Typically, Cu solidifies first, forming dendrites, while the alloying elements are concentrated in 
the interdendritic areas. The microstructure of the alloy depends on the amount of Cu, which is 
involved in the formation of intermetallic phases. Since Pb and Bi do not form phases with Cu, and 
the metals are not soluble in Cu, the interdendritic regions are small. But As, Sb and Sn form 
corresponding cupreous phases (Cu3As, Cu3Sb and Cu41Sn11) and so the proportion of Cu dendrites 
is reduced and the interdendritic regions increase. 

In ternary copper alloys, with a ratio of 10:10:80, a dendritic microstructure is observed, and the 
alloying elements accumulate in the interdendritic regions. 

This phenomenon is further amplified in quaternary systems with a ratio of 5:5:5:75. 

In the system As-Sb-Sn-Cu no dendritic growth is observed due to the formation of different Cu-
containing intermetallic phases. 
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Abstract. In the region of Inzersdorf ob der Traisen in Lower Austria, 273 cremation graves from the 
late Bronze Age (ca. 1300–800 BC) were recovered. Also, various bronze artefacts were found in 
some graves, including a button which was analyzed by metallography. It should be determined how 
the button was manufactured, for example by casting or soldering, and microstructural changes can 
be detected due to temperature effects by cremation. The button is made of bronze whose composition 
was determined by XRF: 87 wt.% Cu, 9 wt.% Sn and 1 wt.% Pb. The microstructure of the bronze 
clearly shows a temperature influence during cremation. The bronze microstructure is recrystallized 
as well as parts were melted, causing oxidation at the grain boundaries. Also, some areas of the bronze 
show small shrink holes. Further corrosion took place during long-term storage of the button in the 
soil. 

Introduction 

During the construction of the S33 expressway, large-scale rescue excavations were carried out in 
Inzersdorf ob der Traisen, Lower Austria [1, 2], because an Urnfield period cemetery was detected. 
In one of the graves the investigated bronze button was found. 

About 273 graves were documented in the cemetery of Inzersdorf ob der Traisen. The cemetery 
was used from the earliest Urnfield period (about 1300 BC) to the late Urnfield period (about 800 
BC). The majority of the graves date back to the early Urnfield period (1300–1000 BC), when small 
urn graves were used [3–5]. 

During a cremation the deceased persons are burnt on a pyre together with their clothing, jewellery 
and other grave goods. Then the cremated residuals are placed in a grave, usually in an urn [6]. 

Large quantities of bronze artefacts were found in some of the graves. These were primarily 
costume objects such as bracelets, pins and buttons, while tools such as knives were in the minority 
and weapons were completely absent [5]. 

During cremation a heat influence on the metallic objects can be expected and their microstructure 
will change depending on the local temperature and the duration of the heat exposure. Depending on 
the bronze composition, the alloy melts between 900 and 1000 °C. As a part of experimental 
archaeology, cremation experiments were carried out with pigs and bronze parts, which were 
subsequently examined [6–8]. 

This work is a continuation of studies on prehistoric buttons [9, 10]. 

Experimental Procedure 

The button was photographed and was subsequently examined using micro-computed tomography 
(micro-CT) [11]. It was then cold mounted in epoxy resin under vacuum. Once hardened, a cut was 
made parallel to the eyelet of the button. This cross-section was again cold mounted. The 
metallographic preparation was carried out in stages by grinding and polishing up to a diamond grain 
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size of 1 µm. The sections were analyzed in the as-polished state and after etching with Klemm 2 
solution. 

A light optical microscope (LOM) and a scanning electron microscope (SEM) with energy 
dispersive X-ray analysis (EDX) were used. To determine the overall chemical composition of the 
samples, measurements were additionally carried out on the metallographic sections using X-ray 
fluorescence analyses (XRF). 

Results and Discussion 

Non-destructive testing methods. 

The button face is a flat disc whose edge is bent inwards. The eyelet is not centered. The button is 
entirely covered with a greenish-brown patina (Fig. 1). The button plate appears homogeneous in the 
CT sections. In the area of the eyelet inhomogeneities are visible, which can be attributed to defects 
during manufacture or corrosion (Fig. 2). 

 
Fig. 1. Photos of the knob from different perspectives. (a) avers, (b) reverse, (c) side view. 

 
Fig. 2. Images of CT cuts through the button. 

The bronze alloy. 

The button consists of a bronze alloy with approximately 9.5 wt.% Sn and 1.2 wt.% Pb (Table 1). 
From the CT sections and the overview images of the metallographic sections no evidence of a joint 
is observable. Consequently, this button was cast (Fig. 3). 

One would expect a dendritic solidification structure of a cast bronze [12–14], but this is not the 
case. Instead, the microstructure is coarsely crystalline and has isolated annealing twins. One 
explanation is that the button was heat-treated during cremation [9, 15]. 

 

216 The 19th Metallography & Fractography (Metallo & Fracto)



Table 1. XRF on the metallographic sample of the button. 

Element Cu Sn Pb Ni Fe S Ca Si Al 

wt.% 87.34 9.51 1.24 0.35 0.18 0.09 0.29 0.86 0.12 

Observed bronze microstructures. 

At the bent-up edge of the button, which has a thickness of approximately 400 µm, the microstructure 
is very coarse with grain sizes of up to 400 µm (Fig. 4a, b). Annealing twins are occasionally visible 
(Fig. 4c). Also, corrosion products can be seen along grain boundaries and at the surface. 

In the thicker area of the eyelet, grain sizes of up to 500 µm are observed (Fig. 4d, e). Corrosion 
products are present at the surface (Fig. 4f). 

 
Fig. 3. Different metallographic grinding levels of the button. (a, b) 1st grinding level, (c, d) 2nd 

grinding level, (a, c) polished, (b, d) Klemm 2 etched. 

 
Fig. 4. 1st grinding level. (a–c) bent-up edge of the button, (d–f) eyelet region. (a) polished,  

(b–f) Klemm 2 etched, (c, e) polarized light. 
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In the button´s center the bronze had melted partially during cremation (Fig. 5). These areas have 
shrinkholes and the grain boundaries are oxidized partially (Fig. 5a–d). Due to these grain boundary 
oxides, the grain size in these areas is low with about 200 µm (Fig. 5d–f), because oxidation along 
the original grain boundaries of the bronze occurred faster than the recrystallization of the structure. 
A SEM-EDX element distribution shows that Sn is enriched in the oxidation products at the grain 
boundaries. Also, local enrichments of S were detected, but no metal can be assigned to S. Possible 
are PbS or Cu2S precipitates (Fig. 6). 

In the slightly thicker areas of the button, at the 2nd grinding level, spheric inclusions within the 
bronze grains were observed (Fig. 7). These inclusions are completely or partially filled. Additionally, 
some holes are visible (Fig. 7b, e, f) which could be shrinkholes. The inclusions may consist of PbS 
or Cu2S. By a SEM-EDX element distribution S was detected in areas of the holes but no Pb, which 
could be due to the lower detection limit for Pb (Fig. 8). However, the Sn enrichment in the oxides at 
the grain boundaries is clearly observable. 

 
Fig. 5. Partially molten area of the button. (a, f) as-polished. (b, d) Klemm 2 etched,  

(c) SEM, (f) polarized light. 

 
Fig. 6. SEM-EDX element distribution. 
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The oxidation along the grain boundaries during cremation is due to high-temperature corrosion 
as well as scaling and Cu2O (cuprite) is formed. Cuprite appears red in polarized light (Fig. 7c, Fig. 
9c) [9]. However, aqueous corrosion also occurred during long-term storage of the bronze in the soil, 
resulting in the formation of malachite at the surface (Fig. 9a–c). Malachite appears green in polarized 
light (Fig. 7c, Fig. 9c). 

The formation of the surface layer shown in Fig. 9b and Fig. 9c can be explained as follows: during 
cremation oxidation occurred along the grain boundaries resulting in the formation of Cu2O (red in 
polarized light) (Fig. 9c). Later the malachite layer was formed at the surface (green in polarized 
light) [16]. 

 
Fig. 7. 2nd grinding level. Small holes in the bronze grains. (a, b, d) as-polished, (c) polarized light, 

(e) Klemm 2 etched, (f) SEM. 

 
Fig. 8. SEM-EDX element distribution. 
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Fig. 9. Corroded surfaces of the bronze. (a) edge of the button, (b) surface, (c) polarized light. 

Summary 

A bronze button from the late Bronze Age (ca. 1300–800 BC) was investigated. 
The button was made by casting, which is consistent with the buttons from Schandorf [9] and 

Mitterkirchen [10] examined so far. 
During cremation the button partially melted resulting in the formation of Cu2O at the grain 

boundaries. In other areas the structure recrystallized resulting in grain growth of the bronze and sizes 
up to 1 mm were formed. 

Also, small spherical shrink holes, partially filled with Cu2S, were observed in the bronze grains 
of the melted regions. 

Sn is enriched in Cu2O, which had developed by scaling, and at the bronze surface malachite had 
formed. 
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Abstract. Several Roman bronze objects were confiscated from a digger, which had been collected 
illegally at the archaeological site of Burg, Burgenland. Since these parts are archaeologically 
worthless, they were allowed to be examined with destructive analysis methods. The investigative 
results of five parts are presented. The surface of the parts is covered with a green patina which 
contains mainly Cu and smaller amounts of Sn, Pb, P, Ca, Al, S and Fe. If XRF analyses are 
performed, it must be taken into account that elements such as Sn accumulate in the patina. The 
average XRF analyses of the hook showed a content of 0.8 wt.% Sn and about 2 wt.% Pb, but in the 
fibular parts and the button up to 42 wt.% Pb were detected. Due to very different compositions of 
the samples, the microstructures are also appropriate miscellaneous. It is possible to distinguish 
between cast, recrystallized and deformed microstructures. These investigations show that the Roman 
metallurgist used a wide variety of copper alloys, because raw and recycled materials were probably 
processed together. 

Introduction 
It is usually difficult to obtain historical objects for examination using destructive testing methods, 

as such objects possess cultural value and must be preserved. Exceptions exist, e.g. when objects are 
on hand in large numbers [1–4] or their origin is not clearly established [5–7]. 

In this work the investigated samples were confiscated from a metal detectorist and were available 
for examination. The objects have been classified by an archaeologist as Roman and it was reported 
that they come from the Burg archaeological site in Burgenland, Austria [8]. 

So far, we had the possibility to examine by metallography a Roman bronze fibula [6], a bronze 
tip – the producer is uncertain [7], probably Roman provenance - and several objects made of copper 
or copper alloys from the Bronze Age [9–11]. 

For bronze objects, it seems to be necessary to produce several metallographic sections, because 
inhomogeneities can occur due to the bronze casting process, which can pervert the results of 
localized sampling [12]. Furthermore, analysis should not be performed solely on the surface, as 
corrosion leads to an accumulation of Sn in the corrosion products and you get no information about 
the bulk microstructure [13]. 

Experimental Procedure 
First the objects were photographed and subsequently cold mounted in epoxy resin under vacuum. 

Once hardened, the metallographic preparation was carried out in stages by grinding and polishing 
up to a diamond grain size of 1 µm. The sections were analyzed in the as-polished state and after 
etching with Klemm 2 or (NH4)2CuCl4 solution. 

A light optical microscope (LOM) and a scanning electron microscope (SEM) with Electron 
Backscattering Detector (BSE) and with energy dispersive X-ray analysis (EDX) were used. To 
determine the overall chemical composition of the samples, measurements were additionally carried 
out on the metallographic sections using X-ray fluorescence analyses (XRF). 
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Results and Discussion 
XRF measurements. 
The XRF analyses performed on the metallographic sections are summarized in Table 1. It should 
also be noted that minor errors may occur, because the corrosion layer is partially included. In these 
measurements it is already noticeable that the Pb contents are high (up to 42 wt.%) and fluctuate 
extremely (minimum: 2 wt.%). The contents of Sn and Zn also vary remarkably. 

Table 1. XRF results of the bronzes (wt.%) measured at the metallographical cross sections. 

Element Burg 1 Burg 2 Burg 3 Burg 4 Burg 5 

Cu 96.4 56.66 69.65 56.82 48.87 

Sn 0.79 12.86 3.73 8.71 6.5 

Pb 1.92 26.82 22.88 30.07 41.78 

Sb 0.4 0.87 0.09 0.7 0.2 

Zn n.n. 1.93 1.42 3.33 1.62 

S n.n. 0.12 1.55 n.n. 0.06 

P 0.09 0.3 0.07 n.n. 0.16 

Si 0.13 0.2 0.11 n.n. 0.31 

Fe 0.27 0.24 0.27 0.38 0.42 

Al n.n. n.n. 0.05 n.n. 0.08 

A copper hook (Burg 1). 
According to XRF measurements (Table 1), the hook examined consists predominantly of copper 
with approximately 0.8 wt.% Sn and 2 wt.% Pb. 

Corrosion products with Sn enrichments are visible on the surface (Fig. 1a–c), which were detected 
by EDX. Elevated concentrations of P (up to 5 wt.%) and Ag (up to 0.9 wt.%) were locally measured. 
Also, boron was detected at some locations, but a quantification with EDX measurements is 
impossible. May be the elements Ag, B, and P reached the surface due to a soldering process, but this 
is not certain. 

The cross-section shows that the bent part of the hook is significantly thicker than the straight part 
(Fig. 1d). This indicates that the hook was manufactured by forging and is additionally confirmed by 
the microstructure. In the undeformed part the grain size is up to 100 µm (Fig. 1e). In the deformed 
part the grain size is significantly smaller with up to 20 µm (Fig. 1f), but elongated inclusions of lead 
are visible (Fig. 1f–h). The corrosion layer can be seen on the surface (Fig. 1i). 
A fibula pin catch (Burg 2). 
The XRF measurements show that the fibula pin catch is made of bronze with 13 wt.% Sn and 27 
wt.% Pb (Table 1) (Fig. 2a). These values could be somewhat too high, if the proportion of corrosion 
products was measured simultaneously. 

In the as-polished condition dark Pb and gray corrosion products can be identified (Fig. 2b, c) and 
after etching a dendritic microstructure is observed (Fig. 2d–f), indicating a production by casting. 

Small and bright precipitates of the intermetallic phase Cu41Sn11 are visible additionally (Fig. 2e). 
Polarized light clearly shows different orientated dendritic regions formed during solidification, as 
well as the corrosion product malachite, which appears green (Fig. 2f). 
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A fibula head (Burg 3). 
According to XRF measurements the fibula head contains 4 wt.% Sn and 23 wt.% Pb (Table 1) (Fig. 
3a). The Sn content is somewhat low for a bronze. 

A cross-section through the head appears rather homogeneous with large black spots, which were 
identified as Pb inclusions (Fig. 3b). A closer look reveals the presence of large and small Pb 
aggregates (Fig. 3c, f, g). The large aggregates are usually oval with a size up to 300 µm. The small 
ones are irregularly shaped in the range of 10 µm (Fig. 3g). It is assumed that this distribution of Pb 
is a result of the high Pb content and segregation effects during solidification of the melt. 

The Cu-Pb phase diagram is unique, because it exhibits a monotectic behavior in the concentration 
range between 37.4 and 86 wt.% Pb in Cu [14]. This means that two melts of different compositions 
exist side by side. The ternary Cu-Pb-Sn phase diagram is somewhat more complex: the addition of 
Sn increases the region containing two melts and simultaneously reduces the temperature range of 
solidification [15]. The linear arrangement of Pb aggregates (Fig. 3d) can be explained by the fact, 
that the melt solidifies from the rim to the core resulting in an enrichment of alloying elements at the 
solidification front. Copper exhibits a dendritic solidification structure (Fig. 3e), and an additional 
bright phase is visible, which can be interpreted as Cu-Sn phase (Fig. 3h). The large, partially 
Pb-filled, oval inhomogeneity could be a mixture of shrinkage cavity and Pb precipitation (Fig. 3g). 

 
Fig. 1. Copper hook (Burg 1). (a) photo, (b, c) surface, SEM (d–f) cross section, LOM,  

(d–f) (NH4)2CuCl4 etched, (g, h) SEM, (i) polished, LOM. 
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Fig. 2. Fibula pin catch (Burg 2). (a) photo, (b, c) polished, LOM, (d, e) Klemm 2 etched, LOM 

(f) polarized light, LOM. 

 
Fig. 3. Fibula head (Burg 3). (a) photo, (b) cross section, Klemm 2 etched, LOM, (c, g) polished 

LOM, (d, h) Klemm 2 etched, (f) SEM. 
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A fibula food (Burg 4). 
The fibula food contains 9 wt.% Sn and 30 wt.% Pb, more of both elements than the previously 
described fibula head. It contains additionally 3 wt.% Zn (Table 1) (Fig. 4a). 

As expected from the XRF analysis, this alloy contains numerous precipitates of Pb and a Cu-Sn 
phase (Fig. 4d, f). Also the dendritic solidification of copper is clearly visible (Fig. 4c, f), but large 
Pb inclusions - seen in the fibula head - are not visible. 

The hook shown in Fig. 4b is the catch of the fibula foot. Increased corrosion is visible inside (Fig. 
4b, e) and a distinct corrosion layer is also visible outside (Fig. 4f). The enrichment of Pb and Sn in 
the corrosion products may have led to relative high XRF values. 
A bronze button (Burg 5). 
The investigated button has a central pin and no eyelet (Fig. 5a). The pin and the extraordinary high 
Pb content (42 wt.% Pb, 6.5 wt.% Sn) distinguishes it from previously examined buttons from the 
Iron and Bronze Ages (Table 1) [16, 17]. 

The microstructure is homogeneous over the cross-section (Fig. 5b). The microstructure shows a 
dendritic solidification (Fig. 5c–e) of copper and numerous precipitations in the interdendritic areas 
(Fig. 5f–h). Although the Pb content measured by XRF is approximately twice that of the fibula head, 
the Pb inclusions are relatively small with a size up to 40 µm. 

These results indicate that the button underwent no further heat treatment after its casting. 

 
Fig. 4. Fibula food (Burg 4). (a) photo, (b, d, c) polished, LOM, (c, f) SEM. 

 

Scientific Books Collection Vol. 250 227



 
Fig. 5. Bronze button (Burg 5). (a) photos avers and revers, (b) overview, (b, d, e) Klemm 2 etched, 

LOM, (c, f, g) polished, LOM, (h) SEM. 

Summary 
A prerequisite for these investigations was that the objects could be destroyed to carry out 

metallographic examinations. The analyzed samples were a bronze hook, a fibula pin catch, a fibula 
head, a fibula food and a bronze button. 

The examined hook consists of copper with small amounts of Pb and Sn. Its microstructure is 
recrystallized and deformed. 

The fibula parts and the button are quite different from the hook, because all of them contain more 
than 23 wt.% Pb. The button had the highest Pb content with 42 wt.% Pb. 

Since the other components of the bronze influence the microstructures, there are some differences 
among the examined samples. However, it is suspected that at high concentrations of Pb and Sn, large 
Pb aggregates can be formed due to the melting behavior of the alloy. 

The patina of all parts is green, but it should be noted that in particular Sn and Pb can be 
concentrated in the corrosion products. This can lead to misinterpretation of the measurement results. 

Regardless of the alloy composition, it is possible to distinguish between cast, recrystallized and 
deformed microstructures. 

These investigations show that the Roman metallurgist used a wide variety of copper alloys, 
because raw and recycled materials were probably processed together. 
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CHAPTER 8:

Fatigue, Fractography and Failure Analysis
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Abstract. In this study, CoCrFeNiTi high entropy alloy (HEA) powder was treated by ball milling 
(BM) for up to 50 hours and sintered compacts were fabricated by spark plasma sintering (SPS). XRD 
analysis confirmed that the BM powder formed a single BCC solid solution phase after 25 hours, and 
a nanocrystalline structure was obtained due to the reduction in crystallite size and increase in 
dislocation density. Meanwhile, after sintering, the main phase changed to FCC, and secondary 
phases such as CoTi2, CrFe, and TiC were precipitated. Carbon analysis by EMIA and EPMA showed 
that the carbon content in the powder and sintered compact increased with increasing BM time, which 
is considered to be the cause of TiC formation. Micro-Vickers hardness tests showed maximum 
hardness at the initial state, decreased at 5 hours, and then recovered after 15 hours due to the effect 
of secondary phase precipitation and microstructure. The effects of BM treatment and sintering 
conditions on phase structure, microstructure, element distribution, and mechanical properties were 
clarified, suggesting that it is an effective method for controlling the properties of HEA. 

Introduction 
 In recent years, the demand for advanced metallic materials has grown significantly in the 

aerospace, semiconductor, and electronics industries, where both long service life and high 
functionality are essential. In particular, space applications pose extreme challenges, including 
vacuum irradiation and repeated cryogenic-to-high-temperature cycles, that exceed the capabilities 
of conventional binary and ternary alloys in terms of durability and mechanical stability [1, 2]. 

High-Entropy Alloys (HEAs), composed of five or more principal elements in near-equiatomic 
ratios, have emerged as promising alternatives due to their unique properties, such as high-
temperature strength, enhanced tensile strength, and reduced diffusion rates [3]. Among them, 
CoCrFeNi-based systems alloyed with elements like Ti, Mn, Mo, or Al have demonstrated notable 
performance improvements. For example, CoCrFeNiTi HEAs exhibit hard intermetallic phases (e.g., 
Fe-Cr, NiTi), achieving tensile strengths of 700–800 MPa and Vickers hardness exceeding 800 HV, 
although with limited ductility [4, 5]. Ti addition also promotes the formation of protective TiO₂ films, 
significantly enhancing corrosion resistance in acidic and chloride environments [4]. In contrast, 
CoCrFeNiMn HEAs maintain a single FCC phase with exceptional ductility (> 80 %) and corrosion 
resistance similar to Ni-Cr alloys, especially in seawater [6]. CoCrFeNiMo HEAs show sigma-phase 
precipitation at higher Mo contents, yielding compressive strengths over 1400 MPa, hardness above 
400 HV, and excellent thermal and oxidation resistance [7]. Meanwhile, CoCrFeNiAl HEAs exhibit 
a phase shift from FCC to FCC + BCC to single BCC as Al content increases, sustaining high strength 
above 800 °C, though excessive Al may reduce ductility and corrosion resistance [8]. 

This study focuses on CoCrFeNiTi HEAs, which offer a favorable balance of surface hardness and 
corrosion resistance. Using powder metallurgy, we aim to optimize powder preparation and sintering 
conditions to control densification and microstructure. In particular, we investigate how varying ball 
milling durations affect carbon uptake in powders and sintered bodies, and we evaluate the resulting 
mechanical properties. 
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Experimental Methods 
Sample 

Powder. Co powder (400 mesh, 99.8 % purity) from Strem Chemicals, Cr powder (45 μm, 99.5 % 
purity), Fe powder (45 μm, 99.9 % purity), Ti powder (45 μm, 99.9 % purity) from Fujifilm Wako 
Pure Chemicals Co., and Ni powder (45 μm, 99.9 % purity) from Nilaco Co. were used. These five 
types of powders were weighed using an electronic balance to produce the CoCrFeNiTi alloy. 

Ball Milling. Ball milling (BM) was conducted on the weighed powder using a 250 mL stainless 
steel vessel (Fritsch Japan) with 3/8-inch (~9.5 mm) Cr steel balls. Prior to milling, the powder was 
weighed so that the five constituent elements had an equiatomic composition of 20 at% each, and 
then loaded into the vessel. The powder was placed on top of the balls, followed by the addition of 
75 mL of heptane to prevent agglomeration, oxidation, and to improve powder recovery. The powder-
to-ball weight ratio was fixed at 10:1 to ensure consistent energy input. The sealed vessel was purged 
and filled with argon gas for approximately 5 minutes to establish an inert atmosphere. Milling was 
performed using a planetary ball mill (Pulverisette 6, Fritsch Japan), with weight balancing applied. 
The process followed a cycle of 30 minutes milling and 10 minutes rest, for total durations of 0 (as-
received), 5, 10, 15, 25, and 50 hours. 

Spark Plasma Sintering. Spark plasma sintering (SPS) was carried out as follows. A graphite die 
(φ = 20 mm) and punches were coated with boron nitride spray as a release agent, and 15.0 g of BM 
powder was loaded inside. Graphite spacers were placed between the electrodes and punches. The 
chamber was evacuated to below 10⁻² Pa, and SPS was conducted. To monitor sintering temperature, 
a φ = 4 mm hole was drilled into the side of the die at sample height, and a K-type thermocouple was 
inserted. Pulsed DC current was applied to generate Joule heating between the die, punches, and 
powder. After sintering, the system was cooled to room temperature under vacuum, then vented to 
air. The sintered sample was removed, ground to #2000 grit, polished with 1.0 µm Al2O3 powder, 
ultrasonically cleaned, and air-dried. 
Analysis.  

X-ray diffraction (XRD). An X-ray diffractometer (MiniFlex 600, Rigaku Corp.) equipped with 
a HyPix-400 MF 2D detector was used to identify the compound phases in the BM-treated powders 
and their sintered compacts. Cu Kα radiation (λ = 1.54184 Å) served as the X-ray source, operated at 
40 kV and 15 mA. Diffraction measurements were conducted over a 2θ range of 20°–140°, with a 
step size of 0.02° and a scan rate of 1°/min. 

Phase identification was based on Bragg’s law and the interplanar spacing relation for cubic 
systems. Lattice constants were determined by extrapolating the Nelson–Riley function due to the 
broad and weak diffraction peaks at high angles in both BM powders and sintered samples. 

The lattice constants were determined by extrapolating the Nelson–Riley function [9], which was 
necessary due to the broad and weak diffraction peaks observed at high angles in both BM-treated 
powders and sintered samples. Additionally, the Williamson–Hall method [10] was employed to 
estimate both crystallite size and lattice strain, based on the relationship between the full width at half 
maximum (FWHM, β) and the diffraction angle (θ) using the following equation (1): 

𝛽𝛽 cos𝜃𝜃
𝜆𝜆

= 0.9
𝐷𝐷

+ 2𝜀𝜀 sin𝜃𝜃
𝜆𝜆

                                                                                                                    (1) 

 
where β is in radians, λ is the X-ray wavelength, D is the crystallite size, and ε is the lattice strain. 

Using the calculated crystallite size (D), the dislocation density (ρ) was estimated by equation 
(2) [11]: 

𝜌𝜌 = 1
𝐷𝐷2

                                                                                                                                            (2) 
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Elemental Analysis. The elemental composition of the BM-treated sintered bodies was analyzed 
using an electron probe microanalyzer (EPMA, JEOL JXA-8230) and a wavelength dispersive 
spectrometer (WDS) attached to the device. The analysis was performed under conditions of an 
accelerating voltage of 15 kV and a probe current of 3.0 × 10-8 A. The crystals used for analysis of 
each element were LIF crystals (LiF: lithium fluoride) for Cr, Fe, Co, and Ni, PET crystals 
(polyethylene glycol terephthalate) for Ti, and LDE crystals (Low-Diffraction-Efficiency crystals) 
for C. In addition, a carbon and sulfur analyzer (EMIA, manufactured by HORIBA) was used to 
quantify the carbon concentration in the powder with high accuracy. 

Micro-Vickers hardness test. In order to measure the hardness of sintered alloys at various BM 
times, hardness tests were conducted using a micro-Vickers hardness tester (model: PMT-X7A) 
manufactured by Matsuzawa Co. The specimens were polished to #2000 using wet emery paper, 
buffed to a mirror finish using Al2O3 powder with a grain size of 1.0 µm, and ultrasonically cleaned 
in acetone to degrease them before conducting the hardness test. The test conditions were a constant 
load of 0.98 N (100 gf) and a constant loading time of 15 s. The hardness value was determined as 
the average of three hardness values measured five times. 

Results and Discussion 
X-ray diffraction (XRD). XRD measurements were conducted on each powder sample and its 
corresponding sintered body to investigate phase structure evolution as a function of BM time. The 
XRD patterns of the powders are shown in Fig. 1(a). For the 0 hrs. sample, distinct peaks 
corresponding to pure Ni, Co, Cr, Fe, and Ti were observed, indicating that mechanical alloying had 
not yet occurred. As BM time increased, these peaks gradually weakened and completely disappeared 
by 25 h, indicating the formation of a dominant single-phase BCC structure (space group: Im-3m), 
consistent with the formation of a multicomponent solid solution. In contrast, the XRD patterns of 
the sintered samples (Fig. 1(b)) revealed a main FCC phase (space group: Fm-3m) for all BM 
conditions. Additionally, peaks corresponding to secondary phases, CoTi2, CrFe intermetallic 
compounds, and TiC carbides, were observed. These secondary phases are attributed to the presence 
of excess Ti beyond its solubility limit and to carbon uptake from the organic solvent during BM 
processing [12]. The lattice constants of the powder and sintered samples, calculated using the 
Nelson–Riley method, are listed in Tables 1(a) and 1(b), respectively. As shown in Table 1(a), the 
BCC lattice constant of the powder stabilized at approximately 2.884 Å between 5 h and 25 hrs., with 
a slight contraction to 2.8806 Å at 50 hrs. Table 1(b) shows that the FCC lattice constant of the 
sintered samples ranged from 3.590 Å to 3.607 Å, reaching a minimum at 25 hrs. and slightly 
increasing again at 50 hrs. The crystallographic features obtained using the Williamson–Hall method 
are summarized in Fig. 2. Lattice strain (ε), crystallite size (D), and dislocation density (ρ) were 
evaluated based on Eq. (1) and Eq. (2), respectively. In the powder samples (Figs. 2(a) to 2(c)), ε and 
ρ increased significantly with longer BM time, while D decreased, reaching approximately 2.1 nm 
and 0.24 nm⁻², respectively, at 50 h. These results confirm that intense plastic deformation during BM 
led to nano crystallization and the formation of a dense dislocation network [13]. In contrast, the 
sintered samples exhibited significantly reduced ε and ρ, and an increase in D (up to ~27 nm), across 
all BM durations. These trends were especially pronounced at longer BM times. The observed 
microstructural recovery is attributed to recrystallization induced by rapid heating and applied 
pressure during SPS processing [14]. 
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Table 1 Lattice constants of (a) BCC phase in powder (b) FCC phase in sintered sample at each 
BM time. (Calculated using the Nelson–Riley extrapolation method.) 

 

 
Fig. 1 XRD patterns of (a) powder and (b) sintered samples at various BM times. 

 

 
Fig. 2 (a) Lattice strain, (b) crystallite size, and (c) dislocation density as functions of BM time 

for both powder and sintered samples, all derived from the Williamson–Hall analysis. 
 

Elemental Analysis. The carbon content in the powder and sintered body was quantitatively 
compared by EMIA and EPMA as shown in Fig. 3. The average carbon concentration of the powder 
measured by EMIA was only 0.02 wt.% at 0 hrs. without BM treatment, but gradually increased with 
the BM time, reaching 0.40 wt.% at 5 hrs., 0.81 wt.% at 10 hrs., 1.03 wt.% at 15 hrs., 1.21 wt.% at 
25 hrs., and 1.40 wt.% at 50 hrs., the longest time. This is thought to be the result of the accumulation 
of carbon contamination from the organic solvent during mechanical alloying and the die during 
sintering [13]. On the other hand, quantitative point analysis of the sintered body by EPMA showed 
that the carbon content increased from 0.29 wt.% at 0 hrs. to 0.93 wt.% at 5 hrs. and 1.26 wt.% at 
10 hrs., then temporarily decreased to 0.96 wt.% at 15 hrs. and 0.54 wt.% at 25 hrs., and then jumped 
significantly to 2.34 wt.% at 50 hrs. This localized heterogeneity is interpreted as the carbon dispersed 
in the BM powder precipitating as TiC during SPS sintering and forming local carbide clusters [15]. 
In fact, TiC peaks and clusters were confirmed in XRD and EPMA mapping, and the EPMA value 
fluctuates greatly due to the localization of carbon as a second phase, while the EMIA shows a 
smoother increase because it reflects the average concentration of the whole powder. From these 
results, it is considered that the extension of the BM time increases the carbon content in both the 
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powder and the sintered body, and that the hard phase can be strengthened through TiC precipitation, 
especially during long-term BM, but it is also necessary to consider interface design to suppress local 
segregation. 
Vickers hardness test. The results of the micro-Vickers hardness test are shown in Fig. 4. The 
sintered compact without BM treatment (0 hrs.) exhibited the highest hardness, averaging 
approximately 895 HV. However, the hardness significantly decreased to approximately 721 HV after 
5 h of BM. It then gradually recovered to 766 HV at 10 h, 838 HV at 15 h, 804 HV at 25 h, and 834 
HV at 50 h, ultimately stabilizing around 830 HV from 15 h onward. Three main factors are 
considered responsible for these variations in hardness: (1) crystallite size, (2) dislocation density, 
and (3) precipitation of second phases (CoTi2, CrFe, and TiC). As shown in Figs. 2(b) and (c), the 
sample at BM 5 h had the smallest crystallite size (~9 nm) but also the highest dislocation density. 
However, significant reduction of dislocation networks due to recovery and recrystallization, 
associated with severe grain refinement, likely diminished the expected contributions from grain 
boundary strengthening (Hall–Petch effect [16]) and dislocation strengthening [17], leading to lower 
hardness. After 10 h of BM, hard second phases such as CoTi2, CrFe intermetallic compounds, and 
TiC carbides began to precipitate more noticeably during SPS sintering, supplementing the multi-
element solid solution formed in the powder stage. These precipitates contributed to Orowan-type 
strengthening [18], which played a major role in restoring hardness to ~830 HV after 15 hrs. Although 
crystallite size increased to 15–20 nm and dislocation density decreased beyond 15 hrs., the hardness 
remained relatively high due to the balanced contributions of precipitation and moderate grain 
refinement strengthening. These findings suggest that extending the BM time to 15 hrs. or longer 
facilitates the recovery and retention of high hardness through the synergistic effects of second-phase 
precipitation and the Hall–Petch mechanism, following the recovery phase of extreme nano 
crystallization. 
 

  
Fig. 3 Carbon concentration as a function of 

BM time measured by EMIA and EPMA. 
Fig. 4 Micro-Vickers hardness of sintered 

samples as a function of BM time. 

Conclusions 
In this study, we investigated the changes in phase structure, microstructure, carbon concentration, 
and mechanical properties of powders and sintered bodies of CoCrFeNiTi high entropy alloys with 
different ball milling (BM) times. With increasing BM time, the powders formed a BCC 
nanocrystalline structure, which transformed to the FCC phase after sintering, and secondary phases 
such as CoTi2, CrFe, and TiC precipitated. In particular, carbon was thought to originate from the 
solvent in the BM, and reacted with Ti to produce TiC. Notably, the 15 hrs. BM condition introduced 
the least amount of carbon while maintaining the highest hardness, making it the most optimal 
processing time in this study. Lattice strain and dislocation density increased in the BM, and recovery 
and recrystallization progressed with SPS sintering. Hardness maintained a high level (approximately 
830 HV) after BM 15 hrs. due to the synergistic effect of secondary phase precipitation and grain 
refinement. These results indicate that the optimization of BM processing and sintering conditions 
can increase the hardness and control the microstructure of CoCrFeNiTi alloys. 
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Abstract. Titanium scaffolds produced by additive manufacturing were studied using the scanning 
electron microscopy (SEM) and the confocal optical microscopy (COM). The previous research has 
shown that the titanium scaffolds with porous filaments (14 % porosity) exhibited markedly better 
fatigue resistance than those with compact filaments (6 % porosity). This article is devoted to 
macroscopic and microscopic images of fracture surfaces of both types of scaffolds after cyclic 
compression (CC) tests and after cyclic three-point bending tests (CTPB). A high density of cracks 
and broken filaments was indicated particularly in scaffolds with porous filaments. The fatigue crack 
growth was highly affected by the microporosity. Fracture facets were smaller and rougher for the 
porous filaments compared to the compact ones. Values of roughness parameters Sa and Sv for porous 
filaments were significantly higher than those for compound fibres. Both SEM and COM studies 
confirmed an important role of crack-pore interactions especially in the porous filaments. 

Introduction 

Advanced 3D metallic porous structures produced by additive manufacturing, known as scaffolds, 
find applications in biomedicine as the bone implants (e.g. [1]). The previous research [2] has shown 
that the titanium scaffolds produced by the direct ink writing (DIW) technique with higher (open  
14 %) porosity of filaments exhibited superior fatigue strength, well comparable to Ti lattices with 
dense filaments fabricated using powder bed fusion AM methods, and markedly better than the 
fatigue strength of DIW scaffolds with smaller (closed 6 %) porosity. This improvement was 
attributed to crack-tip shielding mechanisms [2, 3], such as crack deflection and branching induced 
by interactions between micropores and the advancing crack front. Similarly, high normalized fatigue 
strength was reported for DIW iron–manganese lattices with ~22 % open microporosity [4]. 

Given the limited number of findings and the complexity of fracture processes in scaffolds, it was 
useful to find out whether the higher fatigue strength observed in DIW Ti-scaffolds with porous 
filaments can be reproduced by CTPB experiments on individual filaments, prepared under the same 
sintering conditions and with similar microporosities. This study presents the results of SEM and 
COM investigations of crack distribution within the scaffolds volume as well as of fracture surfaces 
of their filaments fractured by CTPB tests. 

Experimental Samples and Methods 

The scaffolds and filaments were printed using a robotic deposition device (BSN3D+, 
Fundación CIM, Spain). The Ti ink consisted of commercially pure argon-atomised titanium 
spherical powder particles with a size range of 20–63 μm. The printed filaments were dried at room 
temperature for 12 h, debinded at 350 °C for 12 h, and sintered at 1300 °C for 3 h (porous) or 1400 
°C for 10 h (compact) in argon. The final filament samples had a functional length of approximately 
32 mm and a diameter of 1.7 mm. 
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The crack distribution and fracture surface morphology were examined using the scanning 
electron microscope Tescan Mira3, Czech Republic. Standard procedures of sample manipulation 
within the vacuum chamber were applied. The fracture surface morphology and roughness of broken 
filaments was studied by the confocal laser microscope Olympus LEXT™ OLS5100, Japan and the 
software OLS5100 - Analysis application, version 3.1.1.296. Each of 6 samples was subjected to 7 
measurements on small surfaces of size 4500 µm2 spread over the fatigue fracture surface and the 
average value with the standard deviation was computed. 

Stress-controlled 3PB fatigue tests of filaments were performed within the fatigue life range of 
102–106 cycles using a machine equipped with a 10 kN dynamic load cell (Instron E3000; USA) at a 
constant stress amplitude, the stress ratio R = 0.1 and frequency f = 2 Hz. The supports had the 
diameter of 10 mm and the span of 20 mm. 

Results of SEM and COM Studies 

The first part of investigations was made on cylindrical scaffolds previously fractured by CC. 
Here we focused on the macroscopic SEM images showing the volume distribution of cracks. The 
second part concerns SEM of scaffold filaments fractured by CTPB tests, and the third part presents 
COM measurement of fracture surface roughness of fibres. These SEM and COM results document 
differences in the morphology and roughness of fracture surfaces of scaffolds with compound and 
porous fibres. 

Scaffolds fractured by cyclic compression (SEM). 

The macroscopic view of parts of fractured scaffolds is shown in Fig. 1. The higher damage of 
scaffolds with porous filaments is caused by a higher volume density of fatigue cracks. Surface cracks 
and fibre fractures at the scaffold critical sites are depicted in Fig. 2a) for compound and in Fig. 2b) 
for porous filaments. Note that the porous scaffold contains more surface cracks and fractured fibres 
occurring near the contact points of overlapping orthogonal filaments in both types of scaffolds. 
Indeed, exactly these sites correspond to tensile stress zones under CC loading, as revealed by the 
finite element modelling [5]. Since the cracks initiated at many large surface pores, tens of fatigue 
cracks propagated even in the scaffolds with compact fibres. The fastest crack broke the first filament 
to start the scaffold fracture process. This elucidates an observed high scatter of CTPB tests of 
compact fibres as well as a less difference in S-N curves of compact and porous fibres compared to 
the CC tests of scaffolds [6]. Indeed, the probability of a pore occurrence directly at the point of the 
maximum tensile stress on the compact surface during CTPB tests is much smaller than that within 
the scaffold and on the porous surface. This leads to a high data scatter and a longer average fatigue 
life of compact filaments in CTPB tests. 
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a) b) 

Fig. 1. The broken parts of scaffolds with: a) compact fibres and b) porous fibres. 
Note the higher fatigue damage of the lattice with porous filaments. 

  
a) b) 

Fig. 2. Surface cracks and fibre fractures at critical sites in a) compound filaments and b) porous 
filaments. Note that the surface cracks and fracture surfaces in both types of fibres occur at the 

locations of tensile stresses near the contact points of overlapping filaments. 

Filaments fractured by cyclic three-point bending (SEM). 

The typical fracture morphology for both types of filaments is in Fig. 3. The compound fibres (Fig. 
3a) exhibited rather flat and large fracture facets comparable with the mean grain size of 90 µm. The 
crack growth was strongly affected by the microporosity as evidenced by a higher number of pores 
on fracture surfaces when compared with the cross-sectional porosity [2]. In the case of porous fibres 
(Fig. 3b), the facets are smaller and rougher, sometimes fracturing the sintering ligaments in between 
grains with the mean size of 50 µm. 
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a) b) 

Fig. 3. The typical fracture surface morphology of a) compound filaments and 
b) porous filaments. Note the larger and flatter facets on the compound fracture surface and 

pores on both fracture surfaces. 

Occasionally, the cracks followed the pore clusters at grain boundaries to create intergranular 
facets, as seen in Fig. 4a). The detail of these facets in Fig. 4b) reveals fine, often periodical patterns, 
which are probably the result of sintering diffusion processes occurring on the particle surfaces. The 
periodical patterns might be confused with striations on smooth transgranular facets (Fig. 5). The 
hexagonal close-packed (alpha) titanium crystal structure does not possess enough independent slip 
systems to enable a complete plastic accommodation of neighbouring grains. Thus, the quasi-
cleavage facets on suitable crystallographic planes associated with typical river patterns at grain 
boundaries could also be occasionally observed, as seen in Fig. 6. 

  
a) b) 

Fig. 4. Intergranular facets and the secondary crack on the fracture surface of a porous fibre. The 
fine patterns visible in the detail b) are probably the result of sintering diffusion processes on 

particle surfaces. 
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Fig. 5. Morphological patterns on the fracture surface with fatigue striations. 

 
Fig. 6. Morphological patterns on the fracture surface with quasi-cleavage facets associated with 

river patterns at the grain boundary. 

Filaments fractured by cyclic three-point bending (COM). 

The COM analysis was preferentially employed to determine the fracture surface topology and 
roughness. Coloured topology of semi-elliptical parts of fatigue fracture surfaces of selected 
compound and a porous filaments fractured at a nearly equal number of  cycles is depicted in Fig. 7 
(elevations red and valleys blue). 

The fracture surfaces of compound fibres were less rough than those of porous ones, as confirmed 
by the related arithmetical mean height Sa,c = 4.1 ± 3.3 μm and the maximum pit height Sv,c = 28 ±15 μm, 
unlike Sa,p = 5.5 ± 3.4 μm and Sv,p  = 37 ± 12 μm for porous fibres. 
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a) b) 

Fig. 7. The coloured topology of semi-elliptical parts of fatigue fracture surfaces of selected 
a) compound and b) porous filaments. Note the higher roughness of the porous fibre. 

Summary 

 The results of SEM a COM studies on Ti-scaffolds and filaments, fractured by respective CC and 
CTPB tests, can be summarized as follows: 

(i)  A high density of cracks and broken filaments in the scaffold volume was observed. The 
crack density in scaffolds with porous fibres was higher than that in the scaffolds with 
porous fibres. 

(ii)  The crack growth was highly affected by the porosity, and the fracture facets were smaller 
and rougher for the porous filaments than for the compact ones. 

(iii)  Values of roughness parameters Sa and Sv for the fracture surface of porous filaments 
were significantly higher than those of the compound ones. 

Both SEM and COM analysis conformed an important role of crack-pore interactions particularly 
in the porous filaments. 
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Abstract. The paper summarizes the results of the analysis made on the ruptured tube of the reactor 
made of austenitic stainless steel in which the conversion of aniline to diphenylamine occurs at 
elevated temperature and pressure and in the presence of a catalyst. The tube wall perforation occurred 
in the piping used to measure the pressure in the reactor and a fire occurred after an aniline, ammonia 
and catalyst vapour leak. The material analyses carried out clearly showed that the thinning and 
subsequent perforation of the tube wall was due to a specific corrosion attack, so-called metal dusting, 
which occurs at elevated temperatures and in the presence of a carburizing atmosphere.  

Introduction 

Metal dusting is a catastrophic form of carburization attack leading to the decomposition of metals 
and alloys into dust of metal particles, oxides, and graphite. It occurs at relatively high temperatures 
(typically from 400 to 800 °C) and in carburizing atmospheres or, more commonly, in carburizing 
and selectively oxidizing atmospheres. The low partial pressure of oxygen in carburizing atmospheres 
allows the breakdown of the protective oxide layer on the metal surface at elevated temperatures. It 
happens even in the case of high-alloy steels and nickel alloys which are not immune to this specific 
type of corrosion attack. While at carbon activity aC < 1 carburization occurs and carbon deposition 
in steels leads to internal formation of M7C3 and M23C6 carbides, metal dusting occurs in active 
atmospheres containing CO and/or hydrocarbons at carbon activity aC > 1, i.e. under conditions where 
there is a tendency to form graphite (in equilibrium with graphite, aC = 1). Metals and alloys in which 
carbon dissolves, i.e. mainly Fe, Ni, Co and their alloys, are particularly susceptible to this damage. 
Carbon is transferred from the surrounding gaseous atmosphere and dissolves in the metal at aC > 1 
until supersaturation, which leads to the growth of graphite particles that destroy these materials [1,2].  

Chromium-alloyed steels are often used in the critical temperature range for the occurrence of this 
phenomenon. Low-alloy steels, such as 1%Cr-0.5%Mo, 2.25%Cr-1%Mo, etc., are heat and creep 
resistant up to a temperature of approximately 600 °C, but under metal dusting conditions (aC > 1) 
they can only be used in an atmosphere with a sufficiently high content of H2O and/or CO2, where 
magnetite can form. However, process conditions in chemical reactors are often more severe and 
metal dusting begins immediately and evenly with these steels. Metal dusting starts by local attack 
on the metal surface at points where the protective oxide layer is broken through, leading to pitting 
corrosion. A corrosion product (graphite) then grows from these pits, which is usually carried away 
by fast-flowing process gases. Typical for Cr steels and alloys are areas with increased concentrations 
of carbides precipitated along the boundaries, but also inside the grains, which precede the final 
corrosion attack. To increase protection against this phenomenon, it is necessary to form a compact 
layer of Cr-rich oxides on the metal surface. Ferritic (martensitic) steels with more than 11 % Cr and 
austenitic steels with a Cr content above 17 % Cr are therefore more resistant, but not immune. [3] 
The lower amount of chromium required to achieve the resistance of ferritic steels is due to the higher 
diffusivity of Cr in the ferritic lattice and thus its faster replenishment on the surface of the component. 
The rapid supply of Cr to the surface enables to form a protective corrosion layer, which consists of 
an outer layer of spinel phase (Mn,Fe)O.Cr2O3 and an inner (very compact) layer of Cr2O3 oxide.  
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Even high-alloy steels with sufficient Cr content exhibit this form of attack after a more or less 
long period of exposure. In principle, the same mechanism applies to high-alloy steels as to carbon 
steels or nickel, but the details of the attack may differ, see Fig. 1 [4]:  

• The attack begins with local penetration through the protective oxide layer on the metal surface 
at the points of local defects and/or weakness. 

• Carbon passes into the metal phase at this point, where the carburizing gas has access to the 
bare metal surface (Fig. 1a). 

• Carbon diffuses into the material and firstly reacts with alloying elements to form stable 
carbides (M23C6 and M7C3 with Cr as the main component, MC with Ti, Zr, V, Nb, W, and 
Mo2C). A zone with internal carbides is formed (Fig. 1b), but these carbides are still very fine 
in the metal dusting temperature range. This zone is then supersaturated with dissolved carbon. 

• After supersaturation with dissolved C, graphite nuclei form, which grow both inward (Fig. 1c) 
and, with continued carbon supersaturation, also outward from the metal surface (Fig. 1d). 

 

 
 

 
Fig. 1 Scheme of processes during metal dusting of high-alloy steels and Ni-based alloys: 

(a) defect in the protective oxide layer, allowing carbon penetration; (b) formation of carbides 
towards the interior of the material (M23C6 and M7C3 (M = Cr, Fe, Ni)); (c) after supersaturation 

with dissolved C, graphite nuclei form and grow inward; (d) outward growth of particles 
composed of graphite fibers, metal, carbides, and oxides [4]. 
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Experimental Material and Results 

Complex material analyses were aimed at determining the causes of the rupture and the subsequent 
fire of the tube used for the pressure measurement inside the aniline processing reactor. The reactor 
is a vertical pressure vessel with a volume of approximately 30 m3, working at temperature of 342 °C 
and pressure 2.3 MPa. The pressure measurement tube operates in a vertical position and is connected 
to the reactor by a side flange. The bottom flange is blinded and there is a pressure gauge tap at the 
top. A primary leak occurred between the side and bottom flanges, and unreacted products (aniline, 
ammonia, and water vapor with catalyst) began to leak and subsequently to burn. 

After the fire, the entire section of the fire-damaged tube was delivered for the material expertise, 
Fig. 1. This was a Ø 58 mm tube made of stainless steel 1.4539 (X1NiCrMo-CuN25-20-5), a 
superaustenitic Cr-Ni-Mo steel further alloyed with copper, which is resistant to various organic and 
inorganic acids as well as seawater and also has high resistance to pitting corrosion. This steel is also 
known as AISI 904L. The tube had been in operation for a total of 8 years. 
 

 
Fig. 1 Delivered tube with perforated wall. 

Visual analysis showed thinned tube wall around the perforation and, apart from the crack itself, 
also very irregular wall thickness and a heavily rough and wrinkled inner surface, Fig. 2 and 3. Based 
on visual observation, the real wall thickness of the tube was from 3 to 5 mm, while the original 
thickness should be 8 or 9 mm, so it is clear that the tube wall was heavily thinned during operation. 
 

  
Fig. 2 Cross section of the tube wall 

in the perforation. 
Fig. 3 Cross section of the tube wall 

outside perforation. 
 

The control chemical analysis was performed on the ARL RTG Advant'X and LECO CS 230 
instruments and the results shown in Table 1 revealed material substitution, when probably AISI 316 
steel was used instead of declared 1.4539 steel. Also, unusually (and also absurdly) high carbon 
content indicated at least the possibility of carburization of the steel. 
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Table 1 Chemical composition of the tube [wt. %]. 
 C Mn Si P S Cr Ni Mo Cu N Ti Nb W Co 

Tube 0.31 1.10 0.50 0.021 0.001 17.03 12.04 1.98 0.30 0.023 0.39 0.007 0.040 0.063 

1.4539 max. 
0.020 

max. 
2.00 

max. 
0.70 

max. 
0.030 

max. 
0.010 

19.0 
21.0 

24.0 
26.0 

4.00 
5.00 

1.20 
2.00 

max. 
0.15 - - - - 

 
The assumption of possible carbonization was clearly confirmed by measuring the hardness 

profile, where the maximum hardness near the inner surface was approximately about 200 HV10 
higher than around the circumference of the tube, Table 2. 

 
Table 2 Results of hardness HV10 measurement. 

Around the tube [°] Across the wall [mm] 
0 45 90 135 180 225 270 315 1 2 3 

199 205 184 171 173 181 186 179 239 240 385 
 
Metallographic analysis then confirmed the extensive and deep corrosion attack reaching up to 

half the original wall thickness and forming even empty holes, Fig. 4. The attack then progressed 
from the inner surface of the tube into the material, which was associated with intensive carburization. 
The increasing concentration of carbon in the microstructure of the tube was clearly reflected on the 
metallographic section prepared through the tube wall, Fig. 5. While the original austenitic 
microstructure outside the attack was nearly free of carbides, Fig. 6, towards the inner surface of the 
tube, chains of carbides decorated the grain boundaries, Fig. 7. Then carbides spread over the whole 
grain interior and coarse carbides continuously decorate grain boundaries, Fig. 8. Increasing amount 
of fine carbides inside grains changes the colour into dark with light chains of coarser carbides 
decorating grain boundaries, Fig. 9. Still increasing carbon content and coarsening carbides then again 
change the contrast back to light with coarse and clearly distinguishable carbide particles, Fig. 10. 
Immediately on the inner surface of the tube, the coarse carbide particles eventually reach the 
character of eutectic carbides, Fig. 11. 
 

  
Fig. 4 Metal dusting attack extending into more 

than half the tube wall thickness. 
Fig. 5 Change of the microstructure under the 

inner surface of the tube. 
 

A 
B 

E 
F 

D 

C 
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Fig. 6 Original microstructure of the tube 
outside of the attack by metal dusting – A. 

Fig. 7 Grain boundaries decorated by carbide 
chains, carbides also already inside grains – B. 

 

  
Fig. 8 Strongly decorated grain 

boundaries and intense precipitation 
inside the grains – C. 

Fig. 9 Coarse carbide chains on grain 
boundaries and dark carbide precipitates 

inside grains – D. 
 

  
Fig. 10 Coarse carbide particles inside grains 

and on the grain boundaries – E. 
Fig. 11 Eutectic form of extra heavy 

carbides – F. 
 
The confirmation that the damage of the tube was indeed caused by metal dusting is the result of 

the EDX microanalysis of the chemical composition performed on the edge of a large defect (hole) 
on the inner surface of the tube, Fig. 12. Around the hole there is a ring of anthracite shade, which is 
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formed by practically pure carbon in the form of graphite, inside the hole there were even small 
graphite sticks, Figs. 13 and 14. 
 

  
Fig. 12 Corroded area on the inner surface of 
the tube, graphite forms rings around holes. 

Fig. 13 Detail of the hole surrounded by 
graphite ring and sticks inside. 

 

 

       
 

Spectrum Fe C 
[wt. %] 

1 - 100.0 
2 2.7 97.3 

 

Fig. 14 Results of EDX microanalysis of non-metallic filling around the hole in the tube wall. 

Discussion 

The fact that the perforation damage of the tube wall occurred after 9 years of operation can be 
probably related to the relatively low operating temperature and possibly also to the low reactivity of 
the reaction mixture, which is not a typical carburizing agent. Low operating temperature, on the 
other hand, makes it more difficult to heal the protective oxide layer on the metal surface by chromium 
diffusion from the grain interior. The essential role in damage development can also play the 
substitution of the material, when steel of the AISI 316 type (17 % Cr, 12 % Ni, 2.5 % Mo) was used 
instead of the originally declared 904L steel (21 % Cr, 25 % Ni, 4.5 % Mo, 1.5 % Cu). The higher 
chromium, nickel and also molybdenum content in the latter steel increases the stability of the oxide 
layer. In steels with more than 25 % Cr, a compact layer of practically pure Cr2O3 can form on the 
metal surface, which has minimal permeability for oxygen atoms. Nickel, altogether with copper and 
also tin, that forms no carbide also greatly decreases graphite nucleation. [5] Higher content of Mo 
increases not only the stability of the oxide layer but also the resistance to pitting corrosion, which 
very often precedes and starts metal dusting. Possible strategies for metal dusting control can be 
divided into alloying for improved oxide scale, alloying to decrease carbon precipitation and surface 
engineering. The first assumes to add secondary oxide forming elements such as Si or Al that will 
improve scale barrier properties, or, in the FeCrAlY alloys, will form compact alumina scale. The 
second approach relies mainly on the positive effect of Cu, but due to its low solubility in ferrite, it is 
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more suitable for austenitic steels with higher nickel content. The last possibility is based on 
suppression of the catalytic decomposition of CO or hydrocarbons on the material surface and 
provision of a surface material which does not dissolve or absorb carbon. Coatings based on Al and 
Cr rich phases represent promising perspectives [6]. 

Conclusion 

The analysis of a ruptured aniline reactor tube confirmed the danger of metal dusting at relatively 
low temperature (~350 °C), which was counterbalanced by the long service life. The same problem 
with tube wall thinning by metal dusting was confirmed also in other reactors at the same location. 
Therefore, it was recommended both to verify the tube material used in the other reactors and to focus 
on regular inspection of the tube wall thickness as well as the reactor bodies themselves.  
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Abstract. Titanium alloy Ti6Al4V was oxidation annealed in the beta-phase region (1050 °C/3 hours 
+ WQ) in a furnace under a non-protective atmosphere. The above treatment caused the formation of 
an alpha-case layer on the surface. The above layer, because of its high hardness and strength, has a 
significant effect on the surface properties of the alloy. However, undesirable effects include the 
formation of cracks in this layer and a change in the mechanism of initiation and propagation of 
fatigue cracks. Based on the above findings, it is also very complicated to predict the fatigue life of 
Ti alloys processed in this way because of the presence of cracks in the alpha-case layer and the 
varying thickness of this layer. From the fractography and microstructural point of view, the initiation 
of fatigue cracks in the heat-treated alloy is realized by transcrystalline cleavage and the formation of 
pronounced fracture facets as a consequence of surface cracks in the alpha-case layer. Fatigue crack 
propagation (in the alpha-case layer region) is realized along the interface of the alpha-phase needles 
and the beta-phase primer grain without the significant presence of so-called fatigue striations. 

Introduction 
Pure titanium is a polymorphic metal that crystallizes in two allotropic modifications, Fig. 1: low-

temperature Ti-α (up to about 882 °C), which crystallizes in a HCP lattice and high-temperature Ti-
β (up to a melting temperature of about 1670 °C), which crystallizes in a BCC lattice [1–3]. The most 
commonly used titanium alloy Ti-6Al-4V includes the two-phase α + β. 

 
Fig. 1. a) Classification of the alloying elements of titanium according to their 

influence on the β-transus temperature, Tβ. b) Lattice correspondence between the α – 
HCP and β – BCC structures. The lattice parameters correspond to the values of pure 

titanium at RT and 900 °C for α and β, respectively. 
This alloy exhibits an excellent strength-to-density ratio, as well as outstanding mechanical 

properties and corrosion resistance. Because of these properties, it is widely used in the aerospace 
industry and as a biomedical material. However, a significant drawback of this alloy is its high affinity 
for atmospheric oxygen and nitrogen, which can lead to the formation of a hard but brittle layer known 
as the α-case layer at higher temperatures. The maximum oxygen solubility in the Ti-α phase is 
approximately 14.5 wt.% and is not significantly dependent on temperature. Oxides such as Ti3O (8–
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13 wt.% O) or Ti2O (10–14.4 wt.% O) form at around 400 °C (some references reports temperatures 
over 480 °C [4, 5]). The oxygen solubility in the Ti-α phase does not change with temperature until 
around 600 °C. In contrast, the maximum oxygen solubility in the Ti-β phase increases with 
temperature and reaches approximately maximum 3 wt.% at 1720 °C, Fig. 2 [6]. 

 
Fig. 2. A binary phase diagram Titanium – Oxygen. 

Several authors have studied diffusion kinetics in Ti-6Al-4V alloy at different temperatures [7–9]. 
According to Du et al. [5], the kinetics of oxygen diffusion in the formation of Al2O3 and TiO2 oxides 
in the alloy is parabolic at lower temperatures (ranging from 650 to 700 °C) with an activation energy 
value of Q = 276 kJ.mol-1, and linear at higher temperatures (ranging from 700 °C to 850 °C) with an 
activation energy value of Q = 191 kJ.mol-1 [8]. 

The formation of the α-case layer is solely related to the oxygen diffusivity in the aforementioned 
alloy. Poquillon et al. [10] found a correlation between the oxygen content of the oxygen-influenced 
layer and hardness during the oxygen-phase-oxidation process of the oxide layer. Dong et al. [11] 
investigated the effect of diffusion temperature on the grain morphology of the α-case layer. They 
discovered that the grains of the α-case form of fine polygonal needles or plates, depending on the 
dwell time at the diffusion temperature, in the region surrounding the β-transus temperature. The 
similar results about formation of α-case layer and its morphology after oxidation annealing at 1050 
°C and various cooling rates were confirmed by Belan et al. [12]. 

Numerous researchers have examined how the presence of the α-case layer affects both static and 
dynamic mechanical behavior, including under high-temperature conditions. Chan et al. [13] explored 
how α-case formation influences the mechanical response of titanium alloy cast components. Their 
findings indicate that slower cooling rates lead to a thicker α-case layer, which correlates with 
increased microhardness and reduced toughness. This decline in toughness is attributed to micro crack 
initiation at the boundary between the α-phase and the retained β-phase. The role of the α-case layer 
in the initiation and propagation of fatigue cracks has been studied by Yan et al. [14] and Gaddam et 
al. [15]. These investigations consistently demonstrate that the presence of an α-case layer 
significantly shortens the fatigue life of the alloy, with cracks commonly initiating from micro cracks 
within the α-case. Furthermore, changes in the base microstructure – from bimodal and lamellar to 
equiaxed, during fatigue testing result in a shift in fracture mode, moving from ductile toward entirely 
brittle failure. 

The main goal of this study is microstructure and fractography analysis of β-annealed Ti-6Al-4V 
alloy with presented α-case layer and its effect on fatigue crack propagation mode and fatigue life as 
well. 

Experimental Material and Methods 
The titanium alloy Ti-6Al-4V as the experimental material from the supplier BIBUS Metals AG, 

Brno CZ was used, see Table 1. The alloy was delivered in annealed conditions (that was statement 
from material sheet). 
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Table 1. The chemical composition (wt. %) and selected mechanical properties of Ti6Al4V alloy 
(*Ti content is a balance; **Own hardness measurement). 

Fe C N H O Al V 
UTS 

[MPa] 
YS 0.2% 

[MPa] 
Elongation 

[%] 
Hardness 

HRC 
0.16 0.025 0.009 0.0049 0.164 6.112 4.105 

Long. (not applicable to hardness measurements) 1023 994 12.13 32.5 

Trans. (not applicable to hardness measurements) 1185 1152 11.73 57** 

Specimens were heat-treated (HT) by oxidation annealing (OA) at 1050 °C (which is a temperature 
over β-transus temperature for this alloy) with a dwell time of 3 hrs., followed by WQ (water 
quenching – cooling rate was 500 °C.s-1). 

Specimens for metallography evaluation were prepared via regular metallographic procedures: wet 
sanding and wet polishing on Struers TEGRASYSTEM, etched by 10 % HF or 1.5 ml HF + 2ml 
HNO3 + 10 ml H2O (this reagent provides better results). Microstructures, the α-case layer, were 
evaluated on NEOPHOT 32 optical microscope (OM), and fractography analysis was done at 
TESCAN Vega II (SEM). 

Fatigue testing under three-point bending conditions was conducted at ambient temperature (22 °C 
± 5 °C) using a ZWICK / ROELL Amsler 150HFP 5100 resonance pulsator. The Amsler 150HFP 
5100 is designed for fatigue assessment using sinusoidal loading based on the resonance principle. It 
operates within a frequency range of 35–300 Hz and allows testing with both constant and variable 
amplitude, supporting maximum force amplitudes of ±75 kN and mean loads up to ±150 kN. This 
equipment enables fatigue evaluations on both materials and components and complies with standards 
such as DIN 50100 for S/N curve generation in tensile, compressive, and alternating stress regimes. 

The test parameters were configured as follows: 
i) for specimens without HT (no α-case layer presented), a static preload of Fstatic = –15.0 kN; a 

dynamic loading range from –7.0 kN to –13.5 kN; frequency varied between 102.0 Hz and 
108.6 Hz; 

ii) for specimens after applying HT (with α-case layer presented), a static preload of Fstatic = –
10.0 kN; a dynamic loading range from –5.0 kN to –8.0 kN; frequency varied between 68.5 Hz 
and 70.0 Hz, 

The stress ratio R < 1 in both cases. Testing was terminated after 2.0×10⁷ cycles, which is 
considered the fatigue limit for titanium alloys. Samples, measuring 10 mm×11 mm×50 mm, with the 
primary load applied at the midpoint. To mitigate thermal effects from cyclic loading, external fans 
were used for specimen cooling. The stress amplitude (σₐ) was calculated via Eq. 1: 

𝜎𝜎𝑎𝑎 𝑚𝑚𝑎𝑎𝑚𝑚 = 3.𝐹𝐹.𝐿𝐿
2.𝑏𝑏.ℎ2

 [𝑀𝑀𝑀𝑀𝑀𝑀]          (1) 

where F represents the applied dynamic force [N], L is the support span (30 mm), b is the width 
(10 mm), h is the height (11 mm), and σₐ is the resulting stress amplitude in MPa. 

An S–N diagram was created to represent the fatigue data. While axial (push-pull) fatigue testing 
with a stress ratio R = –1 is more typical, three-point bending introduces additional complexity. This 
method induces a negative mean stress due to the static preload exceeding the dynamic stress 
amplitude, leading to a non-symmetric stress cycle (R < 1). As a result, the central region of the 
sample experiences more complex stress states, potentially reducing the fatigue life compared to 
conventional push-pull testing. 
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Results and Discussion 
The microstructure of the starting stage and after applied β-transus oxidative annealing is shown 

in Fig. 3. The microstructure of the starting stage (Fig. 3a) is characterized by quasi-polyhedral grains 
(without distinct grain boundaries – difficult to observe) of the original β phase with excluded α phase 
lamellae. After HT (OA), the grain boundaries are clearly identifiable and are characterized by 
varying sizes. The original lamellar form of the α-phase precipitation changed to α′-martensite 
needles (the cooling rate after HT (OA) was approximately 500 °C.s-1), and a distinct α-case layer 
with needle morphology and size (length) up to 250 µm. The above-mentioned change in structure 
and the formation of the α-case layer also had an impact on the increase in the hardness of the sample 
surfaces. A secondary, undesirable factor in the formation of the α-case layer is the formation of 
cracks in this surface layer. 

a)  b)  
Fig. 3. Microstructure of Ti-6Al-4V alloy a) as a starting stage, etch. 10 % HF, b) after applied 

HT (OA), etch. 10 % HF + polarized light. 
The results of fatigue tests are presented in the form of S-N curves, Fig. 4. 

 

Fig. 4. S-N curves after three-point bending fatigue test of Ti-6Al-4V alloy. 
From the curves shown, it is possible to characterize the dependence of the number of cycles to 

failure Nf on the load amplitude σa using Eq. 2 and Eq. 3. 

For the initial state: 𝜎𝜎𝑎𝑎 = 557.71 × 𝑁𝑁𝑓𝑓−0.2                                (2) 

After HT (OA) application: 𝜎𝜎𝑎𝑎 = 411.35 × 𝑁𝑁𝑓𝑓−0.012       (3) 
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The significant decrease in fatigue life and fracture loading amplitude σa is caused by the 
elimination of the α-case layer and the presence of significant surface cracks, given that the process 
of fatigue crack initiation is surface-sensitive. This fact is also confirmed by the fractography analysis 
of the fracture surfaces of the samples after the fatigue test, Fig. 5. 

From a fractography point of view, the initiation of fatigue cracks in the alloy in its initial state 
occurred on the surface and is characterized by a combination of intercrystalline cleavage with 
pronounced cleavage facets oriented at approximately 45° to the direction of loading and 
transcrystalline ductile failure, Fig. 5a. The propagation of the fatigue crack was subsequently a 
combination of intercrystalline and transcrystalline mechanisms with the occurrence of pronounced 
fatigue striations. 

a)  b)  

c)  d)  
Fig. 5. Ti-6Al-4V micrographs after fatigue testing; a) fatigue crack initiation site, starting stage, 
b) fatigue crack propagation with a significant fatigue striations, starting stage, c) fatigue crack 
initiation site, HT (OA) alloy, d) fatigue crack propagation with secondary crack presence, no 

striation observed, HT (OA) alloy, SEM. 
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On the other hand, the initiation of the fatigue crack after the applied HT (OA) was different. 
Although the crack initiated on the surface of the sample, the mechanism was only intercrystalline, 
significantly influenced by the formation of the thin TiO2 oxide layer on the top and, especially, the 
formation of the α-case layer and the presence of surface cracks, Fig. 5c. The crack in the first stage 
of propagation copied the hard needles of the α′-phase (or α-case). The subsequent propagation of the 
fatigue crack, its mechanism, is also predominantly intercrystalline cleavage, with significant 
secondary cracks, oriented at an angle of approximately 45° to the main direction of fatigue crack 
propagation, Fig. 5d. 

Summary 
The aim of the article was to provide metallography and fractography analyze and consider the 

influence of the formation of the α-case layer on the initiation and propagation of a fatigue crack and 
the influence of the change in the microstructure on the fatigue life itself. Based on the experiments 
performed, the following conclusions can be formulated: 

i) Quasi-polyhedral grains and lamellae of the α-phase form the microstructure in the starting 
stage. After the applied HT (OA), the α-case layer was formed on the surface and the core 
microstructure changed to polyhedral with various grain sizes and the α-phase was transformed 
into α′-martensite. 

ii) The formation of the α-case layer significantly affected the overall fatigue life, the value of the 
load amplitude σa decreased. 

iii) From a fractography point of view, the formation of the α-case layer had an impact on the 
initiation mechanism and the propagation of the fatigue crack, with the formation of significant 
secondary fatigue cracks. 
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Abstract. With search for clean and sustainable energy sources European union is determined to fully 
substitute natural gas with hydrogen in 2050. With these requirements it is really important to study 
materials used in existing gas infrastructure and evaluate their resistance to hydrogen embrittlement, 
which is common phenomena in material degradation. In this article, a comparative study was 
conducted using slow strain rate testing (SSRT) in situ at 10 MPa hydrogen pressure and tensile 
testing in air on X-52, X-60, and X-70 pipeline steels commonly used in Czech gas infrastructure. 
The results revealed reduction in elongation and a significant reduction in contraction in SSRT 
samples exposed to hydrogen compared to those tested in air, while yield and tensile strengths 
remained nearly unchanged. Furthermore, fracture morphology transitioned from ductile dimple to 
cleavage/quasi-cleavage. These findings suggest that hydrogen primarily affects the plastic properties 
of the materials, leading to a shift towards a lower energy fracture mechanism. 

Introduction 
With regard to the socially relevant topic of decarbonization and achieving so-called carbon 

neutrality related to the Green Deal agreement, but also to the REPowerEU project, which seeks to 
ensure sustainable energy sources for Europe [1]. The gas industry is also becoming an area of current 
interest, where the carbon footprint should be reduced by adding hydrogen (over time to full 
replacement) to natural gas. As part of the Green Deal agreement and the European Hydrogen 
Backbone (EHB) initiative, a backbone hydrogen distribution network for the whole of Europe should 
be built by 2050, where the use and modification of the existing gas infrastructure is expected, which 
should lead to significant material savings, because the costs of operating the existing network are 
about 20 % compared to building a new network [2, 3]. 

In recent years, hydrogen is discussed more and more as a source of ecological fuel and energy. 
The foundation of this energy transformation lies in the first phase in the addition of hydrogen to 
natural gas and thus reduce the CO2 emissions. The next phase is to gradually increase the hydrogen 
content in the gas infrastructure, while medium to long-term scenarios include a transition from 
natural gas to pure hydrogen only. The basic problem of this transitional phase is the minimum 
information on the current state of the gas infrastructure and the degrading effect of hydrogen on the 
steel pipes currently used in the gas network. Historically, it is known that that the degrading effect 
of hydrogen is certainly not negligible [4–6] and is influenced by many external factors [7–9]. 

Most local pipeline distribution systems contain a polyethylene liner (or are completely plastic), 
which should be much more resistant to the effects of hydrogen, together with the much lower 
operating parameters of local networks compared to backbone networks, so they do not pose a serious 
safety risk. However, the problem becomes backbone networks, where there are steel pipelines 
operating at significantly higher pressures and flows; according to available information, backbone 
routes in the Czech Republic constitute approximately 40–45 % of the entire gas infrastructure [10]. 
The aim of the article is therefore to verify the behavior of the above-mentioned materials in an 
environment of high-pressure hydrogen gas. 
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Material and Methods 
The main of the experimental work was to compare tensile tests in air and high-pressure hydrogen 

environments. Experimental material were three operated pipelines from X-52, X-60 and X-70 steels, 
which are commonly used materials in Czech gas infrastructure. Chemical composition of studied 
steels analyzed by WD-XRF and combustion analysis is in Table 1. 

 
Table 1 Chemical composition of studied steels [wt. %]. 

Pipeline C S Mn Si P Cu Ni 

X-52 0.16 0.040 1.26 0.29 0.026 0.22 0.29 
X-60 0.084 0.004 1.59 0.43 0.015 0.065 0.025 
X-70 0.10 0.005 1.60 0.37 0.018 0.040 0.030 

Continuation of Table 1. 

Pipeline Cr Mo V Ti Nb W Co 

X-52 0.11 0.045 < 0.003 < 0.005 < 0.003 0.006 0.011 
X-60 0.028 0.008 0.087 < 0.005 0.058 < 0.005 0.005 
X-70 0.072 0.023 0.030 0.005 0.040 < 0.005 0.010 

 
From abovementioned pipelines round bar tensile test specimens were prepared (M10, Ø6 mm). 

After installing the autoclave in the MTS 100 kN servo-hydraulic testing machine and clamping the 
sample in the machine jaws, the autoclave was closed, flushed with nitrogen and then evacuated. It 
was then gradually pressurized with hydrogen up to a working pressure of 10 MPa, while 
compensating the hydrogen pressure hydraulically to avoid sudden failure of the sample. The test 
specimens were broken in-situ in hydrogen at a pressure of 10 MPa at a slow strain rate (SSRT), 
Fig. 2. The shape of the stress-strain curves, the achieved stress-strain characteristics, as well as the 
macro and micromorphology of the fracture surfaces were evaluated. The obtained parameters were 
then compared again with a conventional tensile test in air at normal speed. SEM fractography was 
performed on broken samples. 

 

 
Fig. 1 Test specimen prepared for in-situ high-pressure hydrogen SSRT. 
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Results and Discussion 
The results of the tensile tests comparison are given in Table 2. For the X-60 steel, two SSRTs 

were intentionally performed at different crossbar speeds (0.01 and 0.08 mm min-1) to assess the 
effect of the strain rate on the achieved mechanical properties. The stress-strain curves for hydrogen 
and air were also compared in Fig. 2. While the Rp0.2 and Rm stayed almost the same the ductility A 
and reduction of area Z decreased significantly, which corresponds to [11]. Lower crossbar speed 
showed lower values of A and Z, which confirms other findings [12, 13]. 

 
Table 2 Comparison of the stress-strain properties. 

Sample Environment Crossbar speed 
[mm·min-1] 

Rp0,2 

[MPa] 
Rm 

[MPa] 
A 

[%] 
Z 

[%] 
X-52 air - 331 531 36.0 68.4 
X-60 air - 555 659 28.9 72.2 
X-70 air - 523 659 23.7 71.6 

       
X-52 H2, 10 MPa 0.017 323 519 29.0 20.8 

X-60-1 H2, 10 MPa 0.080 557 663 24.3 25.1 
X-60-2 H2, 10 MPa 0.010 549 655 22.0 23.0 
X-70 H2, 10 MPa 0.025 517 660 14.7 13.5 

 

 
Fig. 2 Comparison of the stress-strain curves. 

 
From a visual point of view, all fracture surfaces of specimens tested in air appeared dim with 

minor shear lip. The micromorphology of the fracture surfaces of all samples was formed by the 
mechanism of transcrystalline ductile fracture with dimple morphology, Fig. 3a–c.  
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Fig. 3 Specimen X-52 tested in air: (a) whole fracture surface, (b) visible shear lip, 

(c) trancrystalline ductile dimple fracture. 
 

 
Fig. 4 Specimen X-52 tested in high-pressure hydrogen: (a) whole fracture surface, (b) 45° slope 

of the fracture surface, (c) transcrystalline quasi-cleavage/cleavage fracture. 
 

In all hydrogen-tested specimens, a much smaller reduction of area was instantly visible, Fig. 4a. 
The fracture surfaces were often sloped at an angle of approximately 45°, Fig. 4b. The 
micromorphology of the fracture surfaces was predominantly formed by transcrystalline quasi-
cleavage/cleavage fracture, Fig. 4c. This change of fracture morphology in hydrogen is also common, 
regardless the hydrogen charging method [14, 15]. 

(a) 

(b) 

(c) 

(c) 

(b)

 

(a)
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Conclusion 
Tensile tests in air and slow tensile tests (SSRT) in hydrogen showed practically the same yield 

strength and ultimate tensile strength, but there was a decrease in ductility and a significant decrease 
in reduction of area. SSRTs tested in-situ in a hydrogen autoclave showed earlier fracture than in the 
corresponding specimens tested in air.  

It seems that the additional deformation of the material and its rate during exposure play a crucial 
role. From the graphical comparison of the stress-strain curves, it is evident that the X-60-2 specimen 
(lower deformation rate) fractured earlier than the X-60-1 specimen (higher deformation rate), so it 
can be stated that longer hydrogen diffusion times negatively affect mainly the ductility and reduction 
of area of the sample. From the fractographic analysis, a change in the fracture mechanism was 
observed practically in all specimens. While specimens tested in air show almost exclusively 
transcrystalline ductile fracture, the hydrogen tested specimens show transcrystalline quasi-
cleavage/cleavage mechanism, and the fracture surfaces were also sloped at an angle of 
approximately 45°. The change in fracture mechanism reflects the change in fracture energy caused 
by hydrogen degradation. 
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Abstract. Fatigue damage is one of the key degradation mechanisms affecting the service life and 
reliability of aluminum alloys in a wide range of technical applications. The present study focuses on 
the fracture mechanisms of aluminum alloys under cyclic loading, with a view to the initiation and 
analysis of fatigue crack propagation in the context of the microstructural characteristics of the 
material. Special attention was paid to the influence of grain morphology, distribution and type of 
intermetallic phases, as well as the presence of casting defects on the initiation and development of 
cracks. Fatigue experiments were performed on a selected Al-Mg alloy of the EN AC 51200 type for 
the use of three-point bending loading. The results show that the key factors affecting the fatigue 
behavior are the size and distribution of precipitates, the nature of the interfaces between the phases 
and the occurrence of microcracks initiated mainly in areas of stress concentration. The knowledge 
gained contributes to a deeper understanding of fatigue mechanisms in aluminum alloys and provides 
a basis for their optimization in terms of composition and technological processing in order to increase 
their resistance to fatigue failures.  

Introduction 
Aluminum alloys represent an important group of structural materials that have wide application 

in the automotive, aerospace and mechanical engineering industries, due to their favorable 
combination of low density, good machinability and excellent casting properties. One of them is EN 
AC 51200 (AlMg9), which belongs to the group of Al-Mg alloys doped with silicon. This alloy 
exhibits favorable properties of strength, toughness and corrosion resistance, while its mechanical 
properties can be further modified by heat treatment, especially hardening [1–3].  

Fatigue failure represents a serious engineering problem in the design and operation of metallic 
structures. It occurs as a result of repeated cyclic loading, with fatigue crack initiation occurring at a 
microscopic level, often due to local defects, stress concentrators, or microstructural inhomogeneities. 
The initial crack then grows steadily over a large number of loading cycles until it reaches a critical 
size leading to a sudden and usually brittle failure in the last cycle of the fatigue life [4, 5]. 

A deeper understanding of fatigue mechanisms is crucial for taking into account technical and 
operational factors affecting the fatigue behavior of a material. These factors include, for example, 
the quality of the surface treatment, the presence of residual stresses after technological operations, 
or the influence of the operating environment (e.g. corrosive media). This knowledge is essential for 
reliable analysis of the fatigue life of structural components and for the design of optimized solutions 
with higher resistance to cyclic damage [6].  

Experimental Material 
The commercially available type of aluminum alloy EN AC 51200 was used as the experimental 

material, which was supplied by the respective manufacturer in a cast state (through the continuous 
casting method) without heat treatment in the form of an ingot. The actual chemical composition of 
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this alloy was determined using a SPECTROMAXx spark emission spectrometer and the result is 
shown in Table 1. 

 
Table 1 The chemical composition of EN AC 51200, in wt.%. 

Element Si Mg Mn Fe Cu Ni Cr Pb Al 
Content 1.322 10.352 0.437 0.144 0.004 0.004 0.007 0.029 balance 

Experimental Procedures 
The experimental material was subjected to a comprehensive metallographic analysis. The 

microstructural characteristics were examined using a Neophot 32 optical microscope and a TESCAN 
Vega II LMU scanning electron microscope equipped with a Bruker-Quantax energy-dispersive 
analyzer, after the application of deep etching. The analysis also included a quantitative evaluation of 
the microstructure, which included the percentage determination of the volume fractions of individual 
phases, the calculation of the secondary dendritic arm spacing (SDAS) and the average grain size. 
These parameters were quantified on a Neophot 32 optical microscope equipped with a NIKON 
Coolpix 4500 camera, while the NIS Elements software was used for image processing and analysis. 
The microstructure of the alloy was analyzed in its initial state. 

For experimental purposes, test specimens prepared in the form of simple block samples with 
dimensions of 18 mm x 10 mm x 40 mm (width x height x length) were used. Fatigue tests were 
performed on these samples in the three-point bending mode. Fatigue tests were performed on a high-
frequency fatigue device ZWICK/ROELL Amsler 150 HFP 5100 at a laboratory temperature of 21 °C 
±5 °C. The test was performed under conditions of static pre-stressing force Fstatic = –5.6 kN and 
dynamic load Fdynamic in the interval 4.7 to 5.4 kN. The value of 2x107 cycles was set as a reference 
criterion, where samples that exceeded this limit without failure (so-called run-out) were considered 
to have reached the ultimate fatigue life. The cycling frequency during the tests was approximately 
f = 90 Hz. Based on the experimental data, an S-N curve (Wöhler curve) was constructed, showing 
the relationship between the stress amplitude σa and the number of cycles to failure Nf. 

Fractographic analysis of the failed samples was performed using a TESCAN Vega II LMU 
scanning electron microscope. The aim of this analysis was to identify the micromechanisms of 
fatigue crack initiation, its propagation and to characterize the morphology of the final fracture area. 

Results and Discussion 
The microstructure of the EN AC 51200 aluminum alloy (Fig. 1a) showed a distinct dendritic 

character, formed by a matrix of the α phase (solid solution of alloying elements in aluminum). 
Secondary intermetallic phases were identified in the interdendritic regions, mainly Mg2Si, the β 
phase (Al3Mg2), as well as phases formed by the reaction of additive elements with aluminum (for 
example, the iron phase Al6(FeMn)) [7]. For identification and confirmation of structural components 
was used square analysis (Fig. 1b and Fig. 1c). 

Quantitative phase analysis (Fig. 2a to Fig. 2c) was performed at 1000x magnification on a sample 
etched with a 0.5 % hydrofluoric acid (HF) solution. The results were obtained based on fifteen 
measurements, with the dominant intermetallic phase being the β phase with an average proportion 
of 8.4 %. The Mg2Si phase was present in an amount of 7.1 %, while the Al6(FeMn) phase occurred 
in a minimum amount of 0.92 %. The secondary dendritic arm spacing factor (SDAS) was determined 
by the line method on the matrix area at 100x magnification. The measurement consisted of counting 
the number of secondary dendritic arms intersected by a reference line of 12 cm length. The average 
SDAS value, calculated from fifteen measurements, reached 39 μm. The grain size was evaluated on 
the sample after electrolytic etching using polarized light and 100x magnification (Fig. 2d). The 
calculation was based on the areal content of individual grains, with the resulting average grain size 
value being 57361 μm2, also determined as the average of fifteen measurements. 
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a) b) 

     
c) 

Fig. 1 Microstructure of aluminum alloy EN AC 51200; a) phases in the microstructure, LM; 
b) identification of structural components (a square analysis), SEM; 
c) identification of individual elements (Al, Si, Mg, Fe, Mn), SEM. 

 

  
a) b) 

  
c) d) 

Fig. 2 Quantitative phase analysis and a grain size evaluation of aluminum alloy EN AC 51200, 
LM; a) share of Al3Mg2; b) a share of Mg2Si; c) a share of Al6(FeMn); d) a grain size 

measuring of aluminum alloy EN AC 51200. 
 
Fifteen test specimens with block geometry without stress concentrators (notches) were used for 

cyclic fatigue tests in three-point bending. Based on the measurement results, a Wöhler (S–N) curve 
(Fig. 3) in semilogarithmic coordinates was constructed, which describes the relationship between 
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the stress amplitude σa and the number of cycles Nf to failure. The experimental data were then 
mathematically approximated using the Basquin formula (Equation 1), which is used to describe the 
high-cycle fatigue region of metallic materials. This dependence has the form [8, 9]: 

𝜎𝜎𝑎𝑎 = 𝜎𝜎𝑓𝑓´ × �2 × 𝑁𝑁𝑓𝑓�
𝑏𝑏
 (1) 

where σf´ is fatigue strength coefficient and b is fatigue strength exponent. The parameters σf´ and b 
were determined by the method of least squares (least squares method) based on linear regression in 
log coordinate space, which obtained an approximation of the S–N curve with sufficient accuracy for 
predicting the service life. 
 

 
Fig. 3 Results of fatigue tests for aluminum alloy EN AC 51200. 

 
Experimental results show that the fatigue life of the material increases with decreasing stress 

amplitude. The constructed S–N curve shows a typical decreasing trend (yellow points), while with 
an extended life, its smooth decrease occurs. Samples that did not reach failure within the maximum 
number of cycles (Nf = 2x107) are marked as run-out (green points) and serve as an indication of the 
ultimate fatigue life of the material. The longest achieved fatigue life was shown by the sample loaded 
with the maximum bending stress σo,max = 124 MPa, at which failure occurred only after 
20000072 cycles. 

To investigate the failure mechanism in detail, fracture surfaces of samples with different loading 
stresses and different fatigue lives were analyzed. Macrofractographic analysis allowed to identify 
the initiation sites of fatigue cracks (Fig. 4 and Fig. 5), as well as to distinguish the areas of stable 
fatigue propagation from the area of final (static) fracture. In all cases, crack initiation occurred on 
the surface of the samples, which is typical for high-cycle fatigue. 

At higher stress amplitudes, two initiation sites were observed on opposite sides of the fracture 
surface, while at lower amplitudes, there was mainly one dominant initiation site. The extent of the 
area of stable fatigue propagation of the crack correlates with the stress amplitude – higher amplitudes 
led to a smaller fatigue area and a large area of final static rupture. Conversely, at lower amplitudes, 
the fatigue zone was significantly extended. In cast materials, it is possible to observe the presence 
of microstructural inhomogeneities (e.g. pores, segregations, inclusions), which can serve as initiation 
points of fatigue cracks. However, in this case, it was not possible to clearly determine a specific 
initiation defect from the macrofractographic analysis.  

Microfractographic analysis revealed that fatigue failure of the α-phase matrix occurred by a 
transcrystalline mechanism, which is evidenced by the presence of striations – characteristic features 
of stable fatigue propagation. Intermetallic phases located at grain boundaries or in interdendritic 
regions were preferentially fractured by interfacial (intergranular) fracture. In the region of final static 
failure, transcrystalline ductile fracture with pitting morphology and plastically deformed protrusions, 
typical of ductile matrix failure, dominated. Intermetallic phases in this region also showed signs of 
interfacial failure, which indicates their lower cohesion with respect to the matrix. 
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a) b) 

  
c) d) 

Fig. 4 Fractography surface of aluminum alloy EN EC 51200 after fatigue test at lower cyclic 
loading, SEM; a) a macroscopic view (1 – initiation site, 2 – fatigue area, 3 – area of static final 

failure); b) a fatigue area; c) a detail of the fatigue area; d) an area of static final failure.  
 

  
a) b) 

  
c) d) 

Fig. 5 Fractography surface of aluminum alloy EN EC 51200 after fatigue test at higher cyclic 
loading, SEM; a) a macroscopic view (1 – initiation site, 2 – fatigue area, 3 – area of static final 

failure); b) a fatigue area; c) a detail of the fatigue area; d) an area of static final failure. 
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Conclusions 
Fatigue tests performed on the EN AC 51200 (Al-Mg) aluminum alloy revealed several key 

mechanisms influencing its behavior under cyclic loading. Microstructural analysis showed that the 
dominant phase in the structure was the β phase (Al3Mg2), followed by the intermetallic phase Mg2Si 
and a smaller proportion of the ferrous phase Al6(FeMn). These phases, together with the grain size 
and distribution (average 57361 μm2) and the secondary dendrite arm spacing (SDAS ≈ 39 μm), can 
play a significant role in the initiation and propagation of fatigue cracks. 

Basquin's analysis of the experimental data showed that the fatigue behavior of the alloy can be 
approximated with sufficient accuracy by the Equation 2: 

𝜎𝜎𝑎𝑎 = 157.63 × �2 × 𝑁𝑁𝑓𝑓�
−0.0135

 (2) 

where the coefficient of determination R2 ≈ 0.493 (moderately strong correlation – data dispersion is 
more pronounced, which is common in cast aluminum alloys with the presence of inhomogeneities) 
reflects the influence of microstructural inhomogeneities and variability in the failure mechanism. 
Fractographic analysis showed that fatigue cracks preferentially initiate on the surface of the samples, 
probably often in areas of microdefects or at the interface between the matrix and intermetallic phases. 
Crack propagation is mostly transcrystalline through the α-matrix with observed striations, while 
areas of static fracture showed ductile pitting failure. 

The obtained results indicate the sensitivity of the EN AC 51200 alloy to microstructural 
parameters and support the need to optimize the composition, casting technology and subsequent 
processing in order to improve its fatigue resistance. Identification of the dominant failure 
mechanisms represents an important step in the design of components from this alloy for dynamically 
loaded applications. 
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